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Abstract 

Cold spray is steadily becoming a popular solid-state additive manufacturing (AM) 

and repair technique, referred to as cold spray additive manufacturing (CSAM). It is 

a material deposition technique that utilises the kinetic energy of microparticles to 

form dense deposits layer-by-layer on a target surface. Because of the solid-nature 

of the CSAM process, various components manufactured with CSAM have found 

applications in aero-engines as those components can withstand the extreme 

operating conditions of aero-engines. Since the CSAM process retains the initial 

microstructure of feedstock materials, being also an eco-friendly process, makes it 

a viable option for the deposition of several metals and alloys. Hence, substantially 

reducing environmental footprint and manufacturing cost.  

The recent advancements in new materials development characterise the cutting-

edge high performance of high entropy alloys (HEAs), attracting industrial attention 

for their end-use in critical parts of aero-engines. These alloys are composed of 

multi-principal elements with near or equal atomic proportions and striking 

mechanical properties that surpass those of conventional superalloys. The 

CoCrFeNiMn HEA has been found to possess properties like or that surpass alloys 

employed in manufacturing aero-engine components. The HEA's good strength-

ductility combination, resistance to hydrogen embrittlement, and high fatigue 

resistance make it an alternative alloy for manufacturing components such as the 

integral parts of liquid hydrogen fuel turbopumps. However, very little has been done 

to explore the CSAM of the CoCrFeNiMn HEA. Therefore, this research project aims 

to develop and investigate deposits of the CoCrFeNiMn HEA using the CSAM 

technique, that can find applications for the repair and manufacture of aerospace 
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components, such as restoring the structural integrity of integrally bladed rotors or 

turbine blisks, jet engine fan shaft, thrust chamber, impellers and nozzle guide 

vanes. This study focused on the deposition mechanism of the HEA during the 

CSAM process, the effect of subsequent post-deposition annealing on the 

microstructure and mechanical properties of the deposits, and the residual stress 

formed in the deposits.  

To demonstrate the repair and manufacturing of components made of several 

materials with CSAM of the HEA, the deposition mechanisms of the HEA on 

austenitic stainless steel, titanium alloy, and aluminium and its alloy materials were 

investigated using experimental and numerical techniques. It was found that 

metallurgical bonding and mechanical interlocking mechanisms were responsible 

for the deposition of CoCrFeNiMn HEA particles on the substrates depending on 

the substrate material properties. When particles are sprayed with the CSAM 

process, they travel at supersonic speed, and the particles stick to the targeted 

surface at a particle impact velocity above a certain threshold called critical velocity.  

At the critical velocity, the sprayed particles severely deform at the impact interfaces 

and bond to the substrate and previously deposited particles. The particle bonding 

mechanism is attributed to adiabatic shear instability (ASI). With the concept of ASI, 

the critical velocities of the HEA on the substrates were determined. Consequently, 

the optimum process conditions for the repair and manufacturing of components 

with CSAM of the HEA can be obtained. 

With the determined process conditions, the possible manufacture and or repair of 

aerospace components made of stainless steel with the HEA using the CSAM 

process was demonstrated by spraying thick deposits on the substrate. The 
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deposition mechanism of the HEA during deposit build-up on the stainless steel 

substrate was investigated. The investigation involved the use of advanced 

materials characterisation techniques and numerical analysis. It was found that 

during the deposition of the HEA on the substrate, dynamic recrystallisation (DRX) 

produced by subgrain rotation and ASI are the dominant deposition mechanisms at 

the particle interfaces. These thermomechanical phenomena result in particle 

interfaces characterised by highly misoriented equiaxed ultrafine grains, whereas 

the particle interiors consist of coarse grains with limited deformation. The 

heterogeneous microstructure formed in the CSAM deposit can contribute to a good 

strength-ductility combination of the HEA. Nevertheless, porous microstructures 

were obtained in the deposits, hence post-deposition annealing treatments were 

performed to improve the microstructure of the deposits. The post-deposition 

annealing treatment resulted in the consolidation of the deposit and increased 

metallurgically bonded areas, leading to enhanced mechanical properties. Also, the 

annealing treatment thus changed the failure behaviour of the as-sprayed deposit 

from mostly particle-particle interface failure to ductile failure. Interestingly, it was 

found that the deposit annealed at 600 °C exhibited partially recrystallised 

microstructure with a small volume fraction of the Cr-rich phase formed at grain 

boundaries of the sprayed particles. It was argued that this distinct microstructure 

can contribute to improved strength without loss of ductility of the deposited HEA.  

For the repaired or manufactured parts, it is important to measure and understand 

the residual stress formed in the part during the CSAM of the HEA. The residual 

stress of the deposited HEA on the stainless steel 304 substrate sample was studied 

using the contour method of stress measurements and numerical analysis. Tensile 
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and compressive residual stresses were formed in the HEA deposit and substrate 

sample. The formation of these residual stresses was based on two dominant 

mechanisms: temperature gradient and thermal mismatch after the cool-down 

stage. These mechanisms were dominant over the compressive peening effects 

typical of the CSAM process. Because of the thermal impacts that arose from the 

spraying parameters that were employed for the CSAM deposition of the HEA, 

tensile residual stress was formed in the sample. Consequently, the tensile stress 

formed in the deposit would compromise the structural integrity of the manufactured 

or repaired parts, which can result in early components failing in service. Hence 

there is a need for optimisation of the CSAM of the HEA process conditions for 

restoring the structural integrity of repaired parts and obtaining required structural 

properties of the manufactured parts. The results obtained in this study shed light 

on the effect of process conditions on the residual stress formation mechanisms 

during CSAM.  

  



v 
 

 

Acknowledgements 

 

“By the grace of God, I am what I am, and His grace toward me was not in vain… 

1 Corinthians 15:10” 

I would like to first express my sincere gratitude to my primary supervisor, Professor 

Tanvir Hussain, and my co-supervisors Professor Chris Bennett and Dr Federico 

Venturi. Professor Tanvir Hussain was not only concerned with the research project 

but also with my mental and financial well-being. Thanks to Professor Chris Bennett 

for his thoroughness of the research work, and Dr Federico for his support and 

guidance. I learnt to be thorough also, critical of ideas and analytical in my 

investigations. I would also like to thank Mr John Kirk for his support in running the 

cold spray lab. My gratitude extends to the technicians at the Wolfson building and 

the nano-and microscale research centre (nmRC) for their support. Also, thank you 

to all team members at the Centre of Excellence for Coatings and Surface 

Engineering who made my research study at the university a memorable one. 

A special thank you to my lovely wife, Godswill Akisin, who withers the storm with 

me and was here through tough times. Thank you, Godswill (my Emerald) for your 

understanding, love, and prayers. We have been blessed with two beautiful 

daughters: Tinaya and Adriel, during this research. Thank you, Tinaya, for your hugs 

when I arrived home stressed, and that always changed everything. Adriel, thank 

you for always touching my head and kissing me while writing. My gratitude extends 

also to my friends and family, and the RHN (Rehoboth House, Nottingham) 

community for your prayers and support. 



vi 
 

I gratefully acknowledge financial support from the University of Nottingham through 

the Faculty of Engineering award scheme for international research students for this 

PhD. I also acknowledge the financial sponsorship of the Petroleum Technology 

Development Fund (PTDF), Nigeria, for this PhD. 

  



vii 
 

Journal Publications 

• Akisin, C.J., Bennett, C.J., Venturi, F., Assadi, H. and Hussain, T., 2022. 

Numerical and experimental analysis of the deformation behaviour of 

CoCrFeNiMn high entropy alloy particles onto various substrates during cold 

spraying. Journal of Thermal Spray Technology, 31(4), pp.1085-1111.  

• Akisin, C.J., Dovgyy, B., Bennett, C.J., Pham, M.S., Venturi, F. and Hussain, 

T., 2023. Microstructural Study of Cold-Sprayed CoCrFeNiMn High Entropy 

Alloy. Journal of Thermal Spray Technology, pp.1-24.  

• Akisin, C.J., Bennett, C.J., Venturi, F. and Hussain, T., Influence of annealing 

treatment on the microstructure and mechanical properties of cold-sprayed 

CoCrFeNiMn high entropy alloy. Journal of Thermal Spray Technology, 

(Under review) 

• Akisin, C.J., Bennett, C.J., and Hussain, T., Measurement, and numerical 

modelling of residual stress build-up in CoCrFeNiMn high entropy alloy 

deposit during cold spray additive manufacturing. (In preparation) 

Journal publication on the research area but not included in this thesis: 

• Akisin, C.J., Venturi, F., Bai, M., Bennett, C.J. and Hussain, T., 2021. 

Microstructure, mechanical and wear resistance properties of low-pressure 

cold-sprayed Al-7Mg/Al2O3 and Al-10Mg/Al2O3 composite coatings. 

Emergent Materials, pp.1-13.  



viii 
 

Conference 

• Cletus J. Akisin, Chris J. Bennett, Federico Venturi, & Tanvir Hussain; May 

22–25, 2023. "Effect of Heat-Treatment on the Microstructure and 

Mechanical Properties of CoCrFeNiMn High Entropy Alloy Additively 

Manufactured via Cold Spray." Proceedings from the International Thermal 

Spray Conference (ITSC), 2023. Québec City, Canada. (pp. 400-407). ASM 

International. 

  



ix 
 

Table of Contents 

1 Introduction .................................................................................................... 1 

1.1 Additive manufacturing for aerospace & space ......................................... 1 

1.2 Applications of CSAM in the aerospace sector ......................................... 7 

1.3 High entropy alloys for aerospace ........................................................... 10 

1.4 Aim and objectives of the research ......................................................... 13 

1.5 Thesis structure ....................................................................................... 14 

2 Literature review .......................................................................................... 18 

2.1 Introduction to metal additive manufacturing ........................................... 18 

2.2 Cold spray additive manufacturing .......................................................... 21 

2.2.1 The CSAM process ........................................................................... 21 

2.2.2 Advantages and limitations of CSAM ................................................ 25 

2.2.3 Spraying parameters for CSAM ........................................................ 28 

2.3 Gas and particle dynamics in CSAM ....................................................... 33 

2.3.1 Governing equations for the analytical models ................................. 37 

2.3.2 Computational modelling .................................................................. 40 

2.3.3 Effect of spraying conditions on particle velocity and temperature ... 45 

2.4 Deposition mechanisms in CSAM ........................................................... 49 

2.4.1 Bonding mechanisms ....................................................................... 49 

2.4.2 Critical velocity .................................................................................. 53 

2.4.3 Window of deposition ........................................................................ 58 

2.5 Dynamic recrystallisation ......................................................................... 61 

2.5.1 Deposit build-up during CSAM deposition ........................................ 61 

2.5.2 Dynamic recrystallisation in CSAM ................................................... 62 



x 
 

2.5.3 Influence of microstructure formed in CSAM on the local 

nanohardness of the deposits ........................................................................ 67 

2.6 Numerical modelling of particle depositions in CSAM ............................. 71 

2.6.1 Overview of modelling methods ........................................................ 73 

2.6.2 Material models ................................................................................ 74 

2.6.3 Critical discussion on the modelling of particle depositions in CSAM 76 

2.7 Residual stresses in CSAM deposits....................................................... 96 

2.7.1 Experimental measurement techniques ............................................ 98 

2.7.2 Critical discussion on residual stress of CSAM deposits .................. 99 

2.7.3 Critical discussion on numerical modelling of residual stress in CSAM 

deposits ....................................................................................................... 103 

2.8 CoCrFeNiMn high entropy alloy ............................................................ 107 

2.8.1 Introduction to high entropy alloy .................................................... 107 

2.8.2 The core effects .............................................................................. 111 

2.8.3 CoCrFeNiMn HEA .......................................................................... 113 

2.8.4 Plastic deformation of CoCrFeNiMn HEA ....................................... 115 

2.8.5 Phase decomposition of the CoCrFeNiMn HEA ............................. 119 

2.9 CSAM of CoCrFeNiMn HEA .................................................................. 122 

2.9.1 Deposition mechanism and deposit microstructure ........................ 122 

2.9.2 Deposit properties ........................................................................... 127 

2.9.3 Post-deposition annealing treatment .............................................. 130 

2.10 Summary and gaps in the literature ................................................... 133 

2.10.1 Summary ..................................................................................... 133 

2.10.2 Gaps in the Literature .................................................................. 135 

3 Experimental Methods .............................................................................. 137 

3.1 Materials ................................................................................................ 137 



xi 
 

3.2 CSAM deposition .................................................................................. 138 

3.3 Sample preparation ............................................................................... 141 

3.4 Particle size measurement .................................................................... 142 

3.5 Microstructural characterisation ............................................................ 143 

3.5.1 Scanning electron microscopy ........................................................ 143 

3.5.2 Electron backscattered diffraction ................................................... 144 

3.5.3 X-ray diffraction ............................................................................... 149 

3.6 Porosity and thickness measurements .................................................. 149 

3.6.1 Porosity ........................................................................................... 149 

3.6.2 Thickness ....................................................................................... 151 

3.7 Mechanical properties ........................................................................... 152 

3.7.1 Nanohardness testing ..................................................................... 152 

3.7.2 Microhardness testing ..................................................................... 154 

3.7.3 Tensile testing................................................................................. 155 

3.8 Residual stress measurement ............................................................... 158 

4 Numerical modelling methods ................................................................. 163 

4.1 Computational fluid dynamics ............................................................... 164 

4.2 Particle impact deformation modelling................................................... 173 

4.2.1 Single-particle impact ..................................................................... 173 

4.2.2 Multi-particle impact ........................................................................ 177 

4.2.3 Material model ................................................................................ 179 

4.3 Residual stress modelling ..................................................................... 181 

4.3.1 Introduction ..................................................................................... 181 

4.3.2 Modelling layer-by-layer material deposition ................................... 183 

4.3.3 Thermal analysis ............................................................................. 186 

4.3.4 Stress (or mechanical) analysis ...................................................... 190 



xii 
 

4.3.5 Material properties .......................................................................... 195 

5 Experimental and numerical analysis of the deformation behaviour of 

CoCrFeNiMn HEA particles onto various substrates during CSAM ............ 198 

5.1 Materials and experimental methods..................................................... 202 

5.1.1 Materials ......................................................................................... 202 

5.1.2 CSAM deposition ............................................................................ 203 

5.1.3 Sample preparation ........................................................................ 205 

5.1.4 Hardness measurement ................................................................. 205 

5.2 Numerical modelling methods ............................................................... 205 

5.3 Experimental results of the CoCrFeNiMn HEA particle impact on various 

substrates ....................................................................................................... 206 

5.3.1 Impact morphology of the HEA particles on hard substrates .......... 209 

5.3.2 Impact morphology of the HEA particles on soft substrates ........... 216 

5.4 Assessment and selection of CoCrFeNiMn HEA Johnson-Cook material 

model data ...................................................................................................... 220 

5.5 Numerical analysis of the HEA particle deformation behaviour on various 

substrates ....................................................................................................... 230 

5.5.1 Deformation behaviour of the HEA particle on hard substrates ...... 230 

5.5.2 Deformation behaviour of the HEA particle on soft substrates ....... 234 

5.6 Discussion ............................................................................................. 240 

5.6.1 Impact phenomena of the HEA particles on hard substrates .......... 240 

5.6.2 Impact phenomena of the HEA particles on soft substrates ........... 246 

5.7 Conclusions ........................................................................................... 250 

6 Microstructural study of CoCrFeNiMn HEA deposit manufactured using 

CSAM ................................................................................................................. 254 

6.1 Introduction ........................................................................................... 254 



xiii 
 

6.2 Experimental methods ........................................................................... 256 

6.2.1 Materials ......................................................................................... 256 

6.2.2 CSAM deposition ............................................................................ 256 

6.2.3 Materials characterisation ............................................................... 257 

6.3 Numerical modelling .............................................................................. 259 

6.4 Results .................................................................................................. 261 

6.4.1 Powder microstructures .................................................................. 261 

6.4.2 Porosity and inter-particle bonding ................................................. 263 

6.4.3 Deposit microstructures .................................................................. 266 

6.4.4 Nanohardness evaluation ............................................................... 285 

6.4.5 Microhardness evaluation ............................................................... 287 

6.5 Discussion ............................................................................................. 290 

6.5.1 Microstructure evolution .................................................................. 290 

6.5.2 Mechanical properties ..................................................................... 295 

6.6 Conclusions ........................................................................................... 297 

7 Influence of annealing treatment on the microstructure and mechanical 

properties of CoCrFeNiMn deposits manufactured by CSAM ...................... 299 

7.1 Introduction ........................................................................................... 299 

7.2 Experimental methods ........................................................................... 300 

7.2.1 Materials and deposit heat treatment .............................................. 300 

7.2.2 Sample preparation and characterisation ....................................... 301 

7.2.3 Equilibrium phase calculations ....................................................... 303 

7.2.4 Mechanical properties evaluation ................................................... 303 

7.3 Results .................................................................................................. 304 

7.3.1 Deposit consolidation and porosity ................................................. 304 

7.3.2 Microstructure changes after annealing treatment .......................... 306 



xiv 
 

7.3.3 EBSD analysis ................................................................................ 316 

7.3.4 Mechanical properties ..................................................................... 323 

7.4 Discussion ............................................................................................. 329 

7.4.1 Effect of annealing on porosity of the HEA deposits ....................... 329 

7.4.2 Effect of annealing on phase transformation and microstructure 

changes ....................................................................................................... 331 

7.4.3 Influence of deposit microstructures on mechanical performances 334 

7.4.4 Mechanistic understanding of the Cr-rich phase strengthening effect 

on the annealed HEA deposit ...................................................................... 336 

7.5 Conclusions ........................................................................................... 339 

8 Measurement and numerical modelling of residual stress formed in CSAM 

CoCrFeNiMn HEA deposit ............................................................................... 341 

8.1 Introduction ........................................................................................... 341 

8.2 CSAM HEA depositions ........................................................................ 344 

8.3 Residual stress measurement ............................................................... 345 

8.4 Numerical modelling of residual stress .................................................. 347 

8.5 Results .................................................................................................. 349 

8.5.1 Deposit microstructure .................................................................... 349 

8.5.2 Measured residual stress and validation of the numerical analysis 352 

8.5.3 Finite element analysis of the in-situ stress evolutions during the 

CSAM of the HEA ........................................................................................ 358 

8.6 Discussion ............................................................................................. 364 

8.6.1 Residual stress formation mechanism during the CSAM of 

CoCrFeNiMn HEA ....................................................................................... 365 

8.6.2 The effect of the spraying conditions on the residual stress formed in 

the CSAM HEA ............................................................................................ 368 

8.7 Conclusions ........................................................................................... 371 



xv 
 

9 General conclusions and contributions to knowledge .......................... 373 

9.1 General conclusions .............................................................................. 373 

9.2 Contributions to knowledge ................................................................... 378 

10 Future work ............................................................................................. 380 

10.1 Development of pore-free deposits of HEA with CSAM ..................... 380 

10.2 Deposit characterisation and annealing treatment ............................. 382 

  



xvi 
 

List of Figures 

Figure 1.1: 2017 Global AM market share by sector or industry [10]. A&D annotate 

the aerospace and defence sector. .............................................................. 3 

Figure 1.2: AM-built component for the aerospace sector: (a) General Electric LEAP 

fuel nozzle (b) Test fire of AM-built SuperDraco by SpaceX and (c) 

SuperDraco by SpaceX [4]. ......................................................................... 4 

Figure 1.3: Deployment of various AM technologies for repair and manufacturing in 

the aerospace sector [12]. ........................................................................... 6 

Figure 1.4: Digital photographs of CSAM: (a) turbojet aircraft engine fan shaft made 

of Ti6Al4V (Impact Innovation, Germany) [25], (b) bimetallic lightweight thrust 

chamber (NASA, USA) [26], and (c) copper flange [30,31]. ......................... 8 

Figure 1.5: CSAM for repair and restoration of damaged components: (a) Z341 

magnesium alloy gearbox housing repair [32], (b) steps involved in the 

restoration of damaged parts [31],(c) dimensional restoration of an iron 

engine block [32], (d) repair of an S-92 helicopter gearbox sump, (e) repair 

of an oil tube bore in CH47 helicopter accessory cover, and (f) addition of 

features to a component [31]. .................................................................... 10 

Figure 1.6: Number of publications on AM of HEAs year-wise over the last two 

decades. Note that the data was obtained from Web of Science using the 

keywords: “additive manufacturing” and “high entropy alloys”. In addition, 

other variants or keywords of high entropy alloys, such as high-entropy 

alloys, were included.................................................................................. 12 

Figure 2.1: Schematics of (a) high-pressure cold spray (HPCS) system and (b) low-

pressure cold spray (LPCS) system [31]. ................................................... 24 

Figure 2.2: Schematic layout of CSAM spraying parameters [31]. ....................... 29 

Figure 2.3: Effect of powder feed rates of different materials on average particle 

impact velocity during CSAM [102]. ........................................................... 32 



xvii 
 

Figure 2.4: Effect of nozzle transverse on CSAM Stellite 21 deposit microstructure 

and thickness [103]. ................................................................................... 32 

Figure 2.5: Schematics of converging-diverging nozzles (a) and (b) shows a 

diagram illustrating the changes in gas pressure (P), temperature (T), and 

velocity (V) corresponding to the Mach number, M [105,106]. The nozzle inlet 

di, throat dt, and exit diameter are shown in the schematic diagram. ........ 34 

Figure 2.6: Illustration of supersonic impingement zone at substrate surface during 

CSAM, showing bow shock [92]. ............................................................... 35 

Figure 2.7: (a) and (b) show the comparison between the experimental Schlieren 

photograph and CFD results used to capture the impinging jet outside the 

nozzle during CSAM [109]. A comparison of the average particle velocity at 

the nozzle exit measured experimentally and calculated using the CFD model 

is shown in (c) [74]. .................................................................................... 37 

Figure 2.8: CFD modelling results of gas velocity and in-flight particle velocity with 

different particle sizes: (a) N2 gas and (b) He gas [122]. (c) shows the 

modelling result of particle velocity as a function of gas type, gas stagnation 

pressure, and temperature [123], and (d) shows the particle velocities as a 

function of gas type for different powder materials [124]............................ 46 

Figure 2.9: Pressure generated during particle impact in (a) CSAM deposition and 

(b) metal jetting formed [57]. An SEM micrograph showing the metal jet 

morphology of a Cu particle on a Cu substrate [56]. .................................. 51 

Figure 2.10: Schematic illustration of the deposition process during CSAM: breaking 

and extrusion of surface oxide films and metal jet formation [135]. ........... 52 

Figure 2.11: Comparison of the critical velocities of several materials using 

Equations (2.19) and (2.20) and experimental impact tests [57]. ............... 55 

Figure 2.12: Minimum particle size required for ASI or bonding of several materials 

during CSAM using the empirical Equation (2.21) [57]. ............................. 56 



xviii 
 

Figure 2.13: Optimised particle size distribution using particle velocity and critical 

velocity over particle size [57]. ................................................................... 56 

Figure 2.14: Window of deposition showing deposition efficiency and impact effects 

at a specific impact temperature for CSAM [91]. ........................................ 59 

Figure 2.15: Stages of powder consolidation and or deposit build-up during the 

CSAM process [22]. ................................................................................... 62 

Figure 2.16: (a) Side view and corresponding cross-sectional view of SEM 

micrograph of a single titanium splat on a substrate. The metal jet is indicated 

by the white arrow. (b) shows the schematic evolution of grain refinement via 

DRX: (i) particle is sprayed onto a substrate, (ii) dislocation entanglement, 

(iii) formation of cell structures and subgrains, and re-elongation, and (iv) 

breaking-up, rotation, and recrystallisation of subgrains by thermal softening 

effects, which can be sufficient to trigger viscous flow and hence metal jetting 

[138]. .......................................................................................................... 64 

Figure 2.17: EBSD characterisation of cross-sectioned CSAM-deposited Ni 

particles: (a) Euler angle map and (b) image pattern quality map of the same 

area as in (a) [137]. .................................................................................... 66 

Figure 2.18: Schematic illustration of the proposed mechanism of dynamic 

recrystallisation in Ni particles during CSAM: (a) uniform microstructure with 

low dislocation density before deposition; (b) dislocation propagation and 

progressive lattice rotation upon impact; (c) dislocation accumulation and 

formation of elongated subgrains to accommodate deformation; (d) 

elongated subgrains subdivided into equiaxed subgrains and rotated to 

accommodate further deformation; (e) formation of highly misoriented and 

equiaxed grains [137]................................................................................. 66 

Figure 2.19: Effect of the microstructure formed in CSAM-deposited Al alloy on 

nanohardness variations: (a) optical micrograph showing a square array of 

nanoindentations on CSAM-deposited Al 6061; (b) nanohardness obtained 

from the CSAM-deposited Al 6061 from the particle interior and interface 

regions [150]; (c) optical micrograph showing a square array of 



xix 
 

nanoindentations on the CSAM-deposited Al 7075, with the corresponding 

contour map of the nanohardness value vs. position within the deposit (d). 

The image quality map with circles indicates regions of high local hardness 

(in GPa), mainly in the interfacial regions [151]. ........................................ 69 

Figure 2.20: EBSD characterisation of cross-sectioned CSAM deposits after 

nanoindentation: (a)–(c) Ni, and (d)–(f) Cu. The circles indicate local 

nanohardness in GPa [153]. ...................................................................... 70 

Figure 2.21: Comparison between impact experiment and numerical simulation of a 

20-mm copper ball on a steel substrate [57,130]. ...................................... 72 

Figure 2.22: Calculated temporal evolution of (a) plastic strain and (b) temperature 

at the critical node of a sprayed Cu particle on a Cu substrate at different 

impact velocities [56].................................................................................. 78 

Figure 2.23: FE simulations of particle impacts in CSAM, showing the temporal 

evolution as materials deform: (a) 4.4 ns; (b) 13.2 ns; (c) 22.0 ns and (d) 30.8 

ns [133]. ..................................................................................................... 79 

Figure 2.24: Temporal evolution of (a) plastic strain, (b) temperature, and (c) flow 

stress in a key element at the Cu particle interface during impact with a Cu 

substrate at different velocities [133].......................................................... 80 

Figure 2.25: Temporal evolution of Cu particles of different sizes at different particle 

impact velocities [57].................................................................................. 82 

Figure 2.26: Window of deposition for CSAM of Ti with N2 at 4.0 MPa and at different 

gas stagnation temperatures. The critical velocity which initiates ASI is 

reduced at higher gas temperatures; hence, the region of deposition in the 

figure [130,184]. ......................................................................................... 83 

Figure 2.27: Schematic illustration of the thermal boost-up zone (TBZ) during CSAM 

bonding [131]. ............................................................................................ 85 

Figure 2.28: Deformation patterns of four different cases of particle impact on 

substrates: (a) soft/soft (Al/Al at 775 m/s), (b) hard/hard (Ti/Ti at 865 m/s), (c) 



xx 
 

soft/hard (Al/mild steel at 365 m/s), and (d) hard/soft (Ti/Al at 655 m/s) [131].

 ................................................................................................................... 87 

Figure 2.29: Temporal evolution of the interface temperature and flow stress of (a) 

Al/Al, (b) Ti/Ti, (c) Al/mild steel, and (d) Ti/Al at critical velocities of 775, 865, 

365, and 665 m/s, respectively [131]. ........................................................ 87 

Figure 2.30: Flattening ratio of particle impacts during CSAM: (a) evaluation of the 

flattening ratio of a particle impact on a rigid surface, obtained using FEM 

[125]; (b) calculated flattening ratios of 20 mm Cu and Al particles as a 

function of particle velocity [125], and (c) effect of particle impact velocity on 

flattening ratio of deformed Cu particles modelled using the Lagrangian 

approach and compared with experimentally measured values [186]. ...... 89 

Figure 2.31: Lagrangian-based FE simulation of Ti particles on mild steel substrates 

showing deformation patterns and temperature profiles under different 

process conditions: (a) C1—650 m/s and 298 K, (b) C2—650 m/s and 873 

K, and (c) C3—950 m/s and 298 K [192]. .................................................. 92 

Figure 2.32: Temporal development of (a) plastic strain and (b) temperature of 

severely deformed Ti particles on mild steel substrates under different impact 

conditions. The field variables were selected from the marked region in 

Figure 2.31 [192]. ....................................................................................... 92 

Figure 2.33: CEL method for evaluating porosity under different impact conditions: 

(a) cross-sectional view of the deposit modelled using the CEL method; (b) 

comparisons of the experimental and numerical results of deposit porosity 

vs. particle velocity, and (c) plot of the independent effect of particle velocity 

and temperature on deposit porosity [193]. ................................................ 95 

Figure 2.34: Schematic representation of residual stress distribution with the 

deposit-substrate system for CSAM [206]. ................................................. 97 

Figure 2.35: Measured residual stress (symbols) and fitted (lines) of through-

thickness stress profiles of (a) Cu/Cu, (b) Cu/Al, (c) Al/Cu, and (d) Al/Al 

samples  [219]. ........................................................................................ 100 



xxi 
 

Figure 2.36: Measured residual stress using the neutron diffraction and contour 

method and analytically predicted through-thickness stress profile of CSAM 

Ti6Al4V deposit on Ti6Al4V substrate [85]. .............................................. 102 

Figure 2.37: Measured and FE temperature history during cold spraying of Cu, Cu, 

and steel. For the measured thermal histories, (a) shows an overview of the 

deposition of five layers and (b) a close-up view of the first-layer deposition. 

(c) and (d) shows a comparison of the measured and FEA thermal histories 

of steel substrates before and after CSAM [231]. .................................... 106 

Figure 2.38: Random solid-solution alloys divided by their entropy of mixing [238].

 ................................................................................................................. 108 

Figure 2.39: Number of elements as the entropy of mixing increases in solid solution 

equimolar alloys [238]. ............................................................................. 109 

Figure 2.40: Ashby plot of fracture toughness versus yield strength of common 

structural materials. HEAs exhibit an outstanding combination of damage-

tolerant mechanical properties compared with other materials [41]. ........ 110 

Figure 2.41: Schematic illustration of lattice distortion in a bcc crystal structure, as 

atoms of different sizes are randomly distributed in the crystal lattice [245].

 ................................................................................................................. 112 

Figure 2.42: EBSD inverse pole figure (IPF) map (a,e), kernel average 

misorientation (KAM) map (b,f), image quality (IQ) (c,g), and phase 

distribution (d,h, i) maps of the high-pressure torsion processed CoCrFeNiMn 

HEA at room temperature (a-d) and cryogenic temperature (e-i). High-angle 

grain and twin boundaries are shown in the maps [259]. ......................... 117 

Figure 2.43: STEM and EDX analyses of an FIB lamella extracted from the 

CoCrFeNiMn HEA after annealing at 500 °C for 500 days. (a) TEM contrast 

image reveals the presence of several precipitates at the grain boundaries of 

the HEA matrix. (b) EDX maps superimposed on the image in (a) show the 

distinct compositions of the phases. (c) Microstructure of the HEA after 500-

day anneal at 700 °C showing enrichment of Cr-rich precipitates, depletion 



xxii 
 

of other elements, and slight enrichment of Ni and Mn along the grain 

boundary [239]. ........................................................................................ 120 

Figure 2.44: CSAM CoCrFeNiMn HEA deposit: (a) top surface micrograph, (b) 

cross-sectional view of a hard HEA particle embedded into a soft Al alloy 

substrate, and (c) cross-sectional image of the deposit microstructure. The 

EBSD inverse pole figure (IPF) maps of (e) a single HEA particle impact and 

(d) CSAM HEA deposit [40]. .................................................................... 123 

Figure 2.45: The powder particle microstructure affects the impact morphology of 

CoCrFeNiMn HEA particles upon impact on Ni substrates (a) and (b) and 

In625 substrates (c) and (d). The figure shows the electron channelling 

contrast imaging (ECCI) and EBSD maps [63]. ....................................... 125 

Figure 2.46: Deformation morphology of single-particle impacts of CoCrFeNiMn 

HEA on different substrates: (a1-a3) Ni, (b1-b3) stainless steel 304, and (c1-

c3) In625. Smaller particles (a3-c3) were observed to penetrate the 

substrates more than larger particles [63]. ............................................... 126 

Figure 2.47: Schematic illustration of the deformation mechanism and redistribution 

process of Ni and Mn during CSAM. (a) Ni and Mn segregated in 

interdendritic regions in the as-received powder; (b) as particles deformed, 

LAGBs became HAGBs, (c) lamellar grains subsequently formed, and (d) 

equiaxed nanograins were formed under extreme deformation. Meanwhile, 

Ni and Mn diffused along the grain boundaries which then uniformly diffused 

into nanograins (e) and (f). ....................................................................... 127 

Figure 2.48: EBSD maps of CSAM CoCrFeNiMn deposits before and after 

annealing: (a)–(d) as-deposited, (e)–(h) annealed at 650 °C, and (i)–(l) 

annealed at 1150 °C The inverse pole figure (IPF), image quality (IQ), kernel 

average misorientation (KAM) maps, and grain-size distributions are shown 

in Figure [129]. ......................................................................................... 131 

Figure 3.1: Schematic illustration of the set-up of the CSAM rig used in this thesis.

 ................................................................................................................. 139 



xxiii 
 

Figure 3.2: Schematic of the nozzle and its dimensions (not sketched to scale) used 

in this thesis. The symbol Ø denote diameter. ......................................... 140 

Figure 3.3: Photographs of the CSAM booth at the University of Nottingham, 

showing the different components or set-up. ........................................... 140 

Figure 3.4: A schematic representation of an EBSD system layout. .................. 146 

Figure 3.5: An example of an EBSD scan showing (a) an IPF micrograph and (b) 

the misorientation angle of the grains within the analysed region for a 

deposited HEA feedstock using the CSAM process. ............................... 148 

Figure 3.6: An example of a (a) BSE image and the (b) corresponding 255-pixel 

image showing the bright (deposited material) and dark phase (pores) using 

the ImageJ image analysis technique. ..................................................... 151 

Figure 3.7: Schematic illustration showing the locations in the deposit for 

nanohardness measurements. ................................................................ 153 

Figure 3.8: Schematic representation of the location in the deposit where 

microhardness measurement was performed. ......................................... 155 

Figure 3.9: Schematic illustration of the deposited layers where tensile test samples 

were extracted from, showing the sample orientation with respect to the 

impact or build direction. The interface may contain materials from the 

substrate mixed with the layer for the tensile test sample. ....................... 156 

Figure 3.10: Schematic representation of the microflat dogbone-shaped samples 

used for the tensile testing. ...................................................................... 158 

Figure 3.11: A schematic illustration of the contour method, providing the stages of 

measuring and analysing residual stress. The dotted straight lines indicate 

the cutting plane through the sample, while the dotted curve lines indicate 

residual stress relaxation after the cut. .................................................... 159 

Figure 3.12: An example of a two-dimensional residual stress map obtained using 

the contour method for a titanium hollow cylinder wall. The cylinder was 

manufactured using the CSAM process. The figure shows stress distribution 



xxiv 
 

in the circumferential direction of the cylinder wall, along with optical 

micrographs of the cylinder wall microstructure [211]. ............................. 160 

Figure 4.1: A schematic of the CFD computational domain. .............................. 166 

Figure 4.2: The figure shows the meshed CFD model and the refined mesh region, 

close to the nozzle exit to capture variations in the flow behaviour such as 

shock waves. ........................................................................................... 168 

Figure 4.3: Centre contour map of the gas velocity magnitude and static temperature 

of N2 gas flowing through the nozzle to the exit of the nozzle. The contour 

also shows the shock wave (or shock diamonds) at the nozzle exit. ....... 172 

Figure 4.4: Schematic representation of Abaqus single-particle impact FE model.

 ................................................................................................................. 174 

Figure 4.5: Meshed domain of the particle on the substrate. only the impact region 

of the substrate is presented. ................................................................... 175 

Figure 4.6: Mesh convergence study for a HEA particle on stainless steel 304 

substrate at 700 m/s. A mesh size of 0.375 μm was selected for further 

simulation. ................................................................................................ 176 

Figure 4.7: Schematic illustration of the multi-particle FEA model domain. The 

number of particles depicted is for illustrative purposes as it does not 

represent the actual number of particles employed. ................................ 178 

Figure 4.8: The multi-particle FEA model showing the meshed particle and the 

impact region in the substrate. Images were taken from the central region of 

the model domain. ................................................................................... 179 

Figure 4.9: Schematic of nozzle movement for the deposition of a layer on the 

substrate during the CSAM of the deposit. .............................................. 185 

Figure 4.10: Meshed FEM for the sequentially coupled thermo-mechanical model, 

showing the substrate and deposit layers stack upon one another, using a 

"tie-constraint”. Half the model dimension is shown here. ....................... 185 



xxv 
 

Figure 4.11: Example of the thermal history of a ribbon of a layer being deposited 

on the substrate. Heat is dissipated during the deposition process, the colder 

region becomes hotter as the nozzle moves past the substrate. ............. 189 

Figure 4.12: Mesh sensitivity study results showing the temperature history of a 

node at the centre of the substrate surface. The mesh size of 0.25 mm was 

employed for the thermo-mechanical FE model. ..................................... 190 

Figure 4.13: (a) shows the image of the CSAM sample holder, showing the 

mechanical constraint provided by the sample holder, and (b) shows a 

schematic illustration of the mechanical boundary conditions applied to the 

stress FEM. .............................................................................................. 193 

Figure 4.14: Shows an example of the stress evolutions during the CSAM process 

of a ribbon of the deposit on the substrate. Tensile stress was formed in the 

deposit whereas compressive in the substrate during the CSAM process. 

With time the area of maximum compressive and tensile zones changes.

 ................................................................................................................. 194 

Figure 4.15: Temperature-dependent thermo-mechanical material properties for 

CoCrFeNiMn HEA (a) thermal conductivity, k and specific heat capacity, Cp, 

(b) Thermal expansion coefficient, α and Elastic modulus, E (c) Yield 

strength, σ [42,290,291]. .......................................................................... 196 

Figure 4.16:Temperature-dependent thermo-mechanical material properties for 

austenitic stainless steel 304L (a) thermal conductivity, k and specific heat 

capacity, Cp, (b) Thermal expansion coefficient, α and Elastic modulus, E (c) 

Yield strength, σ [292,293]. ...................................................................... 197 

Figure 5.1: (a) SEM image of powder particles with mostly spherical morphology; 

(b) magnified BSE image of a single HEA particle showing dendritic structure; 

and (c) the particle size distribution measured by laser diffractometry. ... 207 

Figure 5.2: XRD profile of the CoCrFeNiMn HEA powder showing a single-phase 

FCC structure. ......................................................................................... 208 



xxvi 
 

Figure 5.3: Low magnification top surface SEM images of the swipe test samples of 

deposited CoCrFeNiMn HEA particles on SS304 (a, c, e) and Ti64 (b, d, f) 

substrates at spray conditions Run 1 (a, b), Run 2 (c, d) and Run 3 (e, f).

 ................................................................................................................. 211 

Figure 5.4: Close-up views of the top surface SE images of the CoCrFeNiMn HEA 

single-particle impact on SS304 (a, c, e) and Ti64 (b, d, f) substrates at spray 

conditions Run 1 (a, b), Run 2 (c, d) and Run 3 (e, f). ............................. 213 

Figure 5.5: BSE cross-sectional images of the CoCrFeNiMn HEA impact 

morphology on SS304 (a, c) and Ti64 (b, d) substrates at spray conditions 

Run 2 (a, b) and Run 3 (c, d). Insert (e) shows a larger HEA particle that has 

deformed more than the Ti64 substrate, the same as observed on the SS304 

substrate in (c). ........................................................................................ 214 

Figure 5.6: Low magnification top surface SEM images of the wipe test samples of 

sprayed CoCrFeNiMn HEA particles on CP Al (a, c, e) and Al6082 (b, d, f) 

substrates at spray conditions Run 1 (a, b), Run 2 (c, d) and Run 3 (e, f).

 ................................................................................................................. 217 

Figure 5.7: Close-up view of the top surface SEM images of sprayed CoCrFeNiMn 

HEA particles on CP Al (a, c, e) and Al6082 (b, d, f) substrates at spray 

conditions Run 1 (a, b), Run 2 (c, d) and Run 3 (e, f). ............................. 219 

Figure 5.8: BSE cross-sectional images showing the impact morphology of 

CoCrFeNiMn HEA particles deposited on CP Al (a, b, c) and Al6082 (d) 

substrates at spray conditions Run 1 (a), Run 2 (b) and Run 3 (c, d)). The 

SEM images were taken on substrates with a higher percentage of adhered 

HEA particles. The arrow in (c) shows an embedded HEA particle. ........ 220 

Figure 5.9: Stress-strain curves of the sets of J-C model parameters for the 

CoCrFeNiMn HEA at temperature, T = 473 K and strain rate, 𝜀 =107 s-1. All 

the J-C sets are plotted (a) while (b) is without set_1. ............................. 223 

Figure 5.10: CFD results of a 25 µm CoCrFeNiMn HEA particle velocities (a) and 

temperatures (b) for the spray conditions Run 1- Run 3. The use of He as 



xxvii 
 

propellant gas (Run 3) has resulted in higher particle velocity compared to 

that of N2 gas (Run 1 and Run 2). ............................................................ 225 

Figure 5.11: Impact morphology of the different sets of J-C model parameters for 

the CoCrFeNiMn HEA on SS304 (a) and Ti64 (b) substrates. ................. 227 

Figure 5.12: Experimental and FEA splat width of the different sets of J-C model 

parameters of the CoCrFeNiMn HEA on SS304 (a) and Ti64 (b) substrates. 

The experimental splat width is indicated by the vertical lines. ................ 228 

Figure 5.13: FEA impacts morphology of the HEA particle on SS304 (a) and Ti64 

(b) substrates at impact velocity ranging from 550-900 m/s, which are within 

the computed spray conditions Run 1 to Run 3. ...................................... 231 

Figure 5.14: Plots of strain evolution of a critical element at the HEA particle 

interface, on SS304 (a) and Ti64 (b) substrates at various impact velocities. 

There is an abrupt change in the strain evolution indicating plastic strain 

instability at impact velocity 700 m/s and 600 m/s on the substrates. ...... 233 

Figure 5.15: Plots of strain evolution of a critical element at the substrates interfaces; 

(a) on SS304, and (b) on Ti64 substrates. An abrupt change in strain 

evolution is observed at 800 and 700 m/s for the substrates. .................. 234 

Figure 5.16: FEA impact morphology of the HEA particle on CP Al (a) and Al6082 

(b) substrates at impact velocity ranging from 400-700 m/s. The particle 

penetration depth is observed to increase with the impact velocity as well as 

the substrate deformation. ....................................................................... 236 

Figure 5.17: Plots of temperature evolution of a critical element on CP Al (a) and 

Al6082 (b) substrate impact interfaces at various impact velocities. There is 

a higher heat-up rate at 550 m/s and 600 m/s on the substrate interfaces 

during the deposition................................................................................ 237 

Figure 5.18: Evaluated particle penetration depth from the FEA of the CoCrFeNiMn 

HEA particle mechanically interlocked in the CP Al and Al6082 substrates. A 

particle penetration depth of ~ 19 µm on the CP Al substrate at 500 m/s is 

achieved on the Al6082 substrate at 600 m/s, as indicated by the arrow. 240 



xxviii 
 

Figure 5.19: Critical velocity for a 25 µm particle for different materials from the 

literature [57] and that of the CoCrFeNiMn HEA determined in this study. The 

error bar indicates a range of values. ...................................................... 246 

Figure 6.1: The results of the CFD analysis of the HEA particles' velocity and 

temperature as a function of particle sizes. .............................................. 260 

Figure 6.2: EBSD image showing the inverse pole figure (IPF) map of a powder 

particle (a); (b) grain size distribution of about 15 powder particles analysed. 

The short-dashed black lines in (a) were manually included to differentiate 

between the columnar and equiaxed grain growth in the powder particle. (c) 

shows the EDX mapping of the powder microstructure. .......................... 262 

Figure 6.3: shows the microstructure of the CSAM HEA deposit; (a) low 

magnification BSE SEM image showing the deposit, interface and substrate, 

(b) and (c) showing high-magnification images of the deposit's top and 

bottom layers. The high-magnification SEM micrographs were taken from the 

region indicated with square boxes in (a)................................................. 263 

Figure 6.4: (a) shows a high-resolution BSE micrograph of the CSAM HEA deposit. 

A closer look at the interface and intersplat boundaries is seen in the 

magnified view in (b). Similar deformation morphology of the particles is 

observed in the SEM micrographs and the multi-particle FE deformation 

simulation (c). .......................................................................................... 265 

Figure 6.5: (a) shows the XRD profile of the powder feedstock material and sprayed 

deposit, showing that the CSAM process did not result in phase 

transformation of the sprayed powder. (b) shows the Williamson-Hall (W-H) 

plot of the powder and deposit, giving the subgrain size and lattice residual 

strain. ....................................................................................................... 268 

Figure 6.6: (a) shows a high magnification, high-contrast BSE image and (b) shows 

an EBSD band contrast image of a sprayed CoCrFeNiMn HEA particle at the 

deposit-substrate interface. A network of dislocations is observed at the 

interfaces, and likely substructure deformation features indicated by the white 

arrow close to the particle interior, likely deformation twins. (c) shows the IPF 



xxix 
 

map of the region analysed and (d) shows the KAM map. The misorientation 

angle distribution and KAM distribution of the analysed region are presented 

in (e) and (f), respectively. ....................................................................... 271 

Figure 6.7: shows the (a) BSE image, (b) EBSD IPF map, (c) KAM map, (d) KAM 

distribution of (c) and misorientation angle distribution (e) of the sprayed 

CoCrFeNiMn HEA particle at the deposit-substrate interface. ................. 274 

Figure 6.8: shows the IPF map in Figure 6.7, with marked red lines in different 

regions and their corresponding misorientation profiles. The profiles show 

point-to-point misorientations along the distance analysed...................... 276 

Figure 6.9: shows a close view of the temperature profile of a region in Figure 6.4c, 

of the FEA multi-particle impact model. The strain and temperature along the 

marked lines are presented in the corresponding temperature-strain vs 

distance plots. .......................................................................................... 278 

Figure 6.10: shows the high contrast BSE image (a), EBSD band contrast (b), EBSD 

IPF map (c) and grain size distribution (d) of the sprayed CoCrFeNiMn HEA 

deposit microstructure. The red arrow shows substructure deformation 

features that are likely twins. KAM map (e), dislocation density map (f), KAM 

distribution (g) and misorientation angle distribution (h) of the sprayed HEA 

deposit microstructure are also presented. .............................................. 281 

Figure 6.11: shows the FEA simulation contour plots of strain (a) and temperature 

(b) localisation of the multi-particle impact of the CoCrFeNiMn HEA. Higher 

strain (> 2.5) and temperature (> 0.65 Tmelt) are observed at the particle 

interfaces. Plots of average strain (c) and temperature (d) history of 10 

particles with sizes ranging from 10-25 µm (small particles) and 30-45 µm 

(large particles). Data was extracted mainly from the centre of the FE 

particles. .................................................................................................. 284 

Figure 6.12: SEM micrograph showing an array of nano-indents (a), (b) shows the 

plot of the nanohardness values of each indent in the regions denoted with 

red (splat interior) and black (impact region) in (a), and (c) shows the 

corresponding nanohardness distribution of the CSAM HEA deposit. ..... 286 



xxx 
 

Figure 6.13: shows the distribution of the microhardness value measured for the 

CSAM HEA deposit (a), through-thickness hardness variations of the deposit 

from the deposit top (about 300 µm) to the substrate (b). ........................ 289 

Figure 6.14: shows the schematic explaining the mechanism of grain refinement at 

the bonding regions by dynamic recrystallisation in the HEA particles during 

CSAM: (a) homogeneous strain-free grain structure of the original powder 

before deposition; (b) Upon impact, strain is induced due to deformation, and 

dislocations propagate; (c) with deformation going on, strain and dislocation 

density increases resulting in the formation of elongated subgrains due to the 

accumulation and rearrangement of dislocations; (d) due to the severe 

deformation and strain increase, the elongated subgrains rotate, increasing 

in their misorientation angles to accommodate the strain, resulting in the 

formation of highly misoriented equiaxed fine grains. .............................. 293 

Figure 7.1: SEM images of the CSAM HEA deposit: (a) as-sprayed; (b) HT600; (c) 

HT800; and (c) HT1000 samples. ............................................................ 305 

Figure 7.2: The plot of average porosity of the CSAM HEA deposit following 

annealing treatment at 600 ºC (HT600), 800 ºC (HT800) and 1000 ºC 

(HT1000). ................................................................................................. 306 

Figure 7.3: (a) shows the XRD profile and (b) BSE images of the CSAM 

CoCrFeNiMn HEA deposit heat-treated at 600 ºC (HT600). The Cr-rich 

precipitates are the brighter phase in the close-up view of the BSE image in 

(c), the slightly darker phase is the FCC matrix of the HEA, and the darker 

phases are pores. .................................................................................... 307 

Figure 7.4: Shows the EDX mapping of the HT600 sample. The Cr-rich phase 

particles are confirmed to be enriched in Cr but depleted in Ni. ............... 308 

Figure 7.5: Calculated equilibrium phase diagram (phase fraction vs. temperature) 

of the equiatomic CoCrFeNiMn HEA from 300 to 1500 ºC using the 

CALPHAD approach in the ThermoCalcTM software. ............................... 310 



xxxi 
 

Figure 7.6: Rietveld refinement of the XRD profile analysis of the sample annealed 

at 600 °C. The sample microstructure contains the estimated volume fraction 

of 7.5% of the sigma phase (a CrFe-rich phase) with the CIF file for the 

refinement analysis. ................................................................................. 311 

Figure 7.7: BSE image and EDX line scan across a bright phase observed in the 

HT800 sample. The EDX analysis reveals the precipitate phase to be 

enriched in Ni and Mn and depleted in other elements, hence a NiMn phase.

 ................................................................................................................. 313 

Figure 7.8: (a) shows the XRD profile and (b) BSE images of the HT800 sample. 

The high-magnification BSE image in (c) shows particles that are likely 

oxides, formed at the inter-particle boundary, while the other regions are 

pores. ....................................................................................................... 314 

Figure 7.9: XRD profile (a) and BSE image (b) of the HT1000 sample. Oxide 

particles are observed as the darker particles shown in the BSE image in (c).

 ................................................................................................................. 315 

Figure 7.10: EDX mapping of the samples annealed at (a) 800 °C (HT800) and (b) 

1000 °C (HT1000). The EDX mapping suggests the oxides to be likely rich in 

Cr and slightly rich in Mn with the absence of other elements. ................ 316 

Figure 7.11: Shows the EBSD analysis of the CSAM CoCrFeNiMn HEA deposit: (a) 

in the as-sprayed state; (b) following heat treatment at 600 ºC, (c) following 

heat treatment at 800 ºC and (d) following heat-treatment at 1000 ºC. .... 318 

Figure 7.12: The plots of (a) average grain sizes of the as-sprayed (or as-deposited) 

and heat-treated samples and (b) the average distribution of the 

misorientation angles—LAGBs, HAGBs and twin boundary for the as-

sprayed and annealed samples. .............................................................. 322 

Figure 7.13: The plots of the average values of the measured (a) nanohardness and 

reduced modulus and (b) microhardness of the as-sprayed and heat-treated 

samples. .................................................................................................. 324 



xxxii 
 

Figure 7.14: Plot of the tensile strength (ultimate tensile strength, UTS) and fracture 

strain (or strain at failure) of the tested samples; as-sprayed and heat-treated.

 ................................................................................................................. 326 

Figure 7.15: Shows the low-magnification SEM images of the fractured surfaces of 

the CSAM CoCrFeNiMn HEA deposit; (a) as-sprayed, (b) HT600, (c) HT800 

and (d) HT1000 samples. ........................................................................ 327 

Figure 7.16: Shows the high-magnification SEM images of the fractured surfaces of 

the CSAM HEA deposit; (a) as-sprayed, (b) HT600, (c) HT800 and (d) 

HT1000 samples. The red arrows denote particles within the dimple sites, 

likely oxides. The denoted circular shape indicates a dimple pattern on the 

fractured surface of the as-sprayed sample indicating a metallic bond. The 

black arrow shows an area of inter-particle failure. .................................. 328 

Figure 7.17: Shows a schematic illustration of the effect of annealing treatment on 

closing the pores in the sprayed HEA deposit: (a) the particles are impacted 

on the substrate, and (b) upon impact they deform severely and bond to 

themselves and the substrate; however, pores are formed at the impact 

interfaces due to insufficient deformation. (c) Under annealing conditions, 

pores are closed due to diffusion of the grains at the boundaries and grains 

growth, but some pores remain in the annealed deposit.......................... 331 

Figure 7.18: Shows a schematic illustration explaining the strengthening effect of 

the Cr-rich phase particles in the sample annealed at 600 ºC, under 

mechanical loading. ................................................................................. 338 

Figure 8.1: (a) The CSAM HEA deposit on the SS304 substrate, showing the cutting 

plane at the mid-length of the specimen (A—A), (b) schematic showing the 

stress component of interest, i.e., stress normal to the cut surface, which is 

the longitudinal stress. ............................................................................. 346 

Figure 8.2: SEM micrographs showing CSAM deposit, substrate and the interface: 

(a) interfacial delamination at the sample edge and (b) good bonding region. 

The SEM microstructure in (c) also shows the through-thickness image of the 

deposit on the substrate. .......................................................................... 350 



xxxiii 
 

Figure 8.3: SEM images of the thick CSAM HEA deposit, showing region within 

each layer in the deposit characterised by different degrees of porosity: (a) 

upper layer exhibits (4.7±0.5)%, (b) middle layer exhibits (3.1±0.2)% and (c) 

interface layer exhibit (2.9±0.2)%. ........................................................... 351 

Figure 8.4: (a) shows the averaged surface displacement or contour map of the cut 

surface over the transverse cut plane of the CSAM deposit. Note that the 

grey space between the deposit and substrate indicates delamination of the 

deposit as observed earlier in the SEM image of the deposit. (b) displays the 

two-dimensional longitudinal residual stress map in the cut plane of the 

CSAM HEA deposit on the SS304 substrate. The denoted region from which 

data was extracted is shown in Figure 8.6 ............................................... 353 

Figure 8.5: Residual stress map from the numerical model: shows the 2D FE model 

of the HEA deposit on the substrate along the length of the sample, and the 

enlarged view at the central region where the data in Figure 8.6 was extracted 

from. The periodicity in the contour maps is attributed to the square block of 

elements deposited as the nozzle moves past the substrate during spraying; 

an assumption made in the FE model...................................................... 355 

Figure 8.6: Through-thickness residual stress distributions of the HEA deposit on 

the SS304 substrate, measured using the contour method and numerically 

analysed using the coupled thermo-mechanical model. An average with the 

standard error of the mean is presented, extracted from the regions denoted 

in Figure 8.4 and Figure 8.5 ..................................................................... 357 

Figure 8.7: Numerical prediction of the stresses and temperature evolutions during 

the deposition process and cooling of the deposit-substrate altogether: (A) 

presents the field variables for the substrate, (B) shows that within the deposit 

and (C) shows that on the surface of the deposit. The element selected was 

at the mid-length of the substrate and middle layer of the deposit, and the 

surface of the deposit as presented schematically. Both the deposition and 

cooling phases are shown in the figure. ................................................... 359 

Figure 8.8: Shows the schematic diagram of stress profiles and their evolutions as 

layers of the deposit were added in the FEM: (a) after the deposition of the 



xxxiv 
 

first layer on the substrate, (b) second layer, that is, after two layers have 

been added, (c) third layer and (d) fourth or top surface layer, that is, the end 

of the CSAM deposition before the cooling phase. .................................. 361 

Figure 8.9: Schematic illustration of the final residual stress profile after the cool-

down stage of the CSAM HEA deposited layers on the SS304 substrate.

 ................................................................................................................. 362 

Figure 8.10: The residual shear stress map of the FE model, showing the gradient 

of shear stress at the edge (a). The map shown is half the model. (b) shows 

the evolution of the shear stress and temperature of an element at the high 

tensile shear stress region. ...................................................................... 364 

Figure 8.11: Schematic illustration of the curvature of deposited layers and 

substrates during and after the CSAM deposition process. (a) Unconstrained 

strains develop when a layer is deposited on the substrate or underlying layer 

because of temperature differences. (b) As a result of strain compatibility at 

the interfaces, bending and balance of bending moment occurred leading to 

deposit and substrate in compression. (c) After the cool-down stage, the 

tensile residual stress is formed for the deposited layers. This is the case of 

two layers or a layer on a substrate. The final residual stress state after the 

cool-down stage is presented with the curvature in (d). The interfacial layers 

are in compression balanced by others in tension. .................................. 367 

 

  



xxxv 
 

List of Tables 

Table 2.1: Calculated values of prediction parameters for CoCrFeNiMn HEA 

[245,248,249]. .......................................................................................... 114 

Table 2.2: Summary of the mechanical properties of the CoCrFeNiMn HEA 

manufactured using various techniques. Where HV is Vickers hardness. 118 

Table 2.3: Properties of CSAM CoCrFeNiMn HEA deposit. ............................... 129 

Table 4.1: Nozzle dimensions employed for the CFD model. ............................. 166 

Table 4.2: Boundary conditions for CFD modelling of the impinging gas jet in the 

cold spraying process. ............................................................................. 167 

Table 5.1: Elemental composition of the CoCrFeNiMn HEA feedstock powder. 203 

Table 5.2: CSAM spraying parameters employed for the single-particle impact test 

of the CoCrFeNiMn HEA feedstock powder on various substrates. ......... 204 

Table 5.3: Microhardness values measured for the HEA powder and the substrates.

 ................................................................................................................. 209 

Table 5.4: Flattening ratio (FR) evaluated for the HEA particle impact on hard 

substrates at spray conditions Run 2 and Run 3. .................................... 216 

Table 5.5: Sets of parameters and their values for the Johnson-Cook model for 

CoCrFeNiMn HEA (the reference strain rate 𝜺𝟎, was assumed to be equal to 

1 where data was not found in the literature). .......................................... 222 

Table 5.6: The material properties and Johnson-Cook model data for the 

CoCrFeNiMn HEA particle and the substrates used in this study. ........... 229 

Table 8.1: Peening deposition stresses extracted from the multi-particle impact FE 

model in Chapter 6. The stresses were implemented in the 2D thermo-

mechanical finite element model as initial stress values. ......................... 348 

 

  



xxxvi 
 

 



1 
 

1 Introduction 

1.1 Additive manufacturing for aerospace & space  

The aerospace & space sector, being one of the largest industries in the world, 

consists of the commercial aircraft and defence (military aircraft, missiles, and so 

on) sector, space launch, and in-space systems. The sector supports $3.5 trillion in 

world economic activities at 4.1 % of GDP [1].  Moreover, the global space 

exploration market size was valued at $486 billion and is expected to reach $1.9 

trillion by 2032, at a compound annual growth rate (CAGR) of 16.21 % [2]. Although, 

in late 2022, the sector dealmaking activity has hit the lowest point since the 2019 

COVID-19 pandemic, deals in commercial and military aircraft and spacecraft 

components manufacturing, repair, and maintenance have continued steadily [3]. 

This demand and growth are mainly due to the long-term demand for new aircraft, 

increased military expenditure as security threats continue intensely, increased 

space launch and exploration leading to high market activity, and substantial 

ongoing research and development [4].  

Thus, there is a need for sustainable manufacturing in the aerospace sector. One 

of the most effective methods to reach the target of a 50% reduction in aviation 

emissions by 2050 is to increase the energy efficiency of aircraft through mass 

reduction techniques [4]. Additive manufacturing (AM) techniques have been 

demonstrated to help reduce the mass of components aboard aircraft and 

spacecraft while reducing cost and lead times. AM describes numerous techniques 

that allow for the automatic manufacturing of components by introducing a layer-by-



2 
 

layer material addition approach rather than subtractive methods or forming 

materials in moulds [4,5]. AM offers unparalleled design freedom and complexity 

within the time and cost constraints [4]. AM has emerged as a game-changer and 

transformative technology in aerospace component manufacturing [4,6] and in-

space manufacturing, where components or tools are manufactured in outer space 

[7]. 

According to Richard et al. [8], the AM market has grown significantly, valued at 

$7.85 billion in 2020, $9.12 in 2021 (CAGR of 16.2 %) with predicted growth to 

$21.06 billion by 2026 (CAGR of 18.2 %). The aerospace and defence sector is a 

prime moving sector, as shown in Figure 1.1. The AM market in that sector is 

predicted to increase to $3.2 billion by 2025 (CAGR of 20.4 %) [4,9]. These reports 

reveal substantial investment and key developments in AM technology in the 

aerospace sector and are expected to grow exponentially in the coming years. 
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Figure 1.1: 2017 Global AM market share by sector or industry [10]. A&D annotate 
the aerospace and defence sector. 

AM has been demonstrated to produce components by consolidating several parts 

without requiring an assembly. The most referenced component manufactured 

using the AM technique is the General Electric LEAP engine fuel nozzle, as shown 

in Figure 1.2a. Moreover, NASA has demonstrated the application of AM to 

manufacture combustion chambers and rocket nozzles for space launch vehicles 

using various alloys, such as GRCop-42, Inconel 718, and other superalloys [4]. In 

addition, SpaceX successfully developed and launched an AM-built main oxidiser 

valve aboard the Falcon 9 rocket and the SuperDraco engine series used in the 

Dragon V2 spacecraft, as shown in Figure 1.2b and c [4]. AM has also been 

extended to repair damaged aerospace components [11,12]. Most of these 

components are manufactured and repaired using metal AM processes, with the 

most established techniques in the sector being powder bed fusion (PBF) and direct 

energy deposition (DED) [13]. Despite the maturity and advantages of these metal 

AM techniques, achieving high-quality parts without detrimental process effects, 
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such as component distortion owing to undesirable thermal residual stresses, 

elemental segregation, and chemical compositional changes that can result from 

the high temperature of the processes [14–17], can limit their widespread 

application in component manufacturing and repair. In addition, AM uses more 

electricity per unit output than similar traditional methods which can contribute to 

CO2 emission [18]. Hence, there is a need to explore solid-state AM methods with 

an even more beneficial process economy, such as a high deposition rate, shorter 

lead times, eco-friendliness, and ease of use for manufacturing and on-field repair. 

 

Figure 1.2: AM-built component for the aerospace sector: (a) General Electric LEAP 
fuel nozzle (b) Test fire of AM-built SuperDraco by SpaceX and (c) SuperDraco by 
SpaceX [4]. 
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Cold spray or cold spray additive manufacturing (CSAM) has been successfully 

developed as a metal AM solid-state material deposition technique that meets the 

requirements for sustainable manufacturing and repair in the aerospace sector. The 

status report of AM techniques for repair applications shown in Figure 1.3 suggests 

that CSAM represents 10% deployment in the sector but falls behind laser direct 

energy deposition and arc wire direct energy deposition (i.e. DED techniques) [12]. 

A report by Research and Markets [19] anticipated the global CSAM market size to 

reach $1.6 billion by 2030 at a CAGR of 6.5 % from 2023. Moreover, the market 

size surpassed $900 million in 2022. The aerospace and defence sector dominates 

the market, accounting for 28 % of the global market share in 2022 [19], which is 

attributed to the adoption of CSAM for the on-field repair of many aircraft parts. 

Furthermore, a strong drive is seen in manufacturers undertaking acquisitions and 

product launches to strengthen their presence in the aerospace and defence sector, 

including key companies such as ASB industries, Impact Innovations GmbH, 

SPEED3D, and Titomic [19]. Furthermore, the US market generates significant 

benefits and savings from CSAM repair, which is evaluated at $22.5 million [20]. 

Moreover, North America dominates the CSAM market and accounts for 41 % of 

the global market share in 2022 [19]. Australia is also viewed as a moving prime 

continent in the market. This suggests the need for the UK market to take up CSAM 

for manufacturing and repair of components used in many sectors to strengthen 

their geographical presence, as few institutes in the UK share in the market size, 

such as the welding institute (TWI) Ltd.  
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Figure 1.3: Deployment of various AM technologies for repair and manufacturing in 
the aerospace sector [12]. 

Growth drivers of the CSAM market include advancement in its capability to deposit 

a wide range of materials, with the aluminium (and its alloys) segment accounting 

for 30.6 % of the global market share in 2022, followed by titanium and its alloys 

estimated to have a CAGR of 7.5 % [19]. Other materials used include copper- and 

nickel-based superalloys. In addition, CSAM uses the kinetic energy of 

microparticles rather than the thermal energy of other metal AM techniques to 

develop deposits through a layer-by-layer material addition approach [21–23]. This 

solid-state nature of CSAM avoids the melting of feedstock materials and the 

associated effects such as phase transformation, elemental segregation, and 

oxidation. In addition, CSAM is eco-friendly because it uses inert gases, less 

electricity and has a high deposition rate. These features make CSAM suitable for 

manufacturing and repairing aerospace components.  
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1.2 Applications of CSAM in the aerospace sector  

Robot-assisted and toolpath programming of CSAM is an emergent field that 

provides new opportunities for manufacturing complex 3D near-net components 

[24]. CSAM has been applied to manufacture and repair parts used in the aerospace 

sector. For example, Impact Innovation demonstrated a cold spray additively 

manufactured turbojet aircraft engine fan shaft using Ti6Al4V, as shown in Figure 

1.4a [25]. The manufacturing process was completed in approximately two hours at 

a deposition rate of 2.7 kg/h. Additionally, NASA recently partnered with Aerojet 

Rocketdyne to manufacture a 3D-printed bimetallic lightweight thrust chamber 

assembly using CSAM and other metal-AM techniques, as shown in Figure 1.4b 

[26]. These manufacturing outcomes highlight the importance of CSAM in near-

future manufacturing technologies and process economies. Further examples 

include the CSAM copper flange shown in Figure 1.4c. Other applications include 

the deposition of bond coats in thermal barrier coatings on turbine blades [27], 

aluminium heat sinks [28], and copper deposits for nuclear fuel storage [29].  
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Figure 1.4: Digital photographs of CSAM: (a) turbojet aircraft engine fan shaft made 
of Ti6Al4V (Impact Innovation, Germany) [25], (b) bimetallic lightweight thrust 
chamber (NASA, USA) [26], and (c) copper flange [30,31]. 

CSAM can also be employed as a surfacing technique for the on-field repair of 

aerospace components [31]. Surface engineering involves the application of surface 

layers or coatings to modify the surface of a component (bulk material) to improve 

surface properties such as wear resistance, corrosion resistance, oxidation 

resistance, and thermal insulation. Surface coating deposition techniques include 
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thermal spraying and cold spraying (CSAM). These techniques have had a profound 

impact on reducing sustainment costs in the aerospace and defence sectors. CSAM 

has been employed to improve corrosion resistance and reduce the amount of 

maintenance required by the sector, owing to the significant cost of corrosion and 

wear prevention and mitigation experienced by the sector. The most severe 

corrosion of certain aerospace components is associated with gearbox housings for 

rotorcraft made with magnesium alloys, and CSAM repair applications have become 

an accepted practice for providing corrosion protection layers [32,33]. Figure 1.5 

displays several repairs and restorations of damaged parts for various applications 

using CSAM. Several of these components are returned to service. In addition, 

CSAM can be used to add additional features to a machine component, as shown 

in Figure 1.5. The repair of these damaged components with CSAM in the 

aerospace sector, as well as in several other industries, is an attractive cost- and 

time-saving practice. Thus, CSAM requires consistent and further development to 

adapt to changes in the requirements of these industries. 
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Figure 1.5: CSAM for repair and restoration of damaged components: (a) Z341 
magnesium alloy gearbox housing repair [32], (b) steps involved in the restoration 
of damaged parts [31],(c) dimensional restoration of an iron engine block [32], (d) 
repair of an S-92 helicopter gearbox sump, (e) repair of an oil tube bore in CH47 
helicopter accessory cover, and (f) addition of features to a component [31]. 

1.3 High entropy alloys for aerospace 

Material selection for end use in the aerospace sector is critical for components and 

mission success. Metals and metal alloys are most commonly used for the 

manufacturing and repair of aerospace components, which often come from copper, 
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aluminium-, stainless steel, titanium-, nickel-, and iron-based superalloys and 

refractory alloys [6]. These materials must meet a long list of technical requirements 

for the aerospace sector, including high strength-weight ratios, the ability to 

withstand cryogenic and elevated temperatures, the capacity to operate under cyclic 

and dynamic loading conditions, oxidation, and hydrogen embrittlement resistance 

[6]. Because the aerospace sector tends to be more risk-sensitive, manufacturing 

and repair of components may lead to the use of common alloys. As many AM 

processes, and even CSAM, have become widely accepted and adopted for 

manufacturing and repair in the aerospace sector, the adoption of new alloys can 

readily occur to increase end-use performance and eliminate issues arising during 

traditional manufacturing. Moreover, NASA and GE identified the need for new alloy 

development for the aerospace sector [6,34]. 

New metallic alloys, high entropy alloys (HEAs), first introduced in 2004 [35,36], 

offer excellent mechanical properties [37] that meet the requirements of the 

aerospace and space sector. In a recently published article by Paul et al. [6], it was 

mentioned that NASA is developing custom refractory HEAs for the AM of 

components in space propulsion systems. Nevertheless, research on the AM of 

HEAs has seen a tremendous increase in publications over the last few decades, 

as presented in Figure 1.6. More than 2000 articles have been published each year 

for the last three years, with nearly 12500 articles published since it was first 

introduced in 2004. This suggests that the outlook on the AM of HEAs is promising, 

particularly for aerospace component manufacturing. In addition to technological 

advancement and the adoption of AM of HEAs for the aerospace sector, several 

issues are limiting its applications to niche areas. These issues include less control 
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over the elemental distribution within the bulk parts after solidification when exposed 

to laser irradiation, susceptibility to cracking, and nonequilibrium solidification 

features [38]. This is where CSAM occurs and provides unique advantages owing 

to its minimal thermal input. The feedstock microstructure in CSAM is retained after 

deposition, as in the solid-state AM method.  

 

Figure 1.6: Number of publications on AM of HEAs year-wise over the last two 
decades. Note that the data was obtained from Web of Science using the keywords: 
“additive manufacturing” and “high entropy alloys”. In addition, other variants or 
keywords of high entropy alloys, such as high-entropy alloys, were included.  

CSAM of HEAs has also seen a significant increase in publications, with a total of 

42 articles published since 2019, when CSAM was first demonstrated to deposit 

HEA [39,40]. The CoCrFeNiMn HEA, commonly known as the Cantor alloy, is the 

first and most widely studied HEA. The HEA forms a solid solution with a single-

phase FCC crystal structure, with attractive mechanical properties. It has been 
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reported that the HEA displays exceptional damage tolerance with tensile strength 

of 730 to 1280 MPa, and fracture toughness properties exceeding 200 MPa.m1/2 at 

cryogenic temperatures down to 77 K [41]. Also, the HEA shows excellent low-

temperature ductility up to ~71% at room temperature to ~90% at cryogenic 

temperature (77 K) [42]. These properties of the HEA have been reported to be 

comparable to austenitic stainless steels and high-nickel steels, but with its fracture 

toughness exceeding those of all pure metals and metallic alloys [41]. Moreover, 

the excellent tensile strength of the HEA was reported after repeated rolling at 77 K 

and 293 K, reaching 1.5 and 1.2 GPa, respectively [43]. Also, the HEA exhibits 

Vickers microhardness (HV) in the range of 222-418 HV0.3 after cold rolling [44]. 

Other properties reported for the HEA are its resistance to hydrogen embrittlement 

[45], wear, corrosion [46], and oxidation [47] resistances. These properties have 

motivated the advancement and adoption of HEA for the repair and manufacturing 

of components in the aerospace and defence sector using CSAM. 

1.4 Aim and objectives of the research 

The overall aim of this study was to develop and investigate CoCrFeNiMn HEA 

deposits using CSAM, with a focus on understanding deposit formation and 

improving the deposit microstructure through post-deposition heat treatment.  

To achieve this, the objectives of this study were set as follows: 

• To investigate the deformation behaviour of HEA particles and evaluate the 

critical velocity of the HEA during CSAM using experimental and numerical 
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techniques. To overcome the challenge of limited material model data that 

exists for the HEA to capture the plastic deformation of the material during 

the ultra-high strain rate CSAM deposition.  

• To provide a better and more detailed understanding of the dynamic 

recrystallisation (DRX) mechanism and microstructure evolution occurring 

during the CSAM of HEA using advanced material characterisation and 

numerical analysis. 

•  To evaluate the effect of post-deposition annealing treatment on the 

microstructure and mechanical properties of HEA deposits using materials 

characterisation and mechanical testing techniques. 

• To measure, analyse and predict the residual stress formed in the HEA 

deposits during the CSAM process using both experimental techniques and 

numerical analysis. 

1.5 Thesis structure 

This section provides an overview of the organisation of this thesis and a brief 

description of the content of each chapter. 

Chapter 2 presents a comprehensive and critical literature review. This chapter is 

divided into seven sections: Sections 1 & 2 provide the fundamentals of CSAM. 

Section 3 discusses gas and particle dynamics through a converging-diverging 

nozzle, governing equations for analytical estimation, and computational fluid 
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dynamics modelling to predict gas flow features. Section 4 summarises the 

deposition mechanism in the CSAM of metallic materials, this includes the bonding 

mechanism, critical velocity and window of deposition. Section 5 focuses on the 

DRX mechanism in the CSAM deposition of metals. Section 6 provides current 

studies on the numerical modelling of particle deposition during CSAM. Finally, 

Section 7 discusses the current studies on residual stresses in CSAM deposits. 

Section 8 provides a summary of HEAs and specifically discusses the CoCrFeNiMn 

HEA. Current studies on the CSAM of HEA are discussed in Section 9.  

Chapter 3 describes the experimental methods and details of the various techniques 

employed in this research work. The CSAM rig, material characterisation techniques 

and residual stress measurements are included in this chapter. 

Chapter 4 provides detailed information on the numerical modelling methods 

employed in this research work. The numerical methods for particle impact 

deposition modelling and residual stress modelling are included in this chapter. 

Chapter 5 provides a comprehensive and detailed study of the particle impact 

phenomena and critical velocity of the CoCrFeNiMn HEA. A single-particle impact 

test was performed using the swipe test. The impact morphology of the particles on 

various substrates was observed through scanning electron microscopy (SEM). The 

flattening ratio (FR) as a mechanistic “diagnostic tool” was employed to assess and 

select the appropriate material model data that best predicted the particle 

deformation behaviour during CSAM. Numerical analysis using the Abaqus/Explicit 

code was employed to determine the critical velocity and explain the bonding 

mechanism of the HEA on various substrates. 
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Chapter 6 presents a study of the deposition mechanism during deposit build-up 

using advanced material characterisation techniques and numerical simulations. 

The DRX mechanism during CSAM deposition of HEA was examined using electron 

backscattered diffraction (EBSD) imaging. A multiparticle impact simulation was 

performed using the Abaqus/Explicit code to explain the deposition mechanism of 

the HEA. 

Chapter 7 presents a detailed investigation of the influence of post-deposition 

annealing treatment on the CSAM HEA deposits. A post-deposition annealing 

treatment was used to improve the microstructure of the deposit, and the effects on 

the microstructure and mechanical properties were studied. The resulting 

microstructures were characterised using SEM, EBSD, and energy-dispersive X-

ray spectroscopy (EDX). The hardness and tensile properties of the as-sprayed and 

annealed deposits were also measured. Thermodynamic modelling was performed 

using the CALculated PHAse Diagram (CALPHAD) approach using the Thermocalc 

software. 

Chapter 8 presents a study on the measurement and modelling of the residual 

stress formed in a thick HEA deposit. The X-ray diffraction (XRD) sin2ψ technique 

and contour method were used to measure the residual stress in the deposit. The 

XRD technique provides near-surface stress, whereas the contour method was 

employed to obtain a through-thickness stress profile. A numerical analysis using 

an explicit (element birth) finite element scheme was employed to predict and 

explain the residual stress development during the CSAM of the HEA. 
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Chapters 9 and 10 provide the general conclusions and contributions to the 

knowledge of the thesis and describe future work that can be performed based on 

the knowledge developed during this research. 
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2 Literature review 

In the mid-1980s, the cold spraying (also known as cold gas dynamic spraying) 

technique was accidentally discovered by scientists at the Institute of Theoretical 

and Applied Mechanics of the Russian Academy of Science (Siberia Division, 

Novosibirsk) [48,49] while studying the interactions of smaller tracer particles in fluid 

flow using a supersonic wind tunnel test. Since then, the cold spraying technique 

has been further developed in several patents [50]. Research groups from different 

parts of the world are actively involved in maturing this technique, its use in surfacing 

techniques, and the repair of structural components. Beyond these applications, the 

cold spraying technique is also being developed for additive manufacturing (AM) of 

3D components [25]. This chapter provides an overview of the principles and 

published work in relevant areas related to the cold spray additive manufacturing 

(CSAM) process of materials deposition. This chapter explains how the CSAM 

technique works and discusses current theories of bonding mechanisms based on 

experimental and numerical modelling of particle impact. An overview of high 

entropy alloys (HEAs), CSAM of HEAs, deposition mechanisms and 

microstructures, and deposit properties is also included. This chapter constitutes a 

critical systematic literature review that provides context for the study presented in 

this thesis, as well as gaps in the literature that need to be addressed. 

2.1 Introduction to metal additive manufacturing 

In contrast to conventional subtractive manufacturing processes, AM of metal 

utilises layer-by-layer addition of feedstock materials, usually powder or wire, that 
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is melted by a focused heat source, which can be a laser or electron beam, and 

solidifies to produce a near-net shape directly from 3D model data created to define 

the heat source trajectory [4,5]. The design freedom and complexity afforded by the 

AM process are significant advantages of the technology, especially for aerospace 

components, as it enables the manufacture of complex geometries, lightweighting, 

consolidation of multiple components, and enhanced mechanical performances 

within the timeline and cost constraints [4]. According to the international standard 

ISO/ASTM 52900 [51], AM consists of seven process categories with two main 

metal AM categories: powder bed fusion (PBF) and direct energy deposition (DED). 

These two techniques are closely related to the CSAM process. A detailed review 

of metal AM can be found in [13]. The PBF and DED techniques have been the 

most adopted AM processes in the medical, aerospace, oil, and gas industries. On 

the one hand, PBF utilises high-power laser(s) or electron beams (in a vacuum) to 

selectively melt and solidify thin layers of metal powder spreading on a build 

platform layer by layer. On the other hand, in DED techniques, the feedstock 

material, typically a feeding wire or powder, is deposited locally through a nozzle, 

directly into the melt pool created by an energy source, for example, electrical arc, 

lasers, or electron beams [4,13]. 

Despite the advantages of AM techniques, the large multitude of process 

parameters associated with the complexity of AM techniques can affect the quality 

of the components produced. For instance, alloying elements can vaporise during 

AM of important engineering alloys [52,53]. This is due to the high molten-pool 

temperatures, which ultimately lead to changes in the overall composition of the 

alloy in the produced components. In addition, AM parts are associated with 
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microstructural inhomogeneity and often exhibit elemental segregation, which 

affects their mechanical properties [54]. Other defects include porosity and lack-of-

fusion voids produced in AM parts that need to be minimised [55]. In addition, 

cracking and delamination are commonly observed in additively manufactured 

parts, which are attributed to residual stresses resulting from steep temperature 

gradients [14–17]. These limitations can be overcome by following an alternative 

concept that works without a high-energy source, the CSAM process. Being a solid-

state material deposition technique, it provides an additive manufacturing route for 

the deposition of a wide range of materials. The technique is discussed in detail in 

the following sections. 
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2.2 Cold spray additive manufacturing 

This section describes the working principles of the cold spray or cold spray additive 

manufacturing (CSAM) technique. Its advantages and limitations are provided as 

well as the main spraying parameters involved in materials deposition in the CSAM 

process. 

2.2.1 The CSAM process 

CSAM is a high-strain-rate material deposition technique that utilises the kinetic 

energy of microsized powder particles to form dense deposits on a target substrate 

or component. During deposition, feedstock powders (typically 5-50 μm in size) are 

injected into a convergent-divergent (De Laval) nozzle by a carrier gas and then 

accelerated supersonically by a pressurised and/or heated gas (300-1100 ºC), 

which can either be nitrogen (N2), helium (He), or air [21–23]. The particles are 

accelerated to high impact velocities (300-1400 m/s) towards a substrate at 

temperatures below the melting point of the feedstock material. At a material- and 

size-dependent critical velocity [56,57], the particles plastically deform as they 

impact the substrate, bond to the substrate, and previously deposited particles. 

Deposits are then formed through layer-by-layer addition of the material. The 

advantage of this technique compared to other AM processes is that the heat input 

to the powder material and substrate is relatively small; hence, the microstructure, 

as well as the mechanical and chemical properties of the feedstock material, are 

retained. Consequently, the CSAM process is recognised as a solid-state additive 

manufacturing method, which allows for the deposition of temperature-sensitive 
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materials, such as amorphous materials, as well as oxygen-sensitive materials, 

such as Cu, Ti, and Al [58,59]. The major advantage of laser-based AM techniques 

over the CSAM process is their high resolution and geometrical accuracy, resulting 

in high-quality part production capabilities with fine features [4], compared to the 

low-resolution (hundreds of µm vs. few mm) of the CSAM process [60]. The CSAM 

technique is mainly used for large-scale deposits or 3D components with near-net 

shape accuracy at higher deposition rates and lower costs, which are not feasible 

using PBF AM techniques [4,13,60]. 

CSAM, which is an ultrahigh strain-rate plastic deformation process, usually 

requires ductile materials to achieve beneficial deposition efficiency (DE); however, 

this limits the range of materials that can be deposited. Nonetheless, this technique 

has proven successful in the deposition of a wide range of materials apart from 

metals, such as bulk metallic glasses [61,62], HEAs [40,63,64], ceramics [65], 

cermet and composites [66], and polymers [67] onto a range of substrate materials. 

For the deposition of these materials, different CSAM techniques or systems have 

been developed considering the cost, process economy, and flexibility of usage. 

Generally, there are two types of CSAM systems: high-pressure cold spray (HPCS) 

and low-pressure cold spray (LPCS). These two techniques differ mainly in terms 

of the gas pressure and temperature, powder injection point, and nozzle design. 

Thus, these differences affect the particle velocities obtained using both techniques. 

The schematics shown in Figure 2.1 explain the differences between the 

techniques. In the HPCS system, He or N2 under pressure, typically 2.0-6.0 MPa, 

is employed to accelerate the powder particles to high velocities. The gas can be 

heated to a temperature of 1100 °C using a gas preheater, increasing the gas 
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velocity and facilitating particle deformation through thermal softening of the powder 

particles. Powder feeders are often used to introduce feedstock powder into the gas 

flow. The two-phase flow; gas and particles are then propelled onto a target 

substrate. An important component of a CSAM system is the nozzle, which expands 

and accelerates the gas supersonically to generate a high-velocity gas-particle flow 

to the required particle velocity for deposition. The nozzle, usually the convergent-

divergent nozzle (or de-Laval nozzle), consists of two sections: convergent and 

divergent. The area between these sections is termed the throat. As shown in Figure 

2.1, the powder is introduced at the converging section of the nozzle in the HPCS, 

whereas it is introduced at the diverging section (downstream injection) of the nozzle 

in the LPCS. In this case, it is not required to pressurise the powder feeding line, as 

powder injection is achieved through the venturi effect caused by the expanding 

gas. 
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Figure 2.1: Schematics of (a) high-pressure cold spray (HPCS) system and (b) low-
pressure cold spray (LPCS) system [31]. 

Thus, HPCS provides the possibility of depositing a wide range of materials because 

high particle velocities can be obtained with the system. In contrast, in the LPCS, 

gas pressures not exceeding 1.0 MPa and under 600 °C for equipment such as 

Dymet 423 are often employed for spraying. At this low pressure, the critical 

velocities required for bonding to occur may not always be reached, limiting the 

range of materials that can be deposited. Most metallic materials deposited using 

LPCS are materials with lower critical velocities, such as Cu. However, the DE of 

LPCS can be improved by adding hard reinforcement particles, such as ceramics 

(usually Al2O3, B4C, and SiC), to the ductile metallic matrix, resulting in composite 

deposits [66,68,69]. The hard-phase particles improve the DE by eroding the 

substrate surface—surface activation, thereby enhancing deposition. Additionally, 
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deposition is improved by the compaction and accumulative shot-peening effect of 

hard particles on the ductile matrix during deposition. These characteristics make 

LPCS particularly suitable for depositing wear-resistant coatings [70,71]. In addition, 

because of the portability of simpler LPCS systems, they are suitable for the on-field 

repair and restoration of damaged components. LPCS is much cheaper than HPCS 

because LPCS equipment is affordable and has lower operating costs. 

Other variants of CSAM systems have been developed in recent decades. This 

includes vacuum cold spraying (VCS), also known as aerosol deposition (AD), 

which works under partial vacuum [72,73]. Laser-assisted cold spraying (LACS) is 

also a variant of the CSAM system, where a laser is mounted on the system and 

used in parallel during spraying to provide additional heat input for particle 

deformation and deposition on the substrate surface [74,75]. These systems and 

techniques have been developed to overcome the limitations of conventional CSAM 

systems, such as the deposition of ceramics (i.e., VCS), and to improve the 

deposition of “difficult-to-spray” materials such as Ni-based superalloys (i.e., LACS). 

2.2.2 Advantages and limitations of CSAM 

Advantages 

The main advantage of CSAM is its solid-state deposition process. In comparison 

with fusion-based metal AM techniques such as PBF and DED, CSAM, as a 

member of the AM family, has unique advantages. Because of the absence of 

melting during deposition, the elemental composition of the feedstock powder and 

substrate materials remains unaltered throughout the process, avoiding unwanted 
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phase formation, which often occurs during the conventional AM process. 

Moreover, high-reflectivity metals such as Cu and Al, which are challenging to 

manufacture using laser-based AM techniques, are the most commonly deposited 

materials using CSAM. Furthermore, the low-temperature deposition process of the 

CSAM technique allows for the deposition of materials that easily oxidise, such as 

Cu and Ti, and it minimises the detrimental effects of high oxygen content in the 

deposits [76]. Other important benefits of CSAM over other AM techniques are 

shorter production times owing to its high deposition rate, manufacturing of larger 

components, high flexibility, lower cost of running, and suitability for repair of 

damaged components [77]. 

A high particle impact velocity is essential in the deposition of materials in CSAM to 

produce dense deposits with minimal porosity. Dense deposits are produced by the 

kinetic energy of the incident particles, which results in plastic deformation of the 

particles, which in turn aids in the shot-peening and compaction of previously 

deposited layers. The low porosity and oxygen content in the deposits can further 

improve the thermal and electrical conductivities of the deposits, particularly Cu and 

Al [59]. Another advantage of the CSAM process is that there is no grain growth due 

to the absence of melting. On the other hand, the CSAM technique can be employed 

to produce nanocrystallites resulting from the high degree of plastic deformation of 

the particles [78]. Consequently, the high strength and hardness of deposited 

materials are often obtained compared with those of bulk materials. 

The residual stress formed in the deposits plays an important role in the formation 

and mechanical performance of the deposit, especially under in-service conditions. 

Residual stresses in additively manufactured components are formed because of 
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the temperature gradient (quenching and cooling) of the layers and differential 

thermal contraction during the cooling stage of the deposit layers and substrates. 

Tensile residual stresses are usually formed in deposits produced using other metal 

AM techniques [16,79]; however, compressive residual stresses are often observed 

in CSAM deposits induced by severe plastic deformation and shot-peening effects 

of the particles. Such compressive residual stresses allow for the deposition of thick 

deposits before adhesion failure, which can also lead to an increased fatigue life of 

the components [80–82]. However, recent studies have observed tensile and 

compressive residual stresses formed in CSAM deposits depending on the spraying 

process parameters and material combinations employed [83–85].  

Limitations 

As with other AM techniques, CSAM has limitations. Because CSAM is a solid-state 

deposition process, feedstock powder materials with a low ductility that need to melt 

for deformation and deposition to occur are challenging to deposit. Recently, more 

methods have been found to deposit these hard materials, such as ceramics using 

AD (a CSAM variant), but there are still limitations in obtaining dense deposits even 

with metallic materials of high strength and hardness [59]. Moreover, because the 

CSAM process is based mainly on plastic deformation, the particles experience a 

loss of ductility owing to work hardening. Consequently, brittle deposits that are 

prone to cracking are formed. However, this outcome can be solved using an 

appropriate feedstock powder and optimised spraying parameters [86]. Moreover, 

post-deposition heat treatment has been found to improve the ductility and strength 

of CSAM deposits, which has been attributed to increased metallurgical bonding 

and the “sintering effect” of splats [59,87,88]. 
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Components manufactured using the CSAM process usually require post-

machining, because it is challenging to obtain products with the final geometry or 

roughness [77,89]. However, the recent development of complex robot 

manipulations and micronozzles (as they have smaller spot sizes) [90] can 

significantly reduce the need for extensive post-machining of CSAM deposits. 

Another limitation of CSAM is its high gas consumption and high cost. Because 

CSAM deposits materials with a high impact force and kinetic energy, high gas flow 

is usually required. Air, He, and N2 are frequently used in the process. Although the 

use of He allows the manufacturing of dense deposits with a wide range of feedstock 

materials, the shortage of He makes it the most expensive. On the other hand, N2 

can also provide reasonable particle velocities while being cheaper, but a gas 

heater may be required to reach the desired particle velocities for deposition to 

occur and to form dense deposits. Air, as is often used in LPCS, is mainly used for 

processes that require lower particle impact velocities and materials that are not 

easily oxidised. 

2.2.3 Spraying parameters for CSAM 

For deposition to occur in CSAM, many factors must work in unison and under 

careful control and optimisation to produce dense deposits. These factors are 

generally categorised into three groups: (1) characteristics of the feedstock powder 

(size and shape, microstructure, and surface oxide layer), (2) nozzle design and 

spraying kinematics (standoff distance, transverse speed, and incidence angle), 

and (3) process parameters (gas type, temperature and pressure, substrate 

materials and surface roughness, and powder feed rate). In this section, some of 
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these spraying parameters are discussed, along with other factors. These factors 

determine the particle velocity and temperature, thereby influencing the DE and, 

thus the quality of the deposits. A typical CSAM spraying parameter is shown in 

Figure 2.2. 

 

Figure 2.2: Schematic layout of CSAM spraying parameters [31]. 

2.2.3.1 Feedstock powder characteristics 

Because CSAM relies on the kinetic energy of incident particles, parameters such 

as particle size, microstructure, shape, hardness, and formability influence the 

deposition. The particle size determines the critical velocity and, hence, the 

deposition in the CSAM [57,91]. Schmidt et al. [57] revealed the important role of 

the rate at which powder particles dissipate heat during CSAM deposition. In 

addition to the heat capacity and thermal conductivity, the cooling rate of the powder 

material is affected by the particle size. The cooling rate decreases with increasing 

particle size; consequently, the shear instability required for bonding (Section 2.4) 

can be hindered in smaller particles owing to their high thermal gradients [57]. 
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Moreover, shock waves formed at the nozzle exit (Section 2.3) have been reported 

to influence mostly smaller particles, decelerating them owing to their lower mass 

[92]. In addition, after the production of feedstock powder, smaller particles tend to 

exhibit greater levels of impurities owing to their greater surface-to-volume ratios 

[57]. Another factor that can affect particle deformation is the hardness of powder 

particles. According to the Hall-Petch relationship, smaller particles usually exhibit 

greater hardness during deposition because of their higher quenching rates.  

The powder particle microstructure and shape, for example, spherical or irregular, 

can strongly affect the particle deformation behaviour during CSAM [93]. Different 

manufacturing methods have been employed to produce feedstock powder for 

CSAM, for example, mechanical milling or gas atomisation, which would strongly 

influence the physical characteristics of the powder [94,95]. Generally, mechanically 

milled powders result in harder and irregular-shaped powder particles, while gas-

atomisation, on the other hand, usually produces spherical particles. Another 

important characteristic of feedstock powder that influences particle deformation is 

the oxide film on the powder surface. The oxide content and layer thickness 

influence the critical velocity of particles in CSAM [96–99]. After deposition, 

remnants of the cracked oxide layers can be present in the deposit, which can affect 

the resultant mechanical properties.  

2.2.3.2 Effect of powder feed rate and nozzle transverse speed 

In CSAM, a powder feeder is used to control the powder feed rate, and the quantity 

of powder per unit of time is introduced into the gas stream in a nozzle. The powder 

feed rate can influence the particle velocity during CSAM because it affects the 
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powder loading in the flow stream through a nozzle [100,101]. The effect of powder 

feed rate on particle impact velocity is shown in Figure 2.3. A higher powder feed 

rate decreases the particle velocity, which is due to strong gas-particle interactions 

at high powder loading. The particle velocities decreased by over 14 % when the 

powder feed rate was increased from 30 to 120 g/min [102]. In addition, the powder 

feed rate can affect the deposit thickness and the track profile. Higher powder feed 

rates resulted in thicker deposits. This outcome can also be achieved with a slower 

nozzle transverse speed [103,104]. Moreover, the nozzle transverse speed 

determines the CSAM duration and particle impact flux onto the substrate surface 

per unit time. This can determine the thickness of the deposited layer. The effect of 

the nozzle transverse speed on the microstructure and thickness of a CSAM Stellite 

21 deposit is shown in Figure 2.4. The spray kinematics also influence the porosity 

and microhardness of the deposit. Hence, these two factors must be considered 

simultaneously during CSAM to achieve better control of deposit quality. However, 

there are no frameworks or principles on how to select the nozzle transverse speed 

and powder feed rate, as these would depend on the other spraying parameters 

and feedstock material selected.  
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Figure 2.3: Effect of powder feed rates of different materials on average particle 
impact velocity during CSAM [102]. 

 

Figure 2.4: Effect of nozzle transverse on CSAM Stellite 21 deposit microstructure 
and thickness [103]. 
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2.3 Gas and particle dynamics in CSAM 

In CSAM, feedstock powder particles are accelerated to high-impact velocities by 

supersonic gas flow, and nozzle design plays a key role in achieving successful 

deposition. The convergent-divergent or de Laval nozzle is a key component in the 

CSAM system, such that its design determines the particle velocity and temperature 

upon impact on a substrate. Therefore, it is important to understand the dynamics 

of the gas and particle flow through the nozzle. Figure 2.5a shows a schematic of a 

convergent-divergent nozzle. The gas is fed at high pressure into the back of the 

nozzle, after which it expands as it passes through the constriction or throat. The 

convergent section accelerates the flow to subsonic conditions, wherein at the 

throat, the Mach number M = 1. In the divergent section, the flow accelerates to 

supersonic conditions, where M > 1 (Figure 2.5b). The flow continues to accelerate 

as it reaches its maximum velocity, while the gas cools below room temperature 

[105]. The acceleration of the particles results from the drag force exerted on them 

by the supersonic gas stream, which accelerates them to the required velocity for 

the formation of deposits [21]. Even though the particles cool downstream of the 

nozzle exit, they usually retain a higher temperature than the gas. 
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Figure 2.5: Schematics of converging-diverging nozzles (a) and (b) shows a 
diagram illustrating the changes in gas pressure (P), temperature (T), and velocity 
(V) corresponding to the Mach number, M [105,106]. The nozzle inlet di, throat dt, 
and exit diameter are shown in the schematic diagram. 

At the exit of the nozzle, shockwaves can occur because of the alteration of the 

supersonic flow conditions to downstream flow perturbations at the substrate 

surface. Figure 2.6 shows a schematic diagram of the gas-substrate impingement 

zone. Because of the dynamics and interactions of the gas with the substrate 

surface, the shockwave can be curved and detached, resulting in bow shock [92], 

as shown in Figure 2.6. This compressed layer (bow shock) encloses a region of 

high-density, low-velocity recirculating fluid characterised by strong gradients and 
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sudden changes in flow properties [92]. This compressed layer has a significant 

effect on particle velocity, and its effect is greater for smaller particles [23,107]. 

Therefore, it is important to consider the nozzle geometry that provides optimal 

conditions, particularly for the successful deposition of new metallic materials such 

as high entropy alloys (HEAs) whose deformation dynamics and behaviour have 

not been fully elucidated during CSAM. 

 

Figure 2.6: Illustration of supersonic impingement zone at substrate surface during 
CSAM, showing bow shock [92]. 

Efforts have been made over the years to investigate two-phase flow inside and 

outside the nozzle. The most direct way to capture and investigate the physical 

phenomena involved in CSAM is through experimental investigations; however, its 

relatively high cost and time limit its widespread application. For this reason, 

analytical and computational modelling has been developed and employed in many 

studies to understand the gas-particle flow properties and predict the velocity and 

temperature during CSAM. Analytical models were first employed in the early years 

[21]; however, with the advent of high-performance computing, computational fluid 
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dynamics (CFD) has become a popular approach for predicting gas-particle flow 

variables. Although analytical models were first developed and employed for such 

problems, the assumptions and simplifications introduced in these models for real 

physical problems limit their applications [108]. This can be due to some physical 

phenomena not included in the models, such as the effect of ambient pressure, bow 

shock effect, and supersonic flow outside the nozzle. These features can be 

captured using a well-designed CFD model and are less expensive than 

experimental approaches. Moreover, studies have shown good agreement between 

CFD models and experimental results. For example, Figure 2.7a and b show the 

impinging jet zone outside the nozzle captured using the CFD model and an 

experimental Schlieren photograph [109]. In addition, the study by Bray et al. [74] 

revealed that the measured average particle velocity and CFD results were in good 

agreement, although with slight overestimation, as shown in Figure 2.7c. However, 

for simple and approximate calculations, analytical models have still been employed 

because they save both computational and experimental costs. The following 

sections present the analytical models used to predict the gas-particle flow and 

some studies showing the application of the CFD technique for gas-particle flow 

modelling. 
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Figure 2.7: (a) and (b) show the comparison between the experimental Schlieren 
photograph and CFD results used to capture the impinging jet outside the nozzle 
during CSAM [109]. A comparison of the average particle velocity at the nozzle exit 
measured experimentally and calculated using the CFD model is shown in (c) [74]. 

2.3.1 Governing equations for the analytical models 

One-dimensional (1D) isentropic equations for ideal gas flow were used to estimate 

the flow features [21,110,111]. For a specific nozzle with a known exit area, the 

Mach number M at the nozzle exit has the following relationship with the throat area 

A*. Where A is the nozzle cross-sectional area, and 𝜸 is the ratio of gas-specific 

heat capacities. 
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𝑨

𝑨∗
=

𝟏

𝑴
[(

𝟐

(𝜸 + 𝟏
) (𝟏 +

𝜸 − 𝟏

𝟐
𝑴𝟐)]

𝜸+𝟏
𝟐(𝜸−𝟏)

 (2.1) 

Once the exit M is determined, the corresponding gas variables of the flow inside 

the nozzle can be derived using the isentropic Equations (2.2)-(2.5). Where 𝑷𝟎, 𝑷, 

𝑻𝟎, 𝑻, 𝝆𝟎, 𝝆, 𝑹, and 𝑽𝒈 are the gas stagnation pressure, gas pressure, gas stagnation 

temperature, gas temperature, gas stagnation density, gas density, gas constant 

and gas velocity, respectively. Thus, Equation (2.5) can be used to obtain the gas 

velocity.  

𝑷𝟎

𝑷
= [(𝟏 +

𝜸 − 𝟏

𝟐
𝑴𝟐)]

𝜸
(𝜸−𝟏)

 (2.2) 

𝑻𝟎

𝑻
= 𝟏 +

𝜸 − 𝟏

𝟐
𝑴𝟐 (2.3) 

𝝆𝟎

𝝆
= [(𝟏 +

𝜸 − 𝟏

𝟐
𝑴𝟐)]

𝟏
(𝜸−𝟏)

 (2.4) 

𝑽𝒈 = 𝑴√𝜸𝑹𝑻 (2.5) 

The deposition of materials in CSAM is determined by the particle velocity rather 

than by the gas stream. Assuming the particulate phase in the gas stream is 

sufficiently dilute and moves along the nozzle axis, the particle velocity can be 

calculated by solving the differential equation [110],  
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𝒎𝒑

𝒅𝑽𝒑

𝐝𝐭
= 𝑪𝑫𝝆(𝑽𝒈 − 𝑽𝒑)|𝑽𝒈 − 𝑽𝒑|

𝑨𝒑

𝟐
+ 𝑭𝑩 (2.6) 

where 𝒎𝒑 is the mass of the particle, 𝑽𝒑 refers to the particle velocity, t is time, 𝑪𝑫 

is the drag coefficient, 𝑽𝒈 is the gas velocity, 𝑨𝒑 is the particle cross-sectional area, 

and 𝑭𝑩 is the body force. The drag coefficient accounts for the effects of Mach 

number on particle acceleration. If the gas velocity, gas density, and drag coefficient 

are held constant, a rough estimate of the particle velocity can be obtained using 

Equation (2.7), where x is the axial distance travelled by the particle (measured from 

the nozzle throat) [21,110]. When the particle velocity is small compared to the gas 

velocity, Equation (2.7) is simplified to yield Equation (2.8). Examination of the 

equations indicates that the incident particle velocity is proportional to the square 

root of the distance travelled over the particle diameter. It also shows that the 

particle velocity increases with gas velocity and gas density but decreases with an 

increase in particle size. However, the smaller particle sizes even though of higher 

particle velocities do not always contribute to deposition in CSAM due to bow shocks 

and flow outside the nozzle [23,92]. 

𝐥𝐨𝐠 (
𝑽𝒈 − 𝑽𝑝

𝑽𝒈
) + 

𝑽𝒈

𝑽𝒈 − 𝑽𝑝
− 𝟏 =

𝑪𝑫𝑨𝒑𝝆𝒙

𝟐𝒎𝒑
 (2.7) 

𝑽𝑝 = 𝑽𝒈√
𝑪𝑫𝑨𝒑𝝆𝒙

𝒎𝒑
 (2.8) 

Because the particle velocity exit of the nozzle would not be the same upon impact 

on the substrate owing to particles passing through a series of bow shocks in front 
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of the substrate, the above equations may not accurately predict the particle impact 

velocity. To deal with the effect of the flow outside the nozzle, Grujicic et al. [110] 

proposed an empirical model based on experimental and computational validations, 

as presented in the following equations:  

𝑽𝒑
𝒊𝒎𝒑𝒂𝒄𝒕

= 𝑽𝒑
𝒆𝒙𝒊𝒕𝒆

−𝟑𝝆𝒔𝒕𝑳𝒔𝒕

𝟒𝝆𝒑𝒅𝒑  (2.9) 

𝝆𝒔𝒕 = 𝑹𝒆(−𝟏. 𝟒𝟒 + 𝟐. 𝟕𝟕𝑴 − 𝟎. 𝟐𝟏𝑴𝟐) (2.10) 

𝑳𝒔𝒕 = 𝑹𝒆(𝟎. 𝟗𝟕 − 𝟎. 𝟎𝟐𝑴), 𝟏 ≤ 𝑴 ≤ 𝟓 (2.11) 

Where 𝝆𝒔𝒕, 𝑳𝒔𝒕, 𝒅𝒑, 𝝆𝒑, and 𝑹𝒆 are average gas density in the stagnant region, 

thickness of stagnant region, particle diameter, particle density and gas Reynolds 

number. 

2.3.2 Computational modelling 

In the CFD model, the Navier-Stokes (NS) equations are solved for the gas flow. 

The equations given in the following consist of the conservation of mass, 

momentum, and energy. 
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𝝏𝝆

𝝏𝒕
+

𝝏

𝝏𝒙𝒋
(𝝆𝒖𝒋) = 𝟎 (2.12) 

𝝏

𝝏𝒕
(𝝆𝒖𝒊) +

𝝏

𝝏𝒙𝒋
(𝝆𝒖𝒊𝒖𝒋) =

𝝏

𝝏𝒙𝒊
[−𝒑𝜹𝒊𝒋 + 𝝁(

𝝏𝒖𝒊

𝝏𝒙𝒋
+

𝝏𝒖𝒋

𝝏𝒙𝒊
)] + 𝑺𝑴 (2.13) 

𝝏

𝝏𝒕
(𝝆𝑪𝑷𝑻) +

𝝏

𝝏𝒙𝒋
(𝝆𝒖𝒋𝑪𝑷𝑻) =

𝝏

𝝏𝒙𝒊
[𝝀 (

𝝏𝑻

𝝏𝒙𝒋
)] + 𝑺𝑻 (2.14) 

where t, ρ, µ, λ, CP, p, T, ui, SM, and ST, and denote the time, gas density, dynamic 

viscosity, thermal conductivity, specific heat at constant pressure, gas static 

pressure, gas temperature, gas velocity components, and additional source terms 

in momentum and energy, respectively [112]. The flow inside and outside the nozzle 

during CSAM is typically assumed to be in a steady state. Because of the 

supersonic gas speed, the equation of state for compressible flow is required to 

close the NS equations, which is usually considered an ideal gas law. The additional 

source terms are usually neglected; however, they become important when 

considering high powder loading. In this case, the momentum and energy transfer 

between the gas and particles are thus accounted for by the respective phase 

coupling through additional terms [108,109]. 

CFD models can be divided or meshed using structured or unstructured methods. 

The former method is usually more efficient and accurate than the latter. However, 

when dealing with complex geometries, such as in 3D models, an unstructured 

mesh can be more suitable [108,113]. Sufficient and appropriate boundary 

conditions were applied to the domain to accurately model the impingement jet. One 

such proper boundary condition is to arrange the surrounding atmosphere 
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sufficiently far from the region of the impinging jet to eliminate its influence on the 

computational results [108]. Furthermore, the discretisation scheme is very 

important for accurately predicting supersonic compressible flow and capturing 

shockwave structures. For such flows, there can be variations in viscosity with 

temperature, which can be accounted for using Sutherland law [92,114]. Other 

thermophysical parameters, if insensitive to temperature, can be assumed constant 

in the models. 

As mentioned earlier, deposition during CSAM is largely dependent on the particle 

velocity. The injected particles in the gas flow occupied a small volume fraction of 

the flow field. As a result, one-way Lagrangian discrete phase modelling (DPM) is 

predominantly used to capture particle velocity and temperature. In this method, the 

gas flow is solved first, and then the particle parameters, such as velocity and 

temperature, are solved based on the resultant gas flow. This method neglects the 

effect of the particles on the gas phase. Some studies, however, employed a two-

way Lagrangian approach to account for the effect of particles on the gas phase 

[101,109,115]. Nevertheless, this method is more suitable for high-particle-loading 

flows. The particle velocity is predicted by solving for the drag force balance 

equation given in Equation (2.6) in section 2.3.1. In addition to Lagrangian 

approaches, Eulerian DPM has also been employed in a few studies, where the 

particle velocity is calculated by solving additional discrete equations [108,116]. 

The drag coefficient is the most influential factor in predicting particle velocity and 

trajectory. Several equations were employed to calculate the drag coefficients 

during CSAM. A review article by Yin et al. [108] provides more information on this 

topic. Some of the drag coefficient equations have been integrated into the 
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commercial software package Ansys/Fluent and, thus, are widely used for CSAM 

modelling. Most importantly, owing to the supersonic gas flow at the divergent 

section of the nozzle and the shock patterns that can be experienced by the 

particles, it is better to use drag coefficients with Mach numbers that account for 

these effects. The drag coefficients developed by Crowe [117] and Henderson [118] 

are such coefficients, as they were developed for compressible flow around 

spheres.  

The particle temperature, Tp,  can be calculated using the heat transfer Equation 

(2.18). This equation assumes that the particle temperature during CSAM is 

homogeneous within individual particles. The reason for this is based on the Biot 

number Bi <0.1. It represents the ratio of internal conduction and external 

convective resistance to heat transfer [111,115]. This is given by 𝑩𝒊 =  
𝒉𝒑𝒅𝒑

𝝀𝒑
⁄ , 

where  𝒉𝒑 is the convective heat transfer coefficient, dp is the particle diameter, and 

𝝀𝒑 is the thermal conductivity of the powder material. In Equation (2.15), 𝑪𝒑 is the 

particle specific heat capacity, 𝒉𝒑 is the convective heat transfer coefficient and 𝑻𝒓 

is the recovery temperature dependent on the particle Mach number, Mp.  𝑻𝒓 was 

calculated using the relation, 𝑻𝒓 = 𝑻𝒈(𝟏 + 𝒓
𝜸−𝟏

𝟐
𝑴𝑷

𝟐), where r is the recovery 

coefficient close to 1 in gases, and Tg is the gas temperature [108]. The heat transfer 

coefficient, 𝒉𝒑 (Equation (2.16)) was evaluated from the Nusselt number using the 

Ranz-Marshall correlation [119] given by Equation (2.17), which is suitable for flow 

past a sphere. The thermal conductivity of the gas is given as kg,  𝝁𝑔 is the dynamic 

viscosity of the gas, Pr is the Prantl number of the gas (Equation (2.18)), and Re is 

the Reynolds number of the particle.  
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𝒎𝒑𝑪𝒑

𝒅𝑻𝒑

𝐝𝐭
= 𝑨𝒑𝒉𝒑(𝑻𝒓 − 𝑻𝒑) (2.15) 

𝒉𝒑 = 
𝒌𝒈𝑵𝒖

𝒅𝒑
 (2.16) 

𝑵𝒖 = 𝟐 + 𝟎. 6𝑹𝒆𝟎.33𝑷𝒓𝟎.𝟑𝟑 (2.17) 

𝑷𝒓 =  
𝑪𝒑 𝝁𝑔

𝒌𝑔
 (2.18) 

One of the most important factors influencing the accuracy of computational results 

in CFD models is the turbulence model employed. Various turbulence models have 

been used to model the gas flow in a CSAM. Most of the turbulence models are 

based on solving the closure of the Reynolds Averaged Navier-Stokes (RANS) 

equations. Most turbulence models used for gas flow modelling in CSAM are the 1-

equation Spalart-Allmaras, 2-equations standard k-ε, RNG k-ε, realisable k-ε, and 

7-equations advanced Reynolds stress model (RSM). Other turbulence models 

such as SST k-ω, modified k-ε models, and the large eddy simulation (LENS) have 

also been employed. Yin et al. [108] provide a detailed summary of the turbulence 

models used in CSAM modelling. The turbulence model can indeed have significant 

effects on the prediction accuracy of the flow field in CSAM modelling.  
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2.3.3 Effect of spraying conditions on particle velocity and 

temperature 

Besides the nozzle geometry, the gas velocity can also be determined by the main 

gas conditions that determine the particle velocity. The main gas conditions include 

gas stagnation pressure, stagnation temperature, and gas type. An increase in 

stagnation pressure may result in a higher gas velocity. Studies have shown that 

stagnation pressure affects the flow inside and outside the nozzle because of 

ambient pressure [120]. This effect becomes negligible when the stagnation 

pressure is sufficiently high such that the ambient pressure does not affect the flow 

inside the nozzle. In this case, the nozzle expansion ratio augments the Mach 

number and gas velocity at the nozzle exit. Moreover, a study by Yin et al. [121] 

indicated that a high gas velocity was obtained with a large expansion ratio nozzle 

but required sufficiently high stagnation pressure at the same time. The nozzle 

divergent length was also found to influence the gas velocity; a longer divergent 

length resulted in a decreased Mach number because of higher energy dissipation. 

However, a shorter divergent length can also result in a thicker bow shock or 

compressed layer at the substrate front. This suggests the need for a nozzle design 

for optimal spraying conditions.  

The use of helium (He) as a propellant gas can increase the particle velocity 

significantly because of the smaller molecular weight, 𝑴𝒘 of He (4.002) than that of 

air (28.966) or N2 (28.014). Moreover, from the expression, 𝑽𝒈 = √𝜸𝑹𝑻
𝑴𝒘

⁄  , there 

is a positive correlation between gas velocity and √
𝜸

𝑴𝒘
⁄ , which is higher for He 
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than N2 (γ=1.66 for He and 1.4 for N2). Figure 2.8 displays the results from several 

studies on the effect of carrier gas on the resulting particle velocity. 

  

Figure 2.8: CFD modelling results of gas velocity and in-flight particle velocity with 
different particle sizes: (a) N2 gas and (b) He gas [122]. (c) shows the modelling 
result of particle velocity as a function of gas type, gas stagnation pressure, and 
temperature [123], and (d) shows the particle velocities as a function of gas type for 
different powder materials [124]. 

The particle velocity primarily depends on the gas flow features. In general, a higher 

gas velocity results in a higher particle velocity. Therefore, the particle velocity 

increases with the gas stagnation pressure, stagnation temperature, and use of He 

as propellant gas [123]. As previously mentioned, increasing the stagnation 

temperature can increase the gas velocity inside the nozzle. Furthermore, it has 
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been reported that a higher stagnation temperature facilitates particle heating owing 

to the higher gas heat input. A higher particle temperature was found to decrease 

the critical velocity required for deposition to occur [57,91,125]. Because of the 

energy conservation of the gas flow, one cannot simultaneously increase particle 

velocity and temperature without an additional device attached to the CSAM nozzle 

[108]. To achieve this, a preheating chamber or gas heater can be attached before 

the nozzle, and several results have proven that this increases the particle velocity 

and temperature [108]. However, it is noteworthy that increasing the gas stagnation 

temperature may result in thermally induced defects in the deposit, such as thermal 

residual stresses. Other spraying conditions that can affect the particle velocity are 

the powder feed rate, nozzle transverse speed, and particle properties (or feedstock 

characteristics), as discussed in Section 2.2.3. 

Another important parameter that affects particle velocity and, consequently DE is 

the standoff distance (SOD), which is the distance between the nozzle exit and the 

substrate surface during CSAM.  Some studies have proposed that the pressure in 

the bow shock region changes with an increase in SOD. The studies indicated that 

the pressure determined the particle deceleration, and as such, the substrate should 

be in the region of lowest pressure to achieve deposition. Pattison et al. [92], 

however, proposed that particle velocity is determined by the combination of outside 

supersonic jet core length and bow shock. They reported that, based on these gas 

dynamics and experimental validation, there exists an optimal SOD to reach the 

maximum particle velocity and DE. Another study by Li et al. [126] showed that the 

DE, and thus particle velocity upon impact, decreased as SOD increased. Typical 

SOD employed in CSAM range between 5-60 mm [92,126], with lower SOD (5-10 
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mm) often employed in LPCS [68,69,127]. For HPCS, the optimal SOD often lies 

within 15-50 mm [126,128]. These results indicate a wide range of SOD for optimal 

deposition, which can depend on particle size and powder material density. 

However, few studies have explored these spraying parameters to determine the 

optimal window of deposition for the CSAM of HEAs [63,75,128,129].  
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2.4 Deposition mechanisms in CSAM 

Particles impacting a substrate surface during CSAM can be reflected off the 

surface, stick to the surface, or penetrate a solid body. The outcome of the impact 

depends on several spraying parameters (particle characteristics, spraying 

conditions, and substrate characteristics), but is largely determined by the particle 

velocity and temperature. Often, the impact of a particle on a substrate surface 

causes plastic deformation, which is an intrinsic aspect of CSAM deposition as it 

affects both particle and substrate bonding and metallurgical processes, such as 

work hardening and dynamic recrystallisation (DRX). As CSAM relies on the kinetic 

energy of the incident particles to form deposits, it is imperative to understand the 

particle-substrate bonding mechanisms and the criteria required to form dense 

deposits. The microstructure of the deposit can have adverse or beneficial effects 

on the mechanical properties of the additively manufactured components. Thus, the 

following sections aim to discuss the bonding mechanisms in CSAM and the 

evaluation of critical velocity and window of deposition.  

2.4.1 Bonding mechanisms 

Bonding in CSAM deposition can be classified into two distinct types: particle-

substrate bonding and particle-particle bonding. The former is necessary for the 

first-layer deposition of particles on the substrate, hence determining the adhesion 

strength of the deposit on the substrate surface. The latter concerns deposit build-

up and hence determines the cohesive strength and performance of the deposit 

[130]. Despite the numerical and experimental investigations on the impact 
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phenomena during CSAM, the actual bonding mechanism in CSAM is still a matter 

of debate. A major part of the published work on particle deposition focuses on the 

basic understanding of similar particle-substrate material bonding. For example, Cu 

particle on Cu substrate [56]. However, there is equal interest in understanding the 

bonding between dissimilar materials during deposition [131,132]. 

Generally, bonding between materials in CSAM is primarily related to the high strain 

rate deformation during impact and the localised heating of the impacting interfaces. 

The plastic deformation of a material under high-impact velocity is generally 

accepted to occur through adiabatic shear instability (ASI) [56,57,133]. As a particle 

hits a surface at or above a threshold velocity, the impact creates a pressure wave 

which propagates spherically into the material, as illustrated in Figure 2.9a and b. 

The pressure wave generates a shear load, which accelerates the material, 

resulting in the formation of a localised shearing strain. An ASI is formed under 

optimal conditions and impact pressure. At this point, a transition occurs in the 

deformation process: the work hardening induced by the plastic deformation is 

overtaken by the thermal softening induced by the impact, which leads to abrupt 

changes or a jump in the strain and temperature and a drop in the flow stresses 

[56,133]. Thermal softening of the materials is induced by the dissipation of the 

plastic strain energy as heat, resulting in a temperature rise (localised heating at the 

interacting interfaces). Thus, the metal behaves as a viscous material flowing in the 

outwards direction of the interface. This appears as a ring of jet-type morphology 

around the particle, as shown in Figure 2.9c and is usually referred to as a “metal 

jet”. Metal jets have been reported to be helpful in the disruption and cleaning of 

thin oxide layers on metal surfaces and to enable intimate contact between freshly 
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exposed clean metal surfaces [99,134,135]. Figure 2.10 summarises the deposition 

process, involving oxide film breakup and cleaning during CSAM. 

 

Figure 2.9: Pressure generated during particle impact in (a) CSAM deposition and 
(b) metal jetting formed [57]. An SEM micrograph showing the metal jet morphology 
of a Cu particle on a Cu substrate [56]. 
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Figure 2.10: Schematic illustration of the deposition process during CSAM: breaking 
and extrusion of surface oxide films and metal jet formation [135]. 

Hassani-Gangaraj et al. [136] reported that ASI is, however, not necessary for 

bonding to occur in CSAM deposition. The authors argued that the large interfacial 

strain required for bonding does not require an ASI to be triggered. This implies that 

jetting can occur without any heat or thermal softening. Instead of thermal softening, 

they proposed that jetting during particle deformation is caused by hydrodynamic 

plasticity, which affects the bonding. This hydrodynamic jetting mechanism is due 

to the strong pressure waves interacting with the free surfaces of the materials 

during impact. The pressure wave mechanism relates the critical velocity linearly to 

the bulk speed of sound of pure metals such as Cu, which may not be true for all 

materials. Moreover, certain thermomechanical processes, such as sub-grain 

rotations and dynamic recrystallisation (DRX), are often affected by the ASI 

phenomena [137,138]. 

Impact-induced bonding mechanisms can be broadly classified as metallurgical 

bonding, mechanical interlocking, and material intermixing. Metallurgical bonding is 

associated with metal jetting induced by ASI [56,133] or the pressure-wave release 

mechanism [136]. In contrast, mechanical interlocking occurs when sprayed 
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particles penetrate the substrate (or are trapped, embedded, or anchored in the 

substrate) [139]. This occurred when the particles were harder and heavier than the 

substrate. The condition for material intermixing is similar to that of mechanical 

interlocking but at a low DE. At this DE, most of the sprayed particles rebound, 

causing severe accumulative plastic deformation of the first deposited layer of the 

particle and substrate material; consequently, a vortex-like intermixing interface is 

formed [140]. 

2.4.2 Critical velocity 

It is important to optimise the spraying parameters in CSAM to obtain high-quality 

deposits of new metallic materials such as HEAs. There is an impact velocity that 

particles need to reach for them to plastically deform and bond with themselves and 

with a target substrate. This impact velocity is known to initiate ASI and is referred 

to as the critical velocity, which is material-, particle size-, and temperature-

dependent [56,57,91].  

Numerical and experimental methods have been employed to determine the critical 

velocities of several metallic materials. The outcome of some studies resulted in the 

expression of the critical velocity as a function of the material properties [56,57]. 

Equation (2.19) was first proposed by Assadi et al. [56] using a Cu model and was 

validated experimentally. Where 𝑽𝒄𝒓 = critical velocity, 𝛒 = material density, 𝑻𝒎 = 

material melting temperature, 𝑻𝑹 = reference or room temperature, 𝑻𝑷 = particle 

impact temperature and 𝝈𝒖 = temperature-dependent ultimate tensile strength, all 
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in SI units. However, the use of this equation is restricted to materials with properties 

that are comparable to those of Cu.  

𝑽𝒄𝒓 = 𝟔𝟔𝟕 − 𝟎. 𝟎𝟏𝟒𝛒 + 𝟎. 𝟎𝟖(𝑻𝒎 − 𝑻𝑹) + 𝟏𝟎−𝟕𝝈𝒖 − 𝟎. 𝟒(𝑻𝑃 − 𝑻𝑹) (2.19) 

Following the study by Assadi et al. [56], Schmidt et al. [57] developed Equation 

(2.20) to predict the critical velocity of a wide range of materials in CSAM more 

accurately. Where A and B are fitting parameters and 𝑪𝒑 is the material heat 

capacity. The particle and substrate were assumed to be similar materials at the 

same temperature. The analysis of both equations for several materials was 

compared with the experimental results, as shown in Figure 2.11. 

𝑽𝒄𝒓 = √
𝑨𝝈𝒖

𝝆
+ 𝑩𝑪𝒑(𝑻𝒎 − 𝑻𝑷) (2.20) 

 

 



55 
 

 

Figure 2.11: Comparison of the critical velocities of several materials using 
Equations (2.19) and (2.20) and experimental impact tests [57]. 

The authors further proposed a model that can determine the critical particle size, 

𝒅𝒄𝒓 for bonding to occur, as given in Equation (2.21).  Where 𝒌 = particle material 

thermal conductivity and 𝑽𝒑 = particle velocity. Figure 2.12 shows the minimum 

particle size for bonding to occur for different materials based on Equation (2.21). 

These values indicate that thermal diffusion can limit the bonding of small particles; 

however, this depends on the powder material. By calculating the particle velocity 

and critical velocity as a function of the particle size, the optimum particle size 

distribution can be determined, as demonstrated by Schmidt et al. [57] in Figure 

2.13. Although the critical velocity of many materials has been determined, the 

critical velocity of HEAs and their deposition mechanism during CSAM have yet to 

be widely investigated [40,63,141]. 
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𝒅𝒄𝒓 = 3𝟔(
𝒌

𝑪𝒑. 𝝆. 𝑽𝒑
) (2.21) 

 

Figure 2.12: Minimum particle size required for ASI or bonding of several materials 
during CSAM using the empirical Equation (2.21) [57]. 

 

Figure 2.13: Optimised particle size distribution using particle velocity and critical 
velocity over particle size [57]. 
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The above equations were established based on the similar material properties of 

the particles and substrates. In the case of dissimilar materials, particularly 

mechanical interlocking and material intermixing, there are limited studies that 

estimate the critical velocity for such cases [131,141,142]. Several researchers 

have observed nanoscale–microscale interfacial material mixing interlocking 

mechanisms [140,142,143]. This interfacial material intermixing was attributed to 

the Kelvin-Helmholtz instability mechanism, which resulted in the formation of roll-

ups and vortices at the particle-substrate interface. Champagne et al. [142] also 

proved the interfacial material intermixing mechanism when high-velocity Cu 

particles impact on Al substrate, creating a viscous mixing between Cu and Al. In 

their study, they proposed the empirical model given in Equation (2.22) to estimate 

the critical velocity required for interfacial material mixing. Where 𝑯𝑩 = Brinell 

hardness of the substrate and 𝝆𝒑 = particle density. Furthermore, Yin et al. [140] in 

their study identified the conditions necessary to trigger the formation of material-

intermixing interfaces. Two factors were identified to trigger this mechanism: low DE 

and material properties (particles should be denser than the substrate material). 

The material intermixing mechanism occurs under accumulative plastic deformation 

caused by rebounding particles. Nevertheless, the expression of the critical velocity 

for a hard particle to be anchored within a soft substrate (as in the case of particle 

penetration—mechanical interlocking) is yet to be determined. This is particularly 

important for first-layer deposition, without accumulative plastic deformation. 
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𝑽𝒑 = √𝟕𝟓𝟎𝟎𝟎(
𝑯𝑩

𝝆𝒑
) (2.22) 

2.4.3 Window of deposition 

During CSAM, the particles bond to the substrate if the impact velocity is within a 

defined range of velocities. The critical velocity is considered the minimum velocity 

required to deform the particle and bond it to the substrate. The erosion velocity, on 

the other hand, is considered the maximum velocity required to reach beneficial DE 

[57,91]. When the impact velocity is below the critical velocity, the particles rebound, 

and their impact is reflected by shallow craters formed on the substrate surface. On 

the other hand, above the erosion velocity, the incident particles erode the 

substrate, resulting in material loss [91]. Under rebound and erosion conditions, 

lower values of the bonding ratio are often obtained. The bond ratio is defined as 

the fraction of bonded particles to the total impacted particles (craters + bonds) per 

unit impact surface area [144]. A graphical representation of the conditions that lead 

to particle bonding and beneficial DE is referred to as the window of deposition. The 

window of deposition is the area between the critical and erosion velocities, as 

represented in Figure 2.14 [91].  
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Figure 2.14: Window of deposition showing deposition efficiency and impact effects 
at a specific impact temperature for CSAM [91]. 

Assadi et al. [125] in their study found that deposit characteristics can be determined 

by examining the ratio of particle impact velocity and critical velocity, referred to as 

η. This dimensionless parameter allows for the prediction of the DE and deposit 

bond strength as a function of the main process parameters, gas pressure and 

temperature, and material parameters for the examined materials. It is well 

established that higher gas pressures and temperatures result in higher particle 

velocities, and consequently, higher DE. DE is also a unique function of the 

dimensionless parameter η. The schematic in Figure 2.14 clearly explains the 

window of deposition, as it relates to the DE and particle impact velocity. The critical 

velocity for ductile materials was defined as 50% DE. A further increase in the 

particle velocity reaches the threshold DE at 100%. Above this value, DE decreases 

owing to erosion. Brittle materials are considered to have negative DE values owing 

to their lack of ductility for solid-state deformation upon impact; however, studies 
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have proven the cold-sprayability of brittle materials, achieving thin films of deposits 

on several substrates [73].  
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2.5 Dynamic recrystallisation 

During the deposition of materials in CSAM, particles interact with themselves and 

the substrate, leading to the formation of distinct microstructures because of the 

impact or deposition mechanism. In this section, the deposition mechanism 

resulting in the microstructure formed in CSAM deposits is discussed and its effect 

on the nano-mechanical properties of the various regions of the microstructure 

formed in the deposits is also included. 

2.5.1 Deposit build-up during CSAM deposition 

CSAM utilises the kinetic energy of sprayed particles to form dense deposits of 

materials layer by layer. Van Steenkiste et al. [18] proposed a model that explains 

the layer-by-layer powder consolidation process to explain deposit formation during 

CSAM [22]. The powder consolidation and, hence, deposit formation proceeds via 

four stages: (1) substrate surface activation by substrate cratering and first particle 

layer build-up, (2) deposit particle deformation and realignment resulting from 

successive particle impacts, (3) inter-particle metallic bonds forming in increasing 

numbers at higher impact velocities as deposit build-up,  and (4) constant particle 

bombardment and peening during deposit build-up, resulting in dense and work-

hardened deposits. The deposit formation process is schematically illustrated in 

Figure 2.15.  
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Figure 2.15: Stages of powder consolidation and or deposit build-up during the 
CSAM process [22]. 

2.5.2 Dynamic recrystallisation in CSAM 

The absence of melting in CSAM-deposited material suggests that the feedstock 

microstructures are retained; however, the work hardening experienced by the 

material upon impact leads to the formation of specific microstructures, distinct from 

those produced by non-solid-state AM methods. The change in the feedstock 

microstructure was associated with the impact phenomena in CSAM deposition. As 

discussed earlier, ASI is the generally accepted bonding mechanism responsible 
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for particle deposition in CSAM [56,133]. This bonding mechanism is linked to 

another thermomechanical phenomenon that occurs during CSAM, dynamic 

recrystallisation (DRX) [137,145]. 

Detailed microstructural characterisation of CSAM deposits is usually performed 

using transmission electron microscopy (TEM), scanning electron microscopy 

(SEM), and electron back-scattered diffraction (EBSD) [59]. Studies have revealed 

that the deposits exhibit heterogeneous microstructures [59,146,147]. In-situ grain 

refinement has often been observed at interparticle and particle-substrate interfaces 

[138,148,149]. For instance, Figure 2.16 depicts the formation of ultrafine grains in 

the bonding region of a particle as it impacts the substrate. Particle deformation is 

composed of an extensively deformed interface and a metal jet region, and the 

interior to the top surface of the particle exhibits limited deformation. 
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Figure 2.16: (a) Side view and corresponding cross-sectional view of SEM 
micrograph of a single titanium splat on a substrate. The metal jet is indicated by 
the white arrow. (b) shows the schematic evolution of grain refinement via DRX: (i) 
particle is sprayed onto a substrate, (ii) dislocation entanglement, (iii) formation of 
cell structures and subgrains, and re-elongation, and (iv) breaking-up, rotation, and 
recrystallisation of subgrains by thermal softening effects, which can be sufficient to 
trigger viscous flow and hence metal jetting [138].  

The occurrence of DRX is largely dependent on deformation and temperature. This 

thermomechanical process occurs via two main mechanisms: discontinuous DRX 

(DDRX)  and continuous DRX (CDRX). Zou et al. [137] inferred that in-situ grain 

refinement during CSAM deposit build-up occurs through CDRX, which occurs 

through subgrain rotation and high-angle grain boundary (HAGB) migration. The 

authors performed microstructural characterisation of CSAM Ni deposits using the 
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EBSD technique, as shown in Figure 2.17. The deformation of the Ni particles was 

heterogeneous, consisting of a mixture of equiaxed ultrafine grains and elongated 

coarse grains. The CDRX mechanism is schematically illustrated in Figure 2.18. 

Using misorientation profiles along the CSAM Ni deposit, a progressive 

misorientation gradient was observed from the central region of the particle to the 

particle-particle interface. A low misorientation gradient was observed in the central 

region because of the low lattice strain and dislocation density during the deposition. 

As particle deformation progresses, many dislocations, accumulations and 

alignments occur in a short time, and strain increases, resulting in some elongated 

“pancaked grains” formed towards the particle-particle interface. The flattened, 

elongated subgrains (see Figure 2.17 and Figure 2.18) reflect extensive 

deformation in the shear or compression direction. Further deformation and 

dislocation accumulation led to subdivision of the elongated subgrains into equiaxed 

ultrafine grains with HAGBs. Similar microstructural features were reported by Rokni 

et al. [173–175] for different CSAM-deposited Al alloys[150–152]. In addition, Liu et 

al. [147] reported a similar distinct microstructure in CSAM-deposited Cu, with an 

additional feature observed, deformation twinning. Recrystallised grains, shear 

bands, deformation twinning, and nanosized grains were also observed in the Cu 

samples prepared at different gas temperatures. The microstructure formed was 

attributed to dynamic and static recrystallisation, which were dependent on the 

spraying conditions. 
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Figure 2.17: EBSD characterisation of cross-sectioned CSAM-deposited Ni 
particles: (a) Euler angle map and (b) image pattern quality map of the same area 
as in (a) [137]. 

 

Figure 2.18: Schematic illustration of the proposed mechanism of dynamic 
recrystallisation in Ni particles during CSAM: (a) uniform microstructure with low 
dislocation density before deposition; (b) dislocation propagation and progressive 
lattice rotation upon impact; (c) dislocation accumulation and formation of elongated 
subgrains to accommodate deformation; (d) elongated subgrains subdivided into 
equiaxed subgrains and rotated to accommodate further deformation; (e) formation 
of highly misoriented and equiaxed grains [137].  
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The degree of recrystallisation and the extent and distribution of ultrafine grains 

depend on the properties of feedstock materials [59]. Differences in material 

properties such as stacking fault energy (SFE), activation energy for 

recrystallisation, and thermal conductivities can also influence the extent of 

recrystallisation [59]. For instance, Zou et al. [153] reported a more homogeneous 

microstructure in Cu deposits than that in Ni. This was attributed to the low activation 

energy of Cu for recrystallisation, and, hence, the static recrystallisation of the 

microstructure. Similarly, Bae et al. [154] observed extensive static recovery and 

static recrystallisation in Ti deposits owing to their poor thermal conductivity and 

local retention of transient thermal energy. These studies suggest that the extent of 

deformation and the material properties can affect the resulting microstructure 

formed. Therefore, new materials such as CoCrFeNiMn HEAs, their deposition 

mechanism, and microstructure evolution require extensive investigation. 

2.5.3 Influence of microstructure formed in CSAM on the local 

nanohardness of the deposits 

The deformation mechanism of materials in CSAM creates different regions in the 

microstructure, that is, a heterogeneous microstructure: coarse grains and ultrafine 

grains, with varying degrees of deformation. Consequently, these different regions 

affected the local mechanical properties, such as the nanohardness of the deposit. 

Because of the grain size differences in distinct microstructural regions, non-uniform 

hardness distributions are often reported. Rokni et al. [150,151] and Zou et al. [153] 

employed EBSD together with nanoindentation to measure local variations of 

nanohardness, as shown in Figure 2.19 and Figure 2.20. They reported a higher 
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hardness at the interfacial regions in Al alloys, Cu and Ni deposits. The greater 

hardness at the interfacial regions was attributed to the increased density of the 

grain boundaries and dislocations. Grain boundary strengthening and strain 

hardening induced by CSAM were the main mechanisms responsible for the 

increased nanohardness at the interfacial regions in the deposits.  
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Figure 2.19: Effect of the microstructure formed in CSAM-deposited Al alloy on 
nanohardness variations: (a) optical micrograph showing a square array of 
nanoindentations on CSAM-deposited Al 6061; (b) nanohardness obtained from the 
CSAM-deposited Al 6061 from the particle interior and interface regions [150]; (c) 
optical micrograph showing a square array of nanoindentations on the CSAM-
deposited Al 7075, with the corresponding contour map of the nanohardness value 
vs. position within the deposit (d). The image quality map with circles indicates 
regions of high local hardness (in GPa), mainly in the interfacial regions [151]. 
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Figure 2.20: EBSD characterisation of cross-sectioned CSAM deposits after 
nanoindentation: (a)–(c) Ni, and (d)–(f) Cu. The circles indicate local nanohardness 
in GPa [153]. 
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2.6 Numerical modelling of particle depositions in CSAM 

Because of the small time and length scales, and the nature of contact in CSAM 

deposition, experimental investigations with sufficient resolution of particle 

interactions with themselves and the substrate and related phenomena can be very 

challenging. Recent experimental developments have been made to monitor high-

velocity particle impacts within microscale and nanosecond-level resolutions [155]. 

However, the associated phenomena responsible for bonding are still examined 

post-deposition using microstructural and microanalytical techniques. Therefore, 

numerical simulations using different tools and methods have been used to predict 

the critical velocity and provide insight into the bonding mechanism associated with 

the CSAM process [56,57,133]. The main objective of the numerical simulations 

was to evaluate the temporal evolution of the deformation morphology and the 

respective field variables, namely, stress, temperature, and strain. This can be 

evaluated with various combinations of materials and spraying conditions. The 

results of the numerical simulations were then used to interpret particle bonding and 

deposit formation. Comparisons are often made between numerical simulations and 

experimental post-deposition analysis to ascertain the accuracy of the simulations, 

such as single-particle impact performed using the so-called swipe test [156]. Figure 

2.21 shows an example of the comparison between a numerical simulation of a 

single particle impact and the experimental result. 
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Figure 2.21: Comparison between impact experiment and numerical simulation of a 
20-mm copper ball on a steel substrate [57,130]. 

Over time, researchers have employed various numerical techniques and tools to 

simulate single- and multi-particle impacts on a substrate during CSAM. These 

numerical methods include mesh-based Lagrangian and Eulerian finite element 

models (FEMs) and meshless Smoothed Particle Hydrodynamics (SPH) methods. 

Other methods that have been employed fall within the categories of mesh-based 

methods, such as Arbitrary Lagrangian Eulerian (ALE) and Coupled Eulerian-

Lagrangian (CEL) methods. These numerical techniques are implemented in 

various computer codes or commercial software packages, with the most commonly 

used being the Abaqus/Explicit finite element (FE) code. More recently, Molecular 

Dynamics (MD) has also been used to simulate particle impact in CSAM [157,158], 

but the particles are of sizes in the nanometre range, which is challenging to relate 

to the deposition process. Each mesh- and meshless-based FEM has its 

advantages and disadvantages owing to the limitations of the techniques to resolve 

the effect of large deformations and high strain rates on the severe element 
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distortion of the mesh. This computational challenge is considered to usually occurs 

in the Lagrangian-based FEM. Nevertheless, this method has been the first and 

most widely used FEM for the simulation of particle impacts and deformation in 

CSAM [56]. The review articles by Fardan et al. [159] and Li et al. [160] provided 

more information on these different modelling methods.  

2.6.1 Overview of modelling methods 

Lagrangian-based FEM has been widely used to model particle impact in CSAM 

deposition [56,57,133]. In the numerical approach, the computational mesh element 

is fixed within the material coordinates. During deformation, the mesh element 

moves together with the material; as the material deforms, the element deforms. 

This is ideal in cases of small deformation and possibly large displacements; 

however, at large deformations and high strain rates, there is an issue of severe 

element distortions that can lead to early termination of the computation. 

Nonetheless, with an appropriate mesh size, the Lagrangian FEM is 

computationally efficient, and it facilitates the treatment of complex material models 

such as history-dependent material constitutive relations. This method has mainly 

been used in solid structural mechanics. Moreover, some studies have employed 

the ALE method to resolve the issues associated with the pure Lagrangian method 

[161,162]; however, there is an issue of early termination of the simulation with this 

method, and ASI may not be observed in the simulation. The Lagrangian approach 

can be implemented using 2D and 3D models in Abaqus/Explicit software. In 

addition, the use of the axisymmetric model with heat transfer significantly reduces 

the computational expense of the Lagrangian method.  
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On the other hand, Eulerian-based FEM is mainly used in fluid dynamics but has 

been useful in modelling particle depositions during CSAM [163]. In this method, 

the computational mesh elements are fixed in space, and the material continuum 

moves through the mesh elements. Because the mesh elements are fixed in space 

in Eulerian-based FEM, severe element distortion is not encountered during the 

computation; however, this approach does not provide precise mesh element and 

material interface definitions and the resolution of the flow details [130,164]. This is 

attributed to the void material that can be formed at a certain point in the simulation 

and the contact properties, such as the coefficient of friction and conductance, 

which cannot be varied as default values are set in the Abaqus/Explicit solver. 

However, this numerical limitation can be resolved using the CEL technique; herein, 

the particle is Eulerian-based, and the substrate is Lagrangian-based. Moreover, 

Xie et al. [161] reported that the CEL method is the most robust FEM for particle 

deposition simulations in CSAM. However, Eulerian-based FEM can only be 

implemented using 3D models in the Abaqus/Explicit code, which thus increases 

the computational cost of the method.  

2.6.2 Material models 

Material models are required to model and predict particle deposition and 

deformation during CSAM. In the deposition process, several physical phenomena 

are crucial to the deposition of deformable material particles. Viscoplastic 

deformation under a dynamic shearing load is the most important physical 

phenomenon [130,165]. Several material models (and their modifications that fit 

experimental data) have been employed in CSAM material deformation modelling. 
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The models are often described through constitutive equations that link the flow 

stress 𝝈, to strain 𝜺, strain rate �̇�, and temperature T. Rahmati and Ghaeli [166] in 

their study performed deformation modelling of material in CSAM using six different 

materials models; Johnson-Cook (J-C) [167], Modified Zerilli-Armstrong (MZA) 

[168], Voyiadjis-Abed (VA) [169], Preston-Tonk-Wallace (PTW) [170], Modified 

Khan-Huang-Liang (MKHL) [171], and Gao-Zhang (GZ) [172] models. Of these 

models, J-C is the most widely used and can be implemented directly in the 

Abaqus/Explicit solver. Other models are complex and rarely employed for particle 

deposition modelling in CSAM. Although the study of Rahmati and Ghaeli [166] 

showed that the PTW model proved to be more accurate than the J-C model when 

compared with experimental observations, the use of J-C has proven sufficient in 

predicting the critical velocity of particles and the behaviour of materials under high 

impact [56,173] during CSAM. The J-C material model is given by Equation (2.23), 

where A, B and C are material constants, 𝜺∗̇  is the equivalent plastic strain rate, 

and 𝜽 =
(𝑻 − 𝑻𝑹)

(𝑻𝒎 − 𝑻𝑹)⁄  is the normalised temperature.  

𝝈 = (𝑨 + 𝑩𝜺𝒏)(𝟏 + 𝑪𝒍𝒏𝜺∗̇)(𝟏 − 𝜽𝒎) (2.23) 

The capability of a material model to predict the high-strain-rate deformation of 

materials in CSAM influences the accuracy of the numerical simulation. Despite a 

range of material models that have been investigated for CSAM particle depositions, 

and some models appear to be more appropriate than others, there is the challenge 

of selecting the “best” material model for CSAM. This is because CSAM lies in the 

region of ultrahigh strain rate deformation of up to 109 s-1 [56]. Material data for this 
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high strain rate hardly exist. This is also the case for even low-strain-rate regimes, 

as limited data exist for microsized particles under dynamic loading or deformations. 

To solve this problem, Assadi et al. [174] used a single-particle compression method 

to develop material data for Cu and MCrAlY under a low-strain-rate regime (103 s-

1). However, this method has not been widely employed because of the challenge 

of implementing the experimental techniques for microsized particles. Although the 

J-C model has been widely used for a range of materials in CSAM particle 

deformation modelling, there is limited J-C material model data available for HEAs 

even in a low-strain-rate regime [175,176]. Therefore, there is a need to assess and 

select the J-C material model data that best predicts the deformation morphology of 

HEAs in CSAM deposition. Consequently, this allows the accurate prediction of the 

critical velocity of the HEA particles.  

2.6.3 Critical discussion on the modelling of particle depositions 

in CSAM 

Numerical simulations have been employed over the past few decades to predict 

the critical velocity and other process parameters, preceded by experimental 

observations. This has helped develop windows of deposition for several materials, 

which serves as a process requirement for the optimisation of the CSAM process. 

Most studies in the open literature have focused on single-particle impact and not 

on complete deposit formation, which requires a large number of particles. 

Nevertheless, the advent of high-performance computing has allowed for numerical 

simulations of multi-particle impacts but at the expense of computational cost. The 

key findings on the modelling of impact deformation in CSAM relevant to this thesis 
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are discussed here, with a focus on single-particle impact. A brief discussion of the 

key findings of multi-particle impact modelling is also included. 

2.6.3.1 Single particle impact modelling 

Prediction of critical velocity 

The critical velocity of a material is an important process requirement in CSAM 

deposition. Numerical simulations and experimental investigations have been 

beneficial for estimating the critical velocity in early research on CSAM. A significant 

outcome of numerical simulations is the prediction of ASI preceding experimental 

observations [130]. ASI can occur at the particle-substrate interface during impact, 

which is signified by an abrupt increase in the plastic strain and temperature at the 

impacting interfaces, as shown in Figure 2.22. A velocity range from below the 

critical velocity to higher velocities was evaluated to clarify the effect of particle 

impact on the bonding phenomena. The abrupt changes in the strain and 

temperature of a critical element (defined as the element with the highest value of 

these field variables) at the contact interface show a transition in the deformation 

mechanism from plastic flow to viscous flow within a narrow range of particle 

velocities between 550 and 580 m/s for Cu. The particle velocity that initiates these 

deformation changes (ASI) is referred to as the critical velocity.  
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Figure 2.22: Calculated temporal evolution of (a) plastic strain and (b) temperature 
at the critical node of a sprayed Cu particle on a Cu substrate at different impact 
velocities [56]. 

In a similar study, Grujicic et al. [133] performed Lagrangian-based FEM for the 

deformation of several metallic materials with similar and dissimilar particle and 

substrate material combinations. The numerical simulations were performed by the 

authors following the study by Assadi et al. [56]. The typical time evolution of the 

particle and substrate deformation shape during the impact is shown in Figure 2.23. 

The figure shows the formation of a crater as the particle penetrates the substrate. 

The diameter and width of the crater increased with the contact time. However, the 

height-to-width aspect ratio of the particles decreased with time. An interfacial metal 

jet concentrated in a narrow region at the contact interface was formed, which was 

composed of a highly deformed material. Furthermore, the study reveals the 

tendency of the development of ASI at the particle-substrate interface, as shown by 

the temporal evolution of the plastic strain rate, plastic strain, temperature, and flow 

stress in several elements at the contact interface of a 25 µm Cu particle on a Cu 

substrate. This is shown in Figure 2.24. The results revealed that at lower impact 

velocities (400-500 m/s), there was a monotonic change in strain, temperature, and 

stress with time. At a higher impact velocity (600 m/s), there was an abrupt increase 
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in the strain and temperature past the contact time, while the stress decreased to a 

value near zero. Therefore, these studies suggest that ASI plays a key role in the 

bonding of materials in CSAM. However, there are several factors that affect the 

critical velocity, including the particle size and its surface oxidation state, particle 

temperature, and material properties such as hardness. 

 

Figure 2.23: FE simulations of particle impacts in CSAM, showing the temporal 
evolution as materials deform: (a) 4.4 ns; (b) 13.2 ns; (c) 22.0 ns and (d) 30.8 ns 
[133]. 
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Figure 2.24: Temporal evolution of (a) plastic strain, (b) temperature, and (c) flow 
stress in a key element at the Cu particle interface during impact with a Cu substrate 
at different velocities [133]. 

Effect of particle size 

Schmidt et al. [57,91] investigated the effect of particle size on the critical velocity 

of several materials. The results clearly show that the critical velocities decreased 

with an increase in particle size. This is believed to be due to heat conduction and 

strain-rate hardening. The temporal evolution of the temperature at the shear 

interface of Cu particles of different sizes and impact velocities is shown in Figure 

2.25. The ASI was detected by the occurrence of a jump in temperature. For small 

particles (~ 5 µm), no shear instability was observed. This was attributed to the fast 

rate of heat transfer over the small particle volume, which hindered ASI. In another 
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study, Gnanasekaran et al. [177] observed that an increase in particle size resulted 

in changes in plastic strain, deformation shape, and temperature. This was 

attributed to an increase in the kinetic energy of the particle as its mass increased 

with respect to its size. The temperature also increases with particle size because 

higher kinetic energy is achieved by larger particles, which are converted to heat 

and plastic strain energy. Hence, it was concluded that larger particles led to 

effective bonding and successful deposit formation. However, the CSAM process 

does not employ a fixed particle size, but rather a particle size distribution with 

varying particle impact velocities. This brings complexities in developing a window 

of deposition for the process, especially in the deposition of new metallic materials 

such as HEAs. Hence, there is a need to explore the window of deposition for these 

new materials through numerical and experimental analyses. 
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Figure 2.25: Temporal evolution of Cu particles of different sizes at different particle 
impact velocities [57]. 

Effect of temperature 

The initial temperature of the particle and substrate during CSAM deposition can 

also help in effective bonding, and hence, improved DE. An increase in material 

temperature can facilitate deformation, particularly for difficult-to-spray materials 

such as Ni-based superalloys [178–180] and stainless steels [74,181,182]. This is 

because the increase in temperature causes thermal softening of the material 

before particle impact, and this provides a more uniform deformation [183]. 

Moreover, studies [59] have shown that an increase in particle and substrate 

temperatures increases the plastic strain, particle deformation, crater depth, and 

metal jet width. The critical velocity required for the deposition of a material can also 
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be reduced by increasing the material temperature, as shown in Figure 2.26. 

However, residual stresses in the CSAM (refer to Section 2.7) can be influenced by 

the particle and substrate temperatures, changing it from compressive to tensile 

stresses depending on the material temperatures and particle-substrate material 

combinations.  

 

Figure 2.26: Window of deposition for CSAM of Ti with N2 at 4.0 MPa and at different 
gas stagnation temperatures. The critical velocity which initiates ASI is reduced at 
higher gas temperatures; hence, the region of deposition in the figure [130,184]. 

Particle-substrate material interactions 

Most of the investigations of particle deposition in CSAM involve bonding between 

the particles and substrates of similar materials. This problem complicates further 

in the case of dissimilar materials. In this case, the bonding between the materials 

largely depends on differences in their properties, such as density and hardness. If 

the substrate is softer than the incident particles, mechanical interlocking can occur 
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when the particles penetrate the substrate. The kinetic energy of the incident 

particles was used to deform the substrate. Because the particles were rarely 

deformed in this case, ASI was suppressed on the particle side [131]. However, 

deposition can be achieved even with better adhesion on the substrate, possibly 

because of the ASI on the substrate side and the mechanical interlocking 

mechanism [130]. Bae et al. [131] provided information on bonding phenomena 

between different materials. Numerical simulations of 22 different materials with 

different particle-substrate combinations were performed. They proposed the 

existence of a thermal boost-up zone (TBZ) induced by ASI. This thermomechanical 

phenomenon has been reported to be the dominant mechanism responsible for 

bonding in CSAM. The TBZ is formed after an incubation time during impact when 

the materials are undergoing ASI. Equation (2.24) defines the TBZ, where 𝑻𝒎𝒂𝒙 = 

maximum impact temperature,  𝒕𝑐 = contact time and 𝒕𝑐 = incubation time. The 

formation of TBZ after the transition point is illustrated in Figure 2.27. 

𝑻𝑩𝒁 = [((𝑻𝒎𝒂𝒙 − 𝑻𝑹)/𝑻𝒎)]. [(𝒕𝑐 − 𝒕𝒊)/𝒕𝒄] (2.24) 
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Figure 2.27: Schematic illustration of the thermal boost-up zone (TBZ) during CSAM 
bonding [131]. 

Differences in the material properties were reported to determine the size of TBZ. 

Cu/Cu had a larger TBZ, whereas Al/Al or Ti/Ti had a smaller TBZ. A transition point 

was observed for similar materials before TBZ, similar to the formation of the ASI. 

However, for dissimilar materials such as Ti/Al, no “transition point” was observed 

before the TBZ. Bae et al. [131] reported a high heating rate and collapse in the flow 

stresses for dissimilar materials. Although the deposition of dissimilar materials has 

been reported in recent studies [132,185], the prediction of the critical velocity for 

dissimilar materials requires further investigation.  

The deformation pattern of the four categories of particle-substrate combinations, 

as reported by Bae et al. [131], is shown in Figure 2.28. The figure shows the 

differences in the interactions in the various particle-substrate combinations. The 

particle and substrate can have similar hardness and ductility (soft/soft and 

hard/hard); the particle can be softer and more ductile than the substrate, or the 

opposite (soft/hard). In the case of similar materials such as soft/soft (Al/Al) and 
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hard/hard (Ti/Ti), large deformation (wider metal jet) and high penetration in the 

substrate were observed for the former, owing to the extensive formability of Al. In 

the case of dissimilar materials, extensive deformation occurs on the softer side. In 

the Al/Ti case, the incident particle underwent plastic deformation, whereas in the 

case of Ti/Al, a large penetration of the incident Ti particles in the soft Al substrate 

was observed owing to a large difference in hardness. In both cases, the interface 

temperatures reached the melting point of the softer side. Additional factors can 

affect the deformation behaviours, such as work hardening, strain, and strain-rate 

hardening of the materials, which also determines the delay in the onset of TBZ. 

Relatively low critical velocities of 365 m/s and 665 m/s were numerically estimated 

for Al/Ti and Ti/Al [131], respectively, whereas critical velocities of 775 m/s and 865 

m/s were estimated for Al/Al and Ti/Ti, respectively, as presented in Figure 2.29. 

These values are higher than those for Cu/Cu (550 m/s), which is attributed to the 

low density and high heat capacities of Al and Ti. 
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Figure 2.28: Deformation patterns of four different cases of particle impact on 
substrates: (a) soft/soft (Al/Al at 775 m/s), (b) hard/hard (Ti/Ti at 865 m/s), (c) 
soft/hard (Al/mild steel at 365 m/s), and (d) hard/soft (Ti/Al at 655 m/s) [131]. 

 

Figure 2.29: Temporal evolution of the interface temperature and flow stress of (a) 
Al/Al, (b) Ti/Ti, (c) Al/mild steel, and (d) Ti/Al at critical velocities of 775, 865, 365, 
and 665 m/s, respectively [131]. 
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Flattening ratio 

The flattening ratio (FR) can be used as an indicator to describe quantitatively, the 

extent of particle deformation in CSAM. FR is defined as the ratio of the splat width 

W to the original particle diameter, dp (W/dp). Another definition is given as 𝟏 −

𝒉𝒑

𝒅𝒑
⁄ , where 𝒉𝒑 is the splat height as presented in Figure 2.30a. Following the work 

of Assadi et al. [56], Schmidt et al. [57], and Assadi et al. [125] investigated the 

effect of particle velocity on FR through Lagrangian-based FEM using 

Abaqus/Explicit FE code. Simulations were performed for the adiabatic deformation 

of large particles of approximately 20 mm to alleviate the issues of excessive mesh 

distortion and the effect of particle size on the results. As shown in Figure 2.30b, 

the FR increased with increasing particle velocity. The figure shows the results of 

the modelling for different impact conditions corresponding to Cu and Al particles. 

This agrees well with the results of several other studies and is comparable to the 

experimental results. For example, Figure 2.30c shows a comparison of the FR 

evaluated from numerical simulations and experimentally measured values for Cu 

[186]. 
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Figure 2.30: Flattening ratio of particle impacts during CSAM: (a) evaluation of the 
flattening ratio of a particle impact on a rigid surface, obtained using FEM [125]; (b) 
calculated flattening ratios of 20 mm Cu and Al particles as a function of particle 
velocity [125], and (c) effect of particle impact velocity on flattening ratio of deformed 
Cu particles modelled using the Lagrangian approach and compared with 
experimentally measured values [186]. 

King and Jahedi [187] provided an expression for analysing FR. Because the 

original diameter of the particle cannot be known a priori, the authors employed an 
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ellipsoidal function to describe the flattening of the particles depending on the extent 

of the particle deformation [187]. The accuracy of the approximations was verified 

by particle dissections performed using a focused ion beam/scanning electron 

microscope (FIB/SEM) [187,188]. When the particle deformation is minimal, the 

original particle diameter can be given as 𝒅𝒑 = √(𝑾𝟐𝒉𝒑)
𝟑

, whereas for particles that 

deform extensively, 𝒅𝒑 = √𝟎. 𝟕𝟓(𝑾𝟐𝒉𝒑)
𝟑

. Flattening data can also be extracted from 

SEM images of mechanically cut and polished samples of the sprayed particles; 

however, this is always associated with measurement errors, as the sectioning is 

likely not to pass through the centre of the splats. Nonetheless, this technique is 

cost- and time-effective, allowing for quick measurements and analysis of particle 

deformations. FR of sprayed particles have been considered a “diagnostic” tool for 

assessing the extent of particle deformation and hence deposit quality [189] but not 

widely employed for assessing the appropriate J-C material model [189] for 

predicting critical velocities in CSAM.  

2.6.3.2 Multi-particle impact modelling 

Several numerical simulations of multi-particle impact behaviour in CSAM have 

been reported in the literature [159]. Early studies involved a few particle impacts 

(>2) [190–192], whereas the advent of high-performance computing allowed for 

more particle impacts (≥100) [193–195]. However, this occurs at the expense of the 

computational cost. Bae et al. [192] performed multi-particle simulations of Ti on 

mild steel using Lagrangian-based FEM. Twelve 25 µm particles with their 

corresponding particle impact conditions were employed for the simulations. Figure 
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2.31 shows the deformation patterns and temperature profiles of the simulation for 

the different spraying conditions employed. The local interfacial thermomechanical 

responses of the particles upon subsequent impacts on the substrate were revealed 

by the FE simulation. The extent of particle deformation differs under different 

impact conditions, with severe deformation occurring at higher particle velocities 

and/or impact temperatures. The temporal evolution of the field variables in the 

regions marked in Figure 2.31 is shown in Figure 2.32. The subsequent impact of 

particles on previously deposited particles increases the strain and temperature at 

the particle-substrate interface.  
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Figure 2.31: Lagrangian-based FE simulation of Ti particles on mild steel substrates 
showing deformation patterns and temperature profiles under different process 
conditions: (a) C1—650 m/s and 298 K, (b) C2—650 m/s and 873 K, and (c) C3—
950 m/s and 298 K [192]. 

 

Figure 2.32: Temporal development of (a) plastic strain and (b) temperature of 
severely deformed Ti particles on mild steel substrates under different impact 
conditions. The field variables were selected from the marked region in Figure 2.31 
[192]. 
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Yin et al. [190] in another study performed a multi-particle impact of 20 µm Cu 

particles on a Cu substrate using the Lagrangian-based FEM. They concluded that 

interactions between the particles determine particle deformation and, hence, the 

porosity of the deposit. The simulation with Lagrangian-based FEM provided an 

understanding of localised deformation and the field variables (stress, strain, and 

temperature) between particles and the particle-substrate. This method, however, 

was not beneficial for evaluating porosity due to severe element distortion. Another 

study by Yin et al. [196] revealed that multi-particle impact modelling using Eulerian-

based FEM provided results that was comparable to experimental observations 

than other FEMs. Similar observations were reported by Yin et al. [197] using 

Eulerian-based FEM. The effect of substrate hardness on the extent of particle 

deformation during deposit build-up was reported in their study. Other studies have 

revealed that the subsequent impact of particles on previously deposited particles 

affects the degree of deformation, with an increase in deformation attributed to 

tamping, interlocking, and extruding effects during deposit build-up 

[139,140,197,198].  

More recent studies [193–195] on multi-particle impact modelling have employed 

CEL for porosity evaluation and the effect of spraying conditions on porosity. This 

method has been reported to be the most appropriate and robust FEM for such 

simulations [161]. For example, Song et al. [193] employed the CEL multi-particle 

model to assess the effect of impact conditions, such as temperature and velocity, 

on Ti6Al4V deposit porosity. The average FEM macroscopic porosity agreed well 

with the experimental results. A typical deposit modelled using the CEL method is 

shown in Figure 2.33a. The model was further employed to understand the effect of 
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the spraying conditions on the deposit porosity. It was reported that the substrate 

temperature had no significant effect on the deposit porosity, whereas the particle 

temperature and velocity contributed significantly to the deposit porosity change, as 

shown in Figure 2.33b and c. In another study, Terrone et al. [194] employed the 

CEL multiparticle impact model to design and develop porous structures through 

multimaterial CSAM deposition. The model employed a blended material feedstock 

of Ti, Al, and Cu, with varying volumetric fractions. The obtained results agreed with 

the experimental results. The study revealed that Ti-Cu can yield deposits with 

higher Ti particle deformation than the Ti-Al blend, and hence better inter-particle 

bonding. Another study employed the CEL multiparticle model to investigate the 

effect of Al particle characteristics on deposit porosity [199]. In addition, Sebastien 

et al. [195] investigated the mechanism of pore formation in CSAM deposition using 

the CEL multiparticle model of 500 particles. Their study revealed that porosity is 

mainly caused by two intricate mechanisms: interfacial porosity created by 

geometrical effects at particle-particle interfaces and stack porosity caused by 

particle density variations in the gas flow. However, there is a wide gap in knowledge 

on the CEL multi-particle impact modelling of HEAs during CSAM. 
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Figure 2.33: CEL method for evaluating porosity under different impact conditions: 
(a) cross-sectional view of the deposit modelled using the CEL method; (b) 
comparisons of the experimental and numerical results of deposit porosity vs. 
particle velocity, and (c) plot of the independent effect of particle velocity and 
temperature on deposit porosity [193]. 

Another important aspect of multi-particle impact modelling that can be beneficial 

for CSAM process optimisation is the effect of particle size distributions on deposit 

porosity. Although the effects of different particle size distributions have been 

investigated experimentally [200,201], there has been very limited work on 

numerical simulations, which can eliminate the need for costly and time-consuming 

experimental tests. This is particularly important for the optimisation of the CSAM 

process for new materials such as HEAs. Moreover, because critical velocity 

depends on particle sizes, the use of numerical models validated with experimental 

observations to obtain the optimal particle size distribution would be beneficial for 

the CSAM deposition of HEAs with high deposit quality.  
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2.7 Residual stresses in CSAM deposits 

Residual stress plays a key role in the formation and mechanical performance of 

additively manufactured deposits. Residual stresses often remain in the deposit 

after the removal of external loads. Depending on their nature and magnitude, they 

can be either beneficial or harmful. Compressive residual stresses can be more 

beneficial than tensile residual stresses because they tend to extend the fatigue life 

of the components under service conditions. Residual stresses evolve during and 

after deposition; hence, their prediction can be overly complex. They strongly 

depend on the type of materials involved and spraying conditions or process history. 

The stresses formed during deposition and post-deposition affect the final residual 

stress state of the deposit.  

Deposition stresses in CSAM, occurring at the micro- and mesoscale, can result 

from (1) the peening action of high-velocity sprayed particles (peening stress), (2) 

contraction of severely deformed particles restricted by the underlying cooler 

deposit or substrate (quenching stress), and (3) high thermal gradients between 

deposit layers. Post-deposition stresses, occurring at the macroscale, can develop 

after the deposit cools down to room temperature, due to the difference in thermal 

expansion coefficients between the deposit and substrate materials (thermal 

stress). Figure 2.34 shows the schematic representation of residual stress 

distribution that can occur in the CSAM of materials. Residual stresses formed in 

CSAM-deposited metallic materials have been reported to be mostly compressive 

due to the solid-state nature of the process: solid-state deformation and the peening 

effect of sprayed particles [81,202,203]. However, other studies have reported 
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tensile residual stress in CSAM deposits [83,85]. Therefore, the nature and 

magnitude of the residual stress depend on the materials involved and the spraying 

conditions employed. These have been investigated for several CSAM-deposited 

metals; however, studies on the residual stress of CSAM of CoCrFeNiMn HEA are 

limited [204,205]. Therefore, the following paragraphs discuss previous reports on 

residual stress in other CSAM metallic deposits. The experimentally measured and 

numerically predicted results are included. Thus, this discussion provides a 

fundamental understanding of the development of stresses and the final residual 

stress state in metals during CSAM relevant to the work in this thesis. This insight 

can be employed in the investigation of residual stress development in CoCrFeNiMn 

HEA during CSAM. 

 

Figure 2.34: Schematic representation of residual stress distribution with the 
deposit-substrate system for CSAM [206]. 
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2.7.1 Experimental measurement techniques 

Two common experimental techniques, destructive and non-destructive, have been 

employed to measure residual stress in CSAM deposits. Nondestructive techniques 

measure residual stress without damaging the deposit, except in some cases where 

thin material is removed for through-thickness measurements [81,207]. The 

common techniques employed for CSAM deposits include diffraction methods such 

as X-ray diffraction (XRD) [207–210], neutron diffraction methods [83,84,211], and 

curvature measurements [202,212].  

Destructive techniques, on the other hand, measure residual stress by strain 

relaxation through the removal of materials from the deposit. The removal of 

materials from the deposit alters the displacement field and shape of the deposit, 

which is measured using strain gauges or a coordinate measurement machine 

(CMM). The resultant stress can then be evaluated by the change in strain and 

using constitutive material laws. This technique includes common methods such as 

hole drilling [213,214], layer removal [215], and contour methods [85,216–218]. 

These methods are suitable for thick deposits, such as those obtained using CSAM. 

The advantage of these methods is the simplicity of their approach, and the results 

are independent of the microstructure of the deposit. A major disadvantage of these 

methods is the permanent damage caused to deposited samples. 
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2.7.2 Critical discussion on residual stress of CSAM deposits 

In a study by Luzin et al. [219], compressive residual stresses were measured in Al 

and Cu deposits using the neutron diffraction technique, as shown in Figure 2.35. 

Cu deposits show more significant compressive residual stress (~50-80 MPa) than 

Al deposits (<10 MPa). The greater compressive stress in the Cu deposits is 

attributed to the dominant accumulative peening stress over the thermal stress as 

the Cu particles deformed more severely than the Al particles, regardless of the 

substrate material. Thermal contraction stresses had little effect on the overall 

stress profile owing to the small temperature accumulation of ~100 °C during the 

CSAM process. In another study, Suhonen et al. [202] used the curvature-based 

approach to determine the residual stress formation during CSAM deposition of Al, 

Cu and Ti deposits on carbon steel, stainless steel and Al substrates. Compressive 

stress was mainly formed owing to the nature of the CSAM process, but neutral and 

tensile residual stresses were also formed in the studied deposits. The authors 

reported that the evolution of the stresses in the deposits can be either compressive 

or tensile depending on (1) the density of the particles and their deformation 

behaviour upon impact and (2) the difference in the coefficient of thermal expansion 

(CTE) of the sprayed material and the substrate. Owing to the low density and high 

CTE of Al compared to the stainless-steel substrate, tensile residual stress was 

observed in the Al deposits. They also reported that thermal stresses were dominant 

in the Ti deposits owing to the quenching stress formed during the spraying of Ti 

particles on the substrates at a gas temperature of 700 °C. To form dense 

microstructure of deposits using difficult-to-spray powder metals, high gas 

temperatures are often employed to thermally soften the sprayed particles. Under 
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these conditions, thermal stress may become dominant, even larger than the 

peening stress; hence, the nature and magnitude of the residual stress may vary 

significantly depending on the spraying conditions employed and the CTEs of the 

particle-substrate materials. 

 

Figure 2.35: Measured residual stress (symbols) and fitted (lines) of through-
thickness stress profiles of (a) Cu/Cu, (b) Cu/Al, (c) Al/Cu, and (d) Al/Al samples  
[219]. 

In contrast to the commonly observed compressive residual stress in CSAM 

deposits, Luzin et al. [84] demonstrated that the residual stresses in CSAM Ti 

deposits on Fe and Al substrates mainly formed through a thermal mismatch 

mechanism because of the difference in the CTEs of the materials. This thermal 

effect was ten times larger than the compressive deposition (peening) stress, 

resulting in tensile residual stress. Similarly, Spencer et al. [220] reported a thermal 
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mismatch dominant mechanism in sprayed pure Al particles on Mg alloy substrate 

using N2 at 550 ºC and 3.85 MPa. Moreover, tensile residual stresses (quenching 

stress and thermal mismatch dominant mechanisms) in CSAM deposits have been 

reported by several other researchers [83,85,202], which were attributed mainly to 

the gas temperatures and material combinations employed. 

Apart from the aforementioned spraying conditions, the nozzle transverse speed 

and powder feed rate have been reported to significantly influence the nature and 

magnitude of the residual stresses in CSAM deposits. For instance, Vargas-

Uscategui et al. [211] reported the formation of tensile residual stress in a CSAM 

hollow Ti cylinder. The tensile residual stress formed was attributed to the slow 

nozzle transverse speed and high powder feed rate employed. Furthermore, Brown 

et al. [212] reported the compressive residual stress in a CSAM CuNi deposit when 

using a higher nozzle transverse speed. These studies suggest that slow transverse 

speed and high powder feed rate during CSAM can contribute to an increase in the 

accumulation of heat, resulting in high thermal gradients and hence the formation 

of tensile residual stresses. Moreover, Ghelichi et al. [207] in their study found that 

the accumulated temperature during CSAM had an adverse annealing effect on the 

compressive residual stress and promoted residual stress relaxation.  

Another factor that can influence residual stress in CSAM deposits is the thickness 

of the deposit [178,208], particularly for 3D thick components, where alternating 

changes in the sign and magnitude of the stresses for each layer can, in some 

cases, result in the delamination of the deposit [85]. A study by Boruah et al. [85] 

showed the residual stress formed in a thick deposit of Ti6Al4V on a Ti6Al4V 

substrate using neutron diffraction and contour methods for stress measurement.  
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Tensile residual stress was measured on the deposit near the surfaces and then 

became compressive closer to the interface and the substrate as shown in Figure 

2.36. The tensile residual formed in their study was attributed to a high thermal 

gradient and quenching dominant process as the feedstock was sprayed using N2 

at 5 MPa and 1100 ºC.  

 

Figure 2.36: Measured residual stress using the neutron diffraction and contour 
method and analytically predicted through-thickness stress profile of CSAM Ti6Al4V 
deposit on Ti6Al4V substrate [85]. 

Many published articles on the residual stress of CSAM deposits employ mainly 

diffraction techniques for stress measurement; however, the use of the contour 

method for CSAM deposits is limited in the literature [83,85,211,216,217]. This 

technique is advantageous for large components fabricated using the CSAM 

technique. In general, residual stresses formed in CSAM deposits will thus influence 

the fatigue and fracture performance of a repaired part or component [80–82], and, 
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hence, the mechanical integrity of the components. It is therefore important to 

evaluate and understand residual stress formation during CSAM, which can be 

beneficial in optimising the process for repair and manufacturing in the aerospace 

sector. 

2.7.3 Critical discussion on numerical modelling of residual stress 

in CSAM deposits 

Due to the limitations of experimental measurements of residual stress in CSAM 

deposits, numerical models have become more popular in predicting residual 

stresses in deposits. Experiments require a long time to perform, and at high cost, 

which makes it challenging to optimise the CSAM process. With recent advances in 

computational resources and methods, finite elements (FE) methods are now widely 

used to predict residual stresses within a shorter period, making it easier to optimise 

the deposition process. The common FE methods employed in the numerical 

modelling of residual stresses in CSAM are the numerical methods discussed in 

section 2.6.1: coupled temperature-displacement Lagrangian-based FEM methods, 

Eulerian, and CEL methods. A recent review by Fardan et al. [159] provided 

information on the numerical modelling of residual stress in CSAM. Both single-

[221] and multi-particle impacts have been employed to predict the evolution of 

residual stress in CSAM deposits [207,222]. 

Ghelichi et al. [207] studied the annealing effect of process temperature on the 

residual stress relaxation of Al alloys. Numerical simulations of the CSAM process 

were performed, and the results were verified using XRD in-depth stress 
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measurements. In their study, multi-particle impact analysis (explicit dynamic 

analysis) was performed to predict and evaluate the residual stress formation in the 

CSAM process. In another study, Lin et al. [223] performed a multi-particle impact 

analysis to investigate the influence of interface bonding of sprayed particles on the 

residual stress of CSAM Al6061. Moreover, Saleh et al. [224] and Wang et al. [217] 

also employed multi-particle impact analysis to predict and understand the 

formation of residual stress during CSAM. Although explicit dynamic analysis of 

particle depositions is more effective for modelling peening stresses in CSAM 

because of the nonlinearity associated with the impacts, the residual stresses 

predicted using explicit multi-particle dynamic impacts can be highly oscillating, 

reaching the local yield point of the material owing to complex interactions of 

temperature and time-dependent localised plasticity between and within splats 

[207,222,224]. Moreover, convective and radiative heat transfer sources that can 

be present during CSAM were not included in those explicit dynamic models, which 

can result in poor quantitative agreement between the experimental and numerical 

results.  

Recently, modified FE schemes, such as the explicit-implicit and or element birth-

death techniques, have been used to model residual stress development in CSAM 

deposits. For instance, Bansal et al. [225,226] and Oviedo et al. [227] employed the 

explicit-implicit FE technique to model residual stress formation in high-velocity 

impact depositions. The explicit scheme was used to model particle impact, that is, 

peening stress, whereas the layer-by-layer addition of the deposit was modelled 

using the implicit scheme. In their study, the explicit scheme employs single-particle 

impacts; however, it omits the contributions of multi-particle impacts of random 
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distributions of particle diameters. The implicit scheme, on the other hand, employs 

the element birth-death technique, where elements in the layers of material are 

activated and deactivated based on the deposition time, nozzle location, nozzle 

transverse speed, and deposit thickness. This scheme allows the capture and 

inclusion of the heat source from the nozzle [228–230] into the FEM. In addition, the 

heat loss by convection and radiation can be inputted in the FEM.  

Using these modified FE schemes, Arabgol et al. [231] analysed the thermal history 

and residual stress in CSAM Cu deposits on Cu and steel substrates. The measured 

thermal history of the materials during spraying is shown in Figure 2.37. They 

reported that the heat input and associated thermal history play a significant role in 

the final residual stress in the deposits, which can change the in-plane stress from 

compressive to tensile. Similar investigations have been performed by several other 

researchers using these modified FE implicit schemes [232–235]. However, the FE 

method in most of these studies did not include the deposition peening stress, which 

can be obtained using explicit dynamic particle impacts. Therefore, a better result 

can be obtained using the multi-particle explicit scheme, with random distributions 

of particles representing the spraying process, to model the peening stress. This 

peening stress can then be employed as the initial stress in the element birth-death 

technique for the thermo-mechanical analysis of residual stress in CSAM deposits. 

This FE technique has not been employed for CSAM residual stress predictions in 

the open literature. Furthermore, the deposit element can be activated block-by-

block [232] instead of layer-by-layer in the implicit scheme, to correctly track the 

evolution of stresses as the deposit layers are formed. 



106 
 

 

Figure 2.37: Measured and FE temperature history during cold spraying of Cu, Cu, 
and steel. For the measured thermal histories, (a) shows an overview of the 
deposition of five layers and (b) a close-up view of the first-layer deposition. (c) and 
(d) shows a comparison of the measured and FEA thermal histories of steel 
substrates before and after CSAM [231]. 
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2.8 CoCrFeNiMn high entropy alloy 

2.8.1 Introduction to high entropy alloy 

In the conventional strategy of developing alloy materials, testing begins with a 

single element, and thereafter, certain proportions of alloying elements are 

gradually added or removed until the desired properties for certain uses are found. 

This implies that the final alloy material is composed of one or two principal 

elements, with numerous other elements in minute quantities. For example, steel is 

principally based on Fe, and Mg alloys are based on Mg. In 2004, Yeh et al. [35] 

and Cantor et al. [36] independently published articles on high entropy alloys 

(HEAs), which are composed of multiple principal elements in equiatomic or near-

equiatomic proportions. These materials are known to form single-phase crystalline 

structures; for example, CoCrFeNiMn, commonly known as the Cantor alloy [36]. 

The widely accepted definition of a HEA is an alloy of at least five metallic elements 

(i.e., N ≥ 5), each with a concentration ranging from 5-35 at.% [236]. The hypothesis 

behind this definition is that the presence of multiple elements near equiatomic 

proportions would increase the configurational entropy of mixing (∆𝑺𝒎𝒊𝒙) to enough 

able to overcome the enthalpy of mixing (∆𝑯𝒎𝒊𝒙), thereby hindering the formation of 

brittle intermetallics [35]. Based on phase diagrams, it is generally believed that 

there is a higher probability that intermetallics will form when elements react near 

the centre of the phase diagram as opposed to the corners where solid solutions 

can be easily formed. However, Yeh et al. [35] reasoned that as the element in alloy 

increases, the contribution of ∆𝑺𝒎𝒊𝒙 in the total free energy (G) would overcome that 
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of ∆𝑯𝒎𝒊𝒙, as provided in Equation (2.25), and hence stabilises the formation of solid 

solutions.  

𝑮 = ∆𝑯𝒎𝒊𝒙 − 𝑻∆𝑺𝒎𝒊𝒙 (2.25) 

The entropy of ideal solid solutions can be estimated with the Boltzmann equation, 

which requires atoms to occupy random lattice positions. The value of the estimated 

entropy provides the basis for distinguishing low (∆𝑺𝒎𝒊𝒙< 0.69R); where R is the 

ideal gas constant, medium (0.69R <∆𝑺𝒎𝒊𝒙< 1.61R), and HEAs (∆𝑺𝒎𝒊𝒙< 1.61R) 

[237]. This is illustrated in Figure 2.38. 

 

Figure 2.38: Random solid-solution alloys divided by their entropy of mixing [238]. 

Equation (2.26) shows the relationship between ∆𝑺𝒎𝒊𝒙, R, and the mole fraction 𝒙𝒊 

of the  element 𝒊𝒕𝒉. The ∆𝑺𝒎𝒊𝒙 in Equation (2.26) has four contributions: 

configurational, thermal (or vibration), magnetic dipole and electronic randomness; 

however, ∆𝑺𝒎𝒊𝒙 is approximately the configurational contribution being the more 

dominant among the contributions, and that simplifies the calculations. Increasing 
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the number of elements in Equation (2.26) would increase the ∆𝑺𝒎𝒊𝒙 and it is 

maximised when the molar fraction 𝒙𝒊 of each constituent element are equal [35]. 

From Figure 2.39, a maximum of 13 elements is suggested as the upper limit for 

the HEAs composition. This is because increasing the number of elements from 13 

to 14 produces a negligible increase (2.7%) in the ∆𝑺𝒎𝒊𝒙 [238]. Thus, increasing the 

number of elements is likely to increase the complexity and cost of the HEA system, 

and this becomes less beneficial. 

∆𝑺𝒎𝒊𝒙 = −𝑹∑𝒙𝒊(𝒍𝒏𝒙𝒊) = 𝑹𝒍𝒏𝑵

𝑵

𝒊=𝟏

 (2.26) 

 

Figure 2.39: Number of elements as the entropy of mixing increases in solid solution 
equimolar alloys [238]. 

As HEAs are composed of multi-principal elements that form solid solutions with 

simple crystalline structures, their properties have been reported to surpass those 

of conventional alloys. This makes HEAs attractive in many fields, both in academia 

and industry, owing to their promising structural applications and functional 

properties compared to common structural materials, as shown in the Ashby plot in 
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Figure 2.40. Notwithstanding these advantages, most HEAs cover a limited range 

of material systems, typically on transition metals such as Cr, Co, Fe, Ni, Mn, and 

Cu, or on refractory metals such as V, Ta, Ti, Mo, Cr, Nb, W, Zr, and Hf [237]. 

 

Figure 2.40: Ashby plot of fracture toughness versus yield strength of common 
structural materials. HEAs exhibit an outstanding combination of damage-tolerant 
mechanical properties compared with other materials [41]. 

These HEAs do not always form simple crystal structures (FCC and BCC), but also 

complex phases (e.g. laves) and intermetallics. For instance, equiatomic 

CoCrFeNiMn, first studied by Cantor et al. [36] upheld as a stable solid solution 

phase, has been shown to decompose into a multiphase component when exposed 

to temperatures below 800 °C [239,240]. This suggests that the formation of solid 
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solutions with simple crystal structures and other phases in HEAs is largely 

dependent on the competition between ∆𝑺𝒎𝒊𝒙  and ∆𝑯𝒎𝒊𝒙. 

2.8.2 The core effects 

Many factors have been reported to contribute to the formation of solid solutions in 

HEAs, but only four have been widely accepted as the main ones: (1) high entropy, 

(2) lattice distortion, (3) sluggish diffusion and (4) “cocktail” effects. Collectively, 

these four factors were grouped as core effects. 

The core effects of HEAs have been thoroughly discussed in several studies 

[238,241–244]. A brief discussion is provided in this section. 

• For the high entropy effect, the high configurational entropy of HEA interferes 

with the formation of complex phases. The high entropy in solid solution 

HEAs has a dominant effect on the phase Gibbs energy, which can result in 

the stability of solid solutions relative to intermetallic phases. 

• Because of the atomic size mismatch of the different alloying elements in 

HEAs, their lattices are severely strained, as illustrated in Figure 2.41. This 

can affect the physical and mechanical properties of HEAs. 

• Sluggish diffusion kinetics are generally observed in HEAs, which in turn can 

slow the phase transformation. This is because atomic diffusion is more 

difficult through solid solutions with many elements having high 
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concentrations, mainly because of variations in the bonding environment 

through their lattices. 

• The so-called “cocktail effect” results from the complexity of HEAs 

compositions, in which interactions between elements give rise to unusual 

behaviours, as well as average composite properties (rule of mixtures) [242]. 

 

Figure 2.41: Schematic illustration of lattice distortion in a bcc crystal structure, as 
atoms of different sizes are randomly distributed in the crystal lattice [245]. 
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2.8.3 CoCrFeNiMn HEA 

The CoCrFeNiMn HEA, known as the Cantor alloy, is the most studied HEA owing 

to its single-phase, simple crystal structure, and exceptional mechanical properties. 

The HEA exhibit excellent strain hardening capability and ductility at room and 

cryogenic temperatures [42], and excellent fracture toughness at cryogenic 

temperatures [41], making them a promising structural material for space 

applications and other cryogenic or room temperature applications. However, many 

efforts are being made to improve the mechanical properties of HEA for practical 

applications, as the HEA show a relatively low yield strength (YS ~ 300 MPa) and 

ultimate tensile strength (UTS ~ 500 MPa) at room temperature [246]. 

Several essential parameters were employed to predict the solid solutions and other 

phases of the HEA. These parameters include the atomic size mismatch (𝜹), ∆𝑺𝒎𝒊𝒙, 

∆𝑯𝒎𝒊𝒙, electronegativity (∆𝝌) and valence electron concentration (VEC). These 

parameters are defined by Equations (2.27)-(2.30) [245,247,248]. Where ∆𝝌𝒊 = 

Pauling electronegativity’s for each element, 𝒓𝒊, 𝒓𝒋 = atomic radii of ith and jth 

element, 𝟒𝚫𝑯𝑨𝑩
𝒎𝒊𝒙 is related to the ∆𝑯𝒎𝒊𝒙 of pairs of elements A and B. The 

calculations performed for the CoCrFeNiMn HEA revealed values provided in Table 

2.1. The calculated ∆𝝌𝒊 = 13.84% predicted the formation of the sigma phase in the 

HEAs [249], which were confirmed experimentally by several other studies after 

annealing at <800 ºC [239,240].  
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𝜹 = √∑𝒙𝒊 (𝟏 −
𝒓𝒊

∑ 𝒙𝒊𝑟𝒋
𝑵
𝒋=𝟏

)

𝟐𝑵

𝒊=𝟏

 (2.27) 

∆𝝌 = √∑𝒙𝒊 (𝝌𝒊 − ∑ 𝒙𝒋𝝌𝒋

𝑵

𝒋=𝟏
)

𝟐𝑵

𝒊=𝟏

 (2.28) 

∆𝑯𝒎𝒊𝒙 = ∑ 𝟒𝚫𝑯𝑨𝑩
𝒎𝒊𝒙𝒙𝒊𝒙𝒋

𝑵

𝒊=𝟏,𝒋>𝟏

 (2.29) 

𝑽𝑬𝑪 = ∑𝒙𝒊(𝑽𝑬𝑪𝒊)

𝑵

𝒊=𝟏

 (2.30) 

 

Table 2.1: Calculated values of prediction parameters for CoCrFeNiMn HEA 
[245,248,249]. 

Parameters Values 

∆𝑯𝒎𝒊𝒙 -3.36 kJ/mol 

∆𝑺𝒎𝒊𝒙 13.38 J/K/mol 

𝜹 ≤ 4.3 or 3.27 % 

VEC ≥ 8 
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Phase diagrams can also be used to design and predict the HEA phases. Phase 

diagrams are guidelines or roadmaps that provide key information on a given alloy 

composition and temperature. This includes the phases present and their 

compositions, volume fractions, and transformation temperatures. CALPHAD 

(CALculated PHAse diagram) has been employed as a modelling technique 

integrated with essential experiments to effectively determine HEA phase diagrams 

[250–252]. In this approach, thermodynamic functions which empirically fit the 

experimental data from binary and ternary phase diagrams were developed and 

subsequently combined and extrapolated to multicomponent alloys [253]. 

2.8.4 Plastic deformation of CoCrFeNiMn HEA 

Four fundamental methods can be employed to improve the plastic deformation 

resistance of a metal: (1) solid solution strengthening associated with atomic-size 

mismatch and local chemical bonding between constituent elements, (2) strain 

hardening, (3) grain refinement induced by severe plastic deformation, and (4) 

precipitation hardening by ageing or appropriate thermomechanical processes. 

Thermomechanical processing of the CoCrFeNiMn HEA has been performed by 

several researchers to overcome the strength-ductility trade-off associated with the 

HEA [246]. This process involves imposing plastic deformation and subsequent 

ageing to relieve the stress and improve the ductility of the deposit. Techniques 

such as high-pressure torsion and equal-channel angular pressing are often used 

to induce severe plastic deformation in HEA [246,254,255]. However, the ductility 

of these deposits is limited. In addition, laser- and electron-based AM techniques 

have been employed to manufacture parts made with HEA [79,256–258]; however, 
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non-equilibrium solidification structures and elemental segregation resulting from 

the high thermal input and rapid cooling are often observed in the microstructure. 

Nonetheless, observations of the microstructure of HEA processed with these 

techniques revealed intensive deformation twinning and significant grain refinement 

as the two main microstructural features. Thus, these microstructures affected the 

mechanical properties of the deposits. A typical microstructure obtained using high-

pressure torsion is shown in Figure 2.42. Table 2.2 provides a summary of the 

mechanical properties of HEA manufactured using various techniques. 
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Figure 2.42: EBSD inverse pole figure (IPF) map (a,e), kernel average 
misorientation (KAM) map (b,f), image quality (IQ) (c,g), and phase distribution (d,h, 
i) maps of the high-pressure torsion processed CoCrFeNiMn HEA at room 
temperature (a-d) and cryogenic temperature (e-i). High-angle grain and twin 
boundaries are shown in the maps [259]. 
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Table 2.2: Summary of the mechanical properties of the CoCrFeNiMn HEA 
manufactured using various techniques. Where HV is Vickers hardness. 

Paper Processing 
Grain 
size 

HV 
YS 
(MPa) 

UTS 
(MPa) 

Elongati
on (%) 

Shahmir et 
al. [254] 

As-cast 
homogenised 

- ~135 240 500 90 

Shahmir et 
al. [254] 

High-pressure 
torsion (strain 
> 40) 

<50 nm ~455 1400 1740 4 

Li et al. 
[260]  

Cold-rolled 
(>90 %) 

130 nm - 1199 1335 5 

Shahmir et 
al.[255] 

Equal- 
angular 
channel 
pressing: after 
the 4th pass 

100 nm ~315 980 990 35 

Otto et 
al.[44] 

Cold-rolled 
(96 %) 

4.3 µm 418 - - - 

Schuh et 
al. [240] 

High-pressure 
torsion (strain 
>50) 

~50 nm 520 ~1750 ~2000 <2  

Dovgyy et 
al. [256] 

Powder bed 
fusion 

0.3-1 µm ~215 ~530 ~783 ~23 

Tong et al. 
[79] 

Powder bed 
fusion 

~2 µm ~200 346 566 ~30 
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2.8.5 Phase decomposition of the CoCrFeNiMn HEA 

Annealing treatment is usually applied after severe plastic deformation to improve 

the ductility of the CoCrFeNiMn HEA; however, annealing of the HEA at 

intermediate temperatures has been reported to result in significant phase 

decomposition, which reduces the ductility. Although the HEA was upheld as stable, 

several studies have revealed the decomposition and formation of precipitates of 

the HEA when exposed to temperatures below 800 °C. For example, Otto et al. 

[239] studied the decomposition behaviour of the HEA under prolonged annealing 

(500 days) at intermediate temperatures of 500 and 700 °C. As shown in Figure 

2.43, Cr-rich bcc and sigma (σ), FeCo (B2), and NiMn (L10) phases with complex 

morphologies were distributed at the grain boundaries of the homogenised coarse-

grained HEA. These phases were dissolved at 700 °C. Pickering et al. [261] also 

reported Cr-rich precipitates in coarse-grained HEA following prolonged annealing 

at 700 °C.  
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Figure 2.43: STEM and EDX analyses of an FIB lamella extracted from the 
CoCrFeNiMn HEA after annealing at 500 °C for 500 days. (a) TEM contrast image 
reveals the presence of several precipitates at the grain boundaries of the HEA 
matrix. (b) EDX maps superimposed on the image in (a) show the distinct 
compositions of the phases. (c) Microstructure of the HEA after 500-day anneal at 
700 °C showing enrichment of Cr-rich precipitates, depletion of other elements, and 
slight enrichment of Ni and Mn along the grain boundary [239]. 

While these phases were observed in the coarse-grained HEA under prolonged 

annealing, they were also observed in the severely deformed HEA after short-term 

annealing. For example, Schuh et al.  [240] subjected a homogenised coarse-

grained CoCrFeNiMn HEA to severe plastic deformation using high-pressure 

torsion. After the severe plastic deformation, the HEA remained a single-phase solid 

solution; however, after annealing the deformed sample for a short time of 5 min, 

NiMn and Cr-rich phases were observed. With increasing the annealing time, the 

volume fraction of the phases increased, and a FeCo phase was formed. The phase 
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decomposition of the severely deformed HEA occurred relatively quickly, which was 

attributed to the nanocrystalline grain size of the severely deformed HEA.  

The large number of grain boundaries and defect density appear to facilitate the 

phase transformations in the severely deformed HEA, as the grain boundaries and 

dislocations serve as fast diffusion pathways and preferential nucleation sites for 

the formation of the precipitates [240,261,262]. Tensile and microhardness tests 

revealed excellent strength levels but low ductility. In contrast, Bae et al. [263] 

reported a strength-ductility combination of the HEA after severe plastic deformation 

by cold rolling and subsequent annealing at 650 °C for 1 hr. The strengthening effect 

of partial recrystallisation, with a remaining small volume fraction of the Cr-rich 

phase, led to improved strength at minimised ductility loss. Similarly, Gu et al. [264] 

reported the heterogeneous structure of cold-rolled CoCrFeNiMn HEA samples 

subjected to annealing treatment between 550-700 ºC. Partial recrystallisation 

occurred together with the formation of Cr-rich σ and bcc phases, which improved 

the strength-ductility combination of the HEA. These studies show that partial 

recrystallisation at intermediate temperatures of the HEA after SPD can be utilised 

to improve the mechanical properties of the HEA components; however, there are 

very limited detailed investigations on the influence of annealing treatment on the 

microstructure of the HEA after CSAM and the resulting mechanical properties. 
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2.9 CSAM of CoCrFeNiMn HEA 

In this section, the impact phenomena, deposition mechanism, microstructure, and 

properties of the CoCrFeNiMn HEA deposits manufactured using CSAM are 

reported. Despite many published articles on the processing of HEA using several 

techniques, published articles on the CSAM of HEA remain limited. 

2.9.1 Deposition mechanism and deposit microstructure 

Shuo et al. [40] deposited the CoCrFeNiMn HEA on Al6082 substrate using He as 

a carrier gas at a pressure of 3 MPa, and preheating temperature of 300 ºC. SEM 

and EBSD were used to characterise the microstructure and observe the 

deformation behaviour of the HEA particles on the substrate. Figure 2.44a and b 

show a single-particle impact, while Figure 2.44c presents the dense structure of 

the cold-sprayed HEA deposit. Mechanical interlocking phenomena were observed 

for the single-particle impact, which was also observed in the deposit-substrate 

interface. This impact was due to the SPD of the soft Al alloy substrate upon impact 

with the hard HEA particles. EBSD characterisation of the cold-sprayed HEA was 

performed to reveal its grain structure, as shown in Figure 2.44d and e. 

Characterisation revealed that the grains in the HEA deposit experienced significant 

refinement compared to those in the as-received powder. This was due to dynamic 

recrystallisation (DRX) in the severely deformed interfacial regions of the HEA 

particles. The increased dislocation density and grain boundaries in the CSAM 

deposit contributed to the higher microhardness measured compared to the as-

received powder. 
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Figure 2.44: CSAM CoCrFeNiMn HEA deposit: (a) top surface micrograph, (b) 
cross-sectional view of a hard HEA particle embedded into a soft Al alloy substrate, 
and (c) cross-sectional image of the deposit microstructure. The EBSD inverse pole 
figure (IPF) maps of (e) a single HEA particle impact and (d) CSAM HEA deposit 
[40]. 

Severe plastic deformation of materials during CSAM deposition can significantly 

affect the grain structure of the deposits. Feng et al. [129], through EBSD, reported 

heterogeneous grain structure in the CoCrFeNiMn HEA deposit attributed to the ASI 

and DRX localised in the interfacial regions of the deposited particles. Elongated 
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grains were observed in the particle interiors, and ultrafine grains were observed in 

the particle-particle interfacial regions. Nanohardness was reported to be non-

uniform in the deposit, which was attributed to the grain structure of the deposit, and 

greater values were measured in the interfacial regions. This was correlated with 

ultrafine grains through the Hall-Petch strengthening effect. However, these studies 

did not reveal the type of deformation mechanisms that occur in the HEA during 

CSAM, such as CDRX. 

The solid-state nature of the CSAM process prevents the formation of defects 

associated with elevated temperatures, as is typical with other AM processes. The 

CSAM process not only retains the initial feedstock elemental compositions and 

structures of the HEA but also increases the hardness of the deposit through the 

induced severe plastic deformation. The high strain hardening and resistance to 

strain localisation of the CoCrFeNiMn HEA, however, limited the extensive particle 

deformation and hence inter-particle boundaries and porosity in the deposit. These 

microstructural defects reduce the oxidation resistance of the HEA compared to its 

bulk counterparts [39,265]. Hence, optimisation of the CSAM process for the 

deposition of HEA is important for achieving a desirable deposit quality. In that case, 

the work by Nikbakht et al. [63] on the bonding characteristics of HEA on various 

substrates provides information on the impact phenomena of the alloy during CSAM 

deposition. The study revealed the severe plastic deformation of the grains in the 

lower half of the deposited particles, as shown in Figure 2.45, leading to ultrafine 

grains in those regions and pancake (elongated) grains in the particle interior. In 

their work, single-particle deposition of the HEA on various substrates (Ni, In625, 

and stainless steel 304) showed an impact morphology that is strain-rate- and 
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microstructure-dependent. Larger particles deformed more intensely with the metal 

jets, whereas smaller particles penetrated the substrates more with limited 

deformation, as shown in Figure 2.46. Deformation-induced nano twins and FCC to 

HCP phase transformation features were also observed in the deposited HEA 

particles [63,75], which were attributed to the strain hardening rate of the HEA. The 

high critical shear strain of HEA can impede bonding, which requires a high critical 

velocity. However, numerical modelling, which can reveal the onset of ASI and 

hence the critical velocity of the HEA, has not been investigated. 

 

Figure 2.45: The powder particle microstructure affects the impact morphology of 
CoCrFeNiMn HEA particles upon impact on Ni substrates (a) and (b) and In625 
substrates (c) and (d). The figure shows the electron channelling contrast imaging 
(ECCI) and EBSD maps [63]. 
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Figure 2.46: Deformation morphology of single-particle impacts of CoCrFeNiMn 
HEA on different substrates: (a1-a3) Ni, (b1-b3) stainless steel 304, and (c1-c3) 
In625. Smaller particles (a3-c3) were observed to penetrate the substrates more 
than larger particles [63]. 

In another study, Yu et al. [266] investigated the microstructure and composition 

evolution of CoCrFeNiMn HEA during extreme deformation at a strain rate of 108-

109 /s induced by the CSAM process. The deformation mechanism of the HEA 

during deposition, as explained by the authors, is shown in Figure 2.47. The 

interfacial regions experienced large strain and high strain rate deformations and 

thus exhibited ultrafine nanograins with an average grain size smaller than 100 nm. 

This was attributed to the ASI and DRX. Interestingly, the authors reported a rapid 

redistribution of segregated Mn and Ni in extremely deformed regions. This 

phenomenon occurred because of the increased grain boundary area and 

dislocation density caused by the severe plastic deformation. It is noteworthy that 

the micro-segregation of Mn and Ni in the as-received powder results from the rapid 
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solidification process of the gas-atomisation technique, which is the preferred 

process for HEA powder manufacturing for AM. Moreover, the microsegregation of 

these elements during the solidification of the as-cast HEA was reported by Laurent-

Brocq et al. [215][267]. 

 

Figure 2.47: Schematic illustration of the deformation mechanism and redistribution 
process of Ni and Mn during CSAM. (a) Ni and Mn segregated in interdendritic 
regions in the as-received powder; (b) as particles deformed, LAGBs became 
HAGBs, (c) lamellar grains subsequently formed, and (d) equiaxed nanograins were 
formed under extreme deformation. Meanwhile, Ni and Mn diffused along the grain 
boundaries which then uniformly diffused into nanograins (e) and (f). 

2.9.2 Deposit properties 

The severe plastic deformation of the CoCrFeNiMn HEA induced by the CSAM 

process increased the hardness of the deposit by three orders of magnitude. 

However, this property is also influenced by porosity and interparticle boundaries in 

the deposit. The extent of these deposit microstructure defects was determined by 

the extent of splat deformation. A dense microstructure requires optimised spraying 

parameters to induce extensive splat deformation, leading to the desired deposit 
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quality. Table 2.3 summarises the data collected on the properties of the CSAM 

HEA deposits under different spraying conditions. The porosity of the HEA deposits 

ranges between 0.3-3.0%, and the microhardness is between 350-450 HV; 

depending on the load applied and the degree of porosity and interparticle 

boundaries. There is very limited work that reports other properties of the CSAM 

HEA deposit, such as tensile properties. 
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Table 2.3: Properties of CSAM CoCrFeNiMn HEA deposit. 

Paper 
Type 
of 
gas 

Gas 
pressure 
and 
temperature 

Porosity 
(%) 

Microhardness (HV) 

 
Thickness 
(mm) 

As-
received 
powder 

Deposit 

Yin et al. 
[40] 

He 
3.0 MPa and 
300 ºC 

~0.5±0.2 
~124±39 
(HV0.1) 

~333±35 
(HV0.1) 

1.5 

Ahn et al. 
[268] 

He 

3.0 MPa and 
300 ºC 
(powder was 
also 
preheated to 
600 ºC) 

~0.32 - 
~433 
(HV0.5) 

1.0 

Nikbakht 
et al. 
[63,75] 

He 

N2 

3.2 MPa and 
400 ºC 

4.9 MPa and 
950 ºC 

- 
176 
(HV0.025) 

361±50 
(HV0.1); 
478±38 
(HV0.01) 

~0.25 

Silvello et 
al. [128] 

N2 
7.0 MPa and 
1100 ºC 

<1.0 ~136 
386±6 
(HV0.1)  

~0.6 

Feng et 
al.[129] 

He 
3.0 MPa and 
700 ºC 

~0.7 - - - 

Mahaffey 
et al. [269] 

N2 
5.0 MPa and 
900 ºC 

~3.0 
~163±19 
(HV0.025) 

~351±32 
(HV0.3) 

3.1 
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2.9.3 Post-deposition annealing treatment 

Post-deposition heat treatment or annealing is usually employed to improve the 

microstructure of CSAM deposits and hence, enhance their mechanical properties. 

Annealing of various materials such as Cu, stainless steels, and Ni-based alloys 

has resulted in improved mechanical properties such as ductility. However, few 

studies have reported the use of post-deposition annealing treatment to reduce the 

porosity and internal defects in CSAM CoCrFeNiMn HEA deposits 

[129,265,268,270]. Ahn et al. [268] performed CSAM deposition of the HEA and 

heat treatments to control the microstructure and nanoindentation properties of the 

deposit. A heterogeneous microstructure was formed in the as-sprayed deposit with 

ultrafine grains at the particle interfaces, whereas coarse grains were formed in the 

particle interiors. In addition, deformation-induced nano twins were observed inside 

the deformed particles. After heat treatment at 550 °C for 2 hrs, fine Cr-rich 

precipitates formed at the grain and particle boundaries. Increasing the annealing 

temperature to 850 °C increased the size and volume fraction of the precipitate. At 

this annealing temperature, the deposit was fully recrystallised. The microhardness 

of the as-sprayed deposit was higher than that of the annealed sample as expected. 

This was attributed to the recovered and recrystallised grains in the annealed 

deposit. 

In another study, Feng et al. [129] investigated the as-sprayed HEA deposit after 

subsequent annealing treatments at 650 and 1150 °C. Ultrafine and coarse grains 

were also observed in the as-sprayed deposit, leading to a heterogeneous 

microstructure. After annealing at 650 °C, the localised strain was relieved, and 
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ultrafine grains nucleated at the grain boundaries owing to static recovery and 

recrystallisation. After annealing at 1150 °C, large, dislocation-free equiaxed grains 

with annealing twins were formed. The microstructural evolution of this study is 

shown in Figure 2.48. However, this study did not reveal any precipitates formed 

during the annealing treatment at intermediate temperatures. There is thus a limited 

study on the effect of annealing treatment and formation of precipitates on the 

microstructure of CSAM-deposited CoCrFeNiMn HEA deposits. Furthermore, there 

are very limited reports on the tensile properties of the HEA [88,270]. Moreover, 

there exists a gap in knowledge on the effect of the annealing treatment of the 

deposit on the tensile properties of the HEA.   

 

Figure 2.48: EBSD maps of CSAM CoCrFeNiMn deposits before and after 
annealing: (a)–(d) as-deposited, (e)–(h) annealed at 650 °C, and (i)–(l) annealed at 
1150 °C The inverse pole figure (IPF), image quality (IQ), kernel average 
misorientation (KAM) maps, and grain-size distributions are shown in Figure [129].  
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Apart from the recrystallisation and precipitate formation that can occur during the 

annealing treatment of the cold-sprayed HEA, the atomic diffusion and improved 

metallurgical bonding of deformed splats to have a dense deposit are beneficial for 

improved mechanical properties. This was observed for CoCrFeNi HEA deposited 

using cold spray; for example, Fan et al. [88] fabricated bulk CoCrFeNi HEA by cold 

spray and performed post-deposition annealing at the temperature range of 500-

1000 ºC for 2 hrs. In the as-sprayed condition, the deposit exhibited a high 

compressive strength but fractured within the elastic deformation regime. Annealing 

at higher temperatures resulted in an excellent combination of strength and ductility 

of the deposit because of partial and full recrystallisation, as well as the enhanced 

particle-particle interface diffusion and the resultant metallurgical bonding. A 

detailed investigation is thus required for the CSAM CoCrFeNiMn HEA deposit. The 

investigation could involve the optimisation of the annealing treatment for enhanced 

metallurgical bonding, and considering the strengthening effect of Cr-rich 

precipitates for improved mechanical properties. 
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2.10 Summary and gaps in the literature 

2.10.1 Summary 

The overall main points in the summary of the literature review in this chapter are 

as follows: 

• Cold spray is an emerging solid-state AM technique that allows for the layer-

by-layer deposition of a wide range of materials using the kinetic energy of 

sprayed particles, forming dense deposits. The technique has been 

employed for several applications, ranging from the repair and restoration of 

damaged components to the AM of large components. Several metallic 

materials have been employed for these applications, including Cu, Al, Ti, Ni, 

and their alloys; however, HEAs have yet to be explored for these 

applications.  

• The deposit microstructure in CSAM is dependent on the spraying 

parameters employed, mainly the gas pressure, gas temperature, powder 

type, and spraying kinematics. Numerical and experimental analyses have 

been conducted to investigate the influence of these factors on the deposition 

mechanism during particle depositions.  

• The bonding mechanisms in CSAM, though still under debate, have been 

understood through numerical and post-mortem analyses. The generally 

accepted phenomenon responsible for the bonding mechanism in CSAM is 

adiabatic shear instability. The two main bonding mechanisms include 
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metallurgical bonding and mechanical interlocking. These bonding 

mechanisms depend on several factors, including the material combination. 

• The understanding of the deposition mechanisms in CSAM helps to develop 

the optimum window of depositions for the CSAM processing of a wide range 

of materials. Furthermore, for the deposition of particles on substrates, the 

particle impact velocity needs to reach a critical velocity, which is affected by 

the powder state, size, temperature, and the process condition itself. The 

critical velocity of a wide range of metallic materials has been determined 

using numerical and experimental techniques. The values of the critical 

velocities and particle velocities obtained can then be employed for the 

optimisation of the CSAM process.  

• During CSAM deposition and hence powder consolidation, dynamic 

recrystallisation (via continuous dynamic recrystallisation) and adiabatic 

shear instability have been reported to contribute to the microstructure 

formed in deposits: a heterogeneous microstructure composed of severely 

deformed and highly oriented ultrafine grains at the impacting interfaces and 

lightly deformed coarse grains at the particle interiors. It was established that 

the degree of dynamic recrystallisation depends on the material properties. 

• The deposition mechanism and spraying conditions employed during CSAM 

also influence the final residual stress state of the deposits. Compressive 

residual stress has mostly been observed in CSAM deposits; however, 

studies have shown that tensile residual stresses are also formed. Thus, the 

nature and magnitude of residual stresses in CSAM are dependent on the 
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spraying parameters and materials involved, owing to differences in the 

thermal expansion coefficients.  

• Both numerical and experimental analyses have been performed to predict 

and measure residual stress in CSAM; however, there are limited studies on 

the prediction of residual stress using the explicit-implicit finite element 

scheme. In this FE method, the explicit scheme involves multi-particle 

impacts with random configurations of particle diameters and positions 

representative of the CSAM process, whereas the implicit scheme 

constitutes an element birth-death technique with block-by-block (instead of 

layer-by-layer) activation of deposit elements.  

2.10.2 Gaps in the Literature 

The following are gaps in knowledge in the literature to be addressed in this thesis: 

• A major factor in the CSAM deposition of metals is the critical velocity, which 

corresponds to the minimum required impact velocity for the deposition of 

particles on substrates. Determination of the critical velocity of a metal is 

important for the optimisation of the CSAM process. There is a gap in 

knowledge on the critical velocity of CoCrFeNiMn HEA, and hence the 

optimisation of the CSAM process for obtaining high-quality deposits of the 

HEA.  

• The literature shows that the degree of dynamic recrystallisation is affected 

by material properties, such as stacking fault energies and activation energy 
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for recrystallisation. While this has been observed between Ni and Cu, there 

is yet a detailed investigation of this deposition mechanism in the 

CoCrFeNiMn HEA during CSAM. Furthermore, numerical analysis can be 

combined with experimental investigation to explain the deposition 

mechanism of materials during CSAM; however, there is a wide knowledge 

gap in the numerical analysis of multi-particle impacts of the HEA. 

• Post-deposition annealing treatment is often employed to improve the 

microstructure and mechanical properties of CSAM deposits. There is 

however a wide gap in knowledge on the effect of annealing treatments on 

the CSAM CoCrFeNiMn HEA deposits. Moreover, it is unclear the effect of 

the presence of precipitates such as the Cr-rich phase on the mechanical 

performance, particularly the tensile properties, of the CSAM HEA deposits. 

• There is a knowledge gap on the residual stress of the CSAM CoCrFeNiMn 

HEA deposits. Moreover, there is a gap in the literature on explicit-implicit 

finite element schemes for residual stress prediction in deposits 

manufactured using CSAM.  
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3 Experimental Methods  

This chapter provides an overview of the various experimental techniques employed 

in this thesis. The CSAM apparatus used for the deposition of materials onto various 

substrate materials, the various characterisation equipment and a summary of their 

principles are described. Additional information on the methods employed is also 

included in each chapter's methodology sections.  

3.1 Materials 

The feedstock powder used for this thesis was a gas-atomised, pre-alloyed 

CoCrFeNiMn HEA provided by HC Starck Surface Technology & Ceramic Powders 

GmbH (Goslar, Germany). Four substrates were used for the spray depositions: 

stainless steel (SS304), Ti6Al4V (Ti64), commercially pure aluminium (CPAl), and 

Al alloy 6082 (Al6082). As provided by the manufacturers, the nominal composition 

(wt.%) of the feedstock powder was 20 wt.% of each element in the material. The 

nominal compositions (wt.%) of the soft substrates—CP Al was provided as 0.09 

Fe, 0.32 Si, 0.02 Zn and the balance being Al, and Al6082 was provided as 0.36 

Mg, 0.27 Si, 0.04 Ti, 0.12 Mn, 0.02 Fe, Cr and Zn, 0.03 Cu, the remainder being Al. 

For the hard substrates nominal composition (wt.%) of Ti64 was provided as 6.54 

Al, 4.13 V, 0.02 Si, 0.01 Mn, 0.03 Mo, 0.05 Fe, 0.04 Nb and Ti to balance, and 

SS304 was provided as 19.0 Cr, 9.3 Ni, 0.05 C and Fe to balance. 
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3.2 CSAM deposition 

The deposition of the HEA feedstock powder was performed using a high-pressure 

CSAM system at the University of Nottingham. The CSAM system is an in-house 

built rig that uses helium and nitrogen gases. A schematic illustration of the rig is 

provided in Figure 3.1. The system runs using a 15-kW gas heater (Infinity Fluid, 

USA) attached to the rig, providing a maximum gas temperature of 537 ºC. The 

CSAM rig is designed to operate to a maximum accelerating gas pressure of 3.5 

MPa, while the powder carrier gas was usually set approximately 0.1 MPa higher 

than the accelerating gas pressure to ensure powder feeding into the accelerating 

gas. A commercial high-pressure powder feeder (Praxair 1264 HP, Indianapolis, IN, 

USA) was used with a 12-slot feeding wheel. The powder feeding wheel was set to 

0.5 rpm for the single particle impact test, (i.e., swipe test) and 2 rpm for deposit 

fabrication. The swipe test is a deposition process where the substrate is moved 

past the nozzle rapidly to allow for single-particle deposition from the powder-

impacting flux. In this study, a mirror-polished substrate was moved rapidly through 

the spray jet, at a low powder feed rate and a high nozzle transverse speed to 

achieve the lowest impacting particle flux onto the substrates. The powder feeder 

set at 0.5 rpm corresponds to a powder feeding rate of ~9 g/min, while that set at 2 

rpm corresponds to ~40 g/min of the HEA feedstock powder. It is noteworthy that 

the powder feeding rate can also be influenced by the powder particle size 

distribution and flowability of the feedstock powder. 
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Figure 3.1: Schematic illustration of the set-up of the CSAM rig used in this thesis. 

In this thesis, the nozzle was fixed to a frame while the substrate samples were 

transversed on two different configurations or set-ups: a programmable x-y table 

and a robotic arm (ABB Robot, UK). In the x-y table, the nozzle was held vertically, 

and the substrate moved below the nozzle, whereas the robotic arm allowed for the 

movement of the substrate horizontally to the nozzle. Nevertheless, these 

configurations did not affect the spraying performed as the configurations allowed a 

controllable scan pattern and velocity. The convergent-divergent nozzle was made 

of hardened stainless steel 316, designed with an area expansion ratio of ~8.9 and 

a divergent length of 150 mm. Figure 3.2 shows the schematic of the nozzle used 

in this thesis with its dimensions. The nozzle-substrate stand-off distance for all 

spray runs was fixed at 20 mm. The transverse speed, the relative motion between 

the nozzle and substrate, for the swipe tests was set to 1000 mm/s. For deposit 
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formation, 60 mm/s and 100 mm/s were set for the transverse speed. Figure 3.3 

shows images of the CSAM rig set up at the spraying booth used in this thesis. 

 

Figure 3.2: Schematic of the nozzle and its dimensions (not sketched to scale) used 
in this thesis. The symbol Ø denote diameter. 

 

 

Figure 3.3: Photographs of the CSAM booth at the University of Nottingham, 
showing the different components or set-up. 
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3.3 Sample preparation 

For the observation of the feedstock powder microstructures, powder samples were 

hot-mounted in a conductive mount of Bakelite using conducto-mount (Metprep, 

UK), put under pressure of 18 MPa and 150 ºC for 5 mins. The powder sample was 

subsequently ground using P800, P1200, and P4000 silicon carbide paper. The 

samples were subsequently polished to a 1 µm surface finish using diamond 

polishing pads, and final polishing was performed using a 0.04 µm colloidal silica 

suspension (Metprep, UK) for 20 mins. After polishing the samples, they were 

carefully rinsed and cleaned with either ethanol or industrial methylated spirit (IMS) 

and dried with compressed air.  

For the swipe test, mirror-polished surfaces of the substrates were prepared 

following the metallographic procedure for the powder sample. On the other hand, 

to manufacture deposits of the feedstock powder, the substrate was ground with 

P240 silicon carbide paper. After grinding or polishing, the substrate samples were 

rinsed, cleaned with IMS or ethanol, and dried with compressed air. 

Following the deposition of the feedstock powder on the substrates, deposit 

samples were cross-sectioned using a Qcut 200 precision cutting machine 

(Metprep, UK) and silicon carbide cutting disc (Metprep, UK). The sectioned 

samples were then hot-mounted in a conductive mount of Bakelite using conducto-

mount (Metprep, UK), put under pressure of 18 MPa and 150 ºC for 8 mins. The 

samples were ground using P240, P400, P800, P1200, and P4000 silicon carbide 
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paper and thereafter prepared following the metallographic procedure for the 

powder samples. 

3.4 Particle size measurement 

The feedstock powder particle size distribution was obtained using the laser 

diffraction technique. The technique measures particle sizes with light, and the 

angle and intensity of the scattered light from the laser beam would depend on 

particle diameters. Larger particles would scatter light through smaller angles and 

high intensities, whereas smaller particles, higher angle scatter and small signals or 

low intensities [271]. The scattered light is captured with a series of detectors, and 

then the laser system software uses Mie light scattering theory to obtain the 

particles' energy distribution. Subsequently, the particle size distributions are 

produced based on an equivalent spherical diameter.  

In this thesis, the feedstock powder particle size analysis was performed using a 

Horiba LA-960 (Horiba Scientific, Japan) laser diffractometer. Before measurement, 

~20 g of the powder sample was dispersed in a wet medium via ultrasonication in 

the apparatus to prevent particle agglomeration.  
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3.5 Microstructural characterisation 

3.5.1 Scanning electron microscopy 

In a scanning electron microscope (SEM), a focused electron beam from a source 

is used to probe the surface of a sample. Electrons and X-rays are thus emitted 

from the sample, undergoing either elastic or inelastic collisions with the atom of the 

sample. The inelastic collision produces secondary electrons (SE) with energy less 

than the primary impinging electrons, providing surface topography information of 

the sample. The elastic collisions, on the other hand, produce backscattered 

electrons (BSE) with energy greater or equal to the primary impinging electrons 

depending on the atomic weight of the elements in the sample. Thus constitutes an 

important SEM imaging signal providing more detailed information on the sample 

microstructure and characteristics, such as the composition, topography and 

crystallography [272]. Furthermore, when electrons with greater energy above the 

BSE interact with core atoms, they can eject electrons from the atoms, causing 

excitation of the atoms. When the excited atoms decay to their ground states, they 

produce X-ray characteristics of the elements in the sample. The emission of such 

characteristic X-rays is stored as energy in a detector, energy dispersive X-ray 

(EDX) spectroscopy detector, which provides the possibility to identify the elements 

in the specimen through its atomic structure [272]. 

The powder and deposits microstructures in this thesis were characterised using an 

FEI XL30 SEM (Philips FEI, The Netherlands) operated in the SE and BSE modes 

at 20 kV accelerating voltage, a working distance of approximately 10 mm and a 
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spot size of 5 nm. Field-emission gun (FEG) SEM (7100F, JEOL, Ltd., Japan) was 

employed for high-resolution imaging, such as revealing precipitate phases and 

imaging of fractured surfaces. The FEG SEM was operated at 15 kV for all deposits 

and powder imaging at a working distance of 10 mm in SE and BSE imaging modes. 

BSE imaging can be used to visualise differences in elemental composition as high 

atomic weight elements more readily produce them. Also, because they have 

greater energy and can escape from deeper within the sample than SE, BSE images 

can provide a more accurate analysis for the porosity evaluation of the deposit than 

SE and optical microscope images. 

Energy dispersive X-ray (EDX) (Oxford Instruments, UK) spectroscopy detectors 

mounted on the FEG SEM were employed to analyse the elemental composition 

and distribution in the powder particles and CSAM deposits. The EDX analysis was 

performed using the AZtecCrystal software (Oxford Instruments, UK). 

3.5.2 Electron backscattered diffraction 

The electron backscattered diffraction (EBSD) technique provided information on 

the local misorientations, grain size, boundary types, and crystallographic 

orientations of the powder and deposit microstructures. This technique uses the 

projection of BSE, produced most intensely downward and outward on a phosphor 

screen when an electron beam strikes a sample tilted at 70º. The BSE that travels 

along a crystallographic plane trace generates Kikuchi bands whose widths are 

dictated by Bragg's law and the distance between the specimen and the phosphor 

screen. A schematic representation of the EBSD system is provided in Figure 3.4. 

A charge-coupled device (CCD) or silicon-intensified target (SIT) detector or camera 
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detects these Kikuchi bands or patterns. A pattern matching algorithm or Hough 

transform compares the detected bands with those calculated from the crystal 

structure for the phase(s) of interest. These detected bands are solved or indexed 

to find the orientation of the crystal under the electron beam. The crystal structure 

of interest can be selected from a crystal structure database; for instance, the 

Inorganic Crystal Structure Database (ICSD). There were no specific databases for 

the CoCrFeNiMn HEA in this thesis, so the most closely matched database nickel 

or the γ-iron FCC database, was used. The EBSD analyses were performed on two 

FEG SEM:  7100F (JEOL Ltd., Japan) at the University of Nottingham, and Auriga 

Cross Beam (Zeiss, Germany) at Imperial College, UK. A CSAM deposit of the HEA 

on a stainless steel 304 substrate was sent to the latter for characterisation. All other 

ESBD work was performed using the former. While the former FEG SEM was 

operated at an accelerating voltage of 15 kV, with a scanning step size between 50 

and 70 nm, a working distance of 16 mm and a detector insertion distance of 193 

mm, the later FEG SEM was operated at an accelerating voltage of 20 kV, with a 

scanning step size of 50 nm, a working distance of 18 mm and a detector insertion 

distance of 10 mm. The obtained EBSD data at the University of Nottingham were 

analysed using the AZtecCrystal software (Oxford Instruments, UK), whereas 

analysis of the EBSD data obtained from Imperial College was performed using the 

MATLAB MTEX toolbox. The geometrically necessary dislocation (GND) density 

was estimated following Pantleon's methodology [273]. 
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Figure 3.4: A schematic representation of an EBSD system layout. 

Because of some surface blemishes resulting from sample preparation, or pores 

and cracks present in the sample analysed, there would be regions not indexed in 

the EBSD scan. This is usually because of the superposition of diffraction patterns 

on the sample. Also, some regions, specifically interfacial regions, in the analysed 

samples may have poor indexation quality due to severe deformation and ultrafine 

grains in those regions. A typical example of the EBSD micrograph is shown in 

Figure 3.5, showing the different information that can be provided by the EBSD 

scans. The figure also shows regions in the sample with poor indexation quality due 

to the severe plastic deformation experienced by the grains in those regions. 

Consequently, reliable EBSD data was obtained in this thesis by performing an 

automatic data clean-up procedure during the post-processing of the EBSD data. 

The automatic data cleaning process thus corresponds to a noise reduction of 3, 

where each non-indexed pixel with 6 indexed neighbours is examined. The 
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orientation of the non-indexed pixel is then replaced with the most common 

neighbouring orientations. High-angle (>15º) and low-angle grain boundaries (2-

15º) were detected and represented on the inverse pole figure (IPF) maps with black 

and white lines, respectively. The IPF map is used to visualise the orientation of a 

grain by the colour of the crystal facing a specified direction of the sample. The local 

grain misorientations within the samples were represented with the kernel average 

misorientation (KAM) maps. The KAM represents the local lattice curvature. Here, 

the average misorientation of each pixel and its 8 neighbours are calculated, 

excluding grain boundaries higher than 5º, typically used to provide information on 

localised strain variations. A colour gradient was used on the KAM maps, where 

blue corresponds to the absence or very low misorientation, while green or yellow 

indicates a high misorientation. 
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Figure 3.5: An example of an EBSD scan showing (a) an IPF micrograph and (b) 
the misorientation angle of the grains within the analysed region for a deposited 
HEA feedstock using the CSAM process. 
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3.5.3 X-ray diffraction 

X-ray diffraction (XRD) analysis of the samples in this thesis was performed on a 

D8 advanced da Vinci x-ray diffractometer (Bruker, Germany) with a monochromatic 

Cu-Kα radiation (0.15406 nm) in Bragg Brentano θ-2θ geometry. The basis of the 

XRD technique relies on the constructive diffraction from planes within grains that 

satisfy Bragg's law, as represented in Equation (3.1), when an X-ray beam strikes 

a crystalline material. From the Equation, n is an integer, λ is the wavelength of the 

incident X-ray, d is the interplanar spacing, and θ is the angle between the incident 

X-ray and the scattering plane. The crystal structure of the material can be 

determined by analysing the angles and intensities of the diffracted X-ray beams.  

𝒏𝝀 = 𝟐𝒅𝐬𝐢𝐧𝜽 (3.1) 

XRD scans were performed on powder samples and deposits in the 2θ range from 

20-80º with a step size of 0.02º and a dwell time of 0.1 s. Phase identification in the 

samples was completed using EVA software (Bruker, UK), supported by PDF-2 

database files (ICDD-PDF).  

3.6 Porosity and thickness measurements  

3.6.1 Porosity 

The porosity of the CSAM HEA deposits was evaluated using a greyscale image 

analysis technique in ImageJ software (National Institute of Health, USA). BSE 
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images taken from the interface to the top of the deposit were used for the porosity 

evaluation. A typical example of a BSE image of a deposit microstructure showing 

porosity is displayed in Figure 3.6. The dark spots and lines in the image are pores 

and interparticle boundaries in the deposit. As mentioned earlier, BSE images were 

used for a more accurate evaluation of porosity as a better contrast between the 

particles and pores can be obtained by appropriately tuning the contrast and 

brightness knob of the SEM equipment. The porosity of the samples was evaluated 

using the image analysis technique, where the grayscale BSE micrographs with 255 

levels were converted to binary black-and-white images such that pores appeared 

black and the sample microstructure appeared white, as shown in Figure 3.6b. 

These binary images are then analysed using the ImageJ software, which provides 

the surface area fraction (fraction of the black part of the binary images) of the pores. 

Five to ten BSE SEM images of area 0.5 × 0.5 mm2 were captured at x500 

magnification, with each image ranging from 100-500 µm in width and height, 

depending on the thickness of the deposit that was fabricated. The average value 

and standard error of the mean of the porosity measurement were calculated. 
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Figure 3.6: An example of a (a) BSE image and the (b) corresponding 255-pixel 
image showing the bright (deposited material) and dark phase (pores) using the 
ImageJ image analysis technique. 

3.6.2 Thickness 

The measurement function in the ImageJ software was employed to evaluate the 

thickness of the CSAM deposit. Five BSE images were captured at x250 
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magnification across the width of the deposits. The average value and standard 

error of the mean of the measurement were calculated. 

3.7 Mechanical properties  

3.7.1 Nanohardness testing 

Nanohardness measurements were performed on polished cross-sections of 

powder, and CSAM deposit using a NanoTest P3 nano-indenter (MicroMaterials 

Ltd., UK). At least ten measurements were performed on the powder sample by 

indenting the centre of each powder particle. A 20 by 20 array (400 indents) was 

performed at the central region of the deposit samples as shown schematically in 

Figure 3.7.  
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Figure 3.7: Schematic illustration showing the locations in the deposit for 
nanohardness measurements. 

A diamond Berkovich indenter was used for the nanohardness testing, with a peak 

load of 3 mN, dwell time of 10 s, and 0.75 mN/s loading and unloading rate. The 

loading-unloading curves were examined to remove non-valid indents such as those 

on pores. The nanohardness apparatus provides the nanohardness and reduced 

modulus values following the Oliver and Pharr method [274], determined using 

Equations (3.2) and (3.3), where Pm is the maximum applied load (in mN), A is the 

projected contact area, and S is the contact stiffness (in μN/nm). Herein, the 

reduced modulus values were converted to the elastic modulus of the material 

considering the Poisson ratio (0.07) and elastic modulus (1140 GPa) of the 

Berkovich indenter diamond tip [275] using Equation (3.4). From the Equation, Vr, 

Vi, Er, Es and Ei are the Poisson ratios, reduced, and elastic modulus of the material 

and indenter, respectively. The final average values and standard error of the mean 

of the measurements were calculated.  
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3.7.2 Microhardness testing 

Microhardness of the substrates and CSAM deposit samples was measured using 

a Wilson VH3300 Vickers Microhardness instrument (Buehler, USA). While all 

microhardnesses were measured on polished cross-sectional surfaces of the 

deposit samples, measurements were performed on polished surfaces of the 

substrates. Ten measurements were performed on the substrates with a 500 gf 

load. The deposit samples underwent approximately 100 indents with a 300 gf load 

and a dwell time of 15 s. Figure 3.8 shows the schematic representation of the 

location in the deposit samples where micro-indentations were performed. The 

average values and standard error of the mean of the measurements were 

calculated. 
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Figure 3.8: Schematic representation of the location in the deposit where 
microhardness measurement was performed. 

3.7.3 Tensile testing 

Tensile testing was performed to measure the tensile strength, and strain at failure, 

and to examine the fracture behaviour of the deposits and the subsequent effect of 

post-deposition annealing on the CSAM HEA deposits. Micro-flat samples with 

dogbone shapes were cut from the deposits following the ASTM E8 specification 

[276] and in [277]. The samples were cut from the deposits perpendicular to the 

spraying direction using wire-based electrical discharge machining (EDM). Figure 

3.9 shows a schematic illustration of the tensile test sample orientation with respect 

to the build layers in the deposit. Other orientations of the samples were not 

explored such as machining the samples at an angle of 45º and or parallel to the 

spraying direction. The different orientations can influence the outcome of the 

tensile properties of the deposit [278]. These different orientations of the tensile test 
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samples with respect to the build layers can be explored in future investigations. 

The substrates were removed from the deposited sample using the EDM to obtain 

a free-standing deposit, thereafter micro-flat tensile test samples were sectioned 

out from the free-standing deposit. A limitation to the use of the EDM to remove the 

substrate is that the tensile test sample at the substrate-deposit interface may 

contain substrate materials, hence influencing the tensile test data. It is however 

recommended that a more robust protocol for extracting sub-size tensile specimens 

from CSAM deposits should be employed in future investigations. 

 

 

Figure 3.9: Schematic illustration of the deposited layers where tensile test samples 
were extracted from, showing the sample orientation with respect to the impact or 
build direction. The interface may contain materials from the substrate mixed with 
the layer for the tensile test sample. 

The tensile test samples obtained for the analysis in this thesis had dimensions of 

~10 mm gauge length, a width of ~5 mm and a thickness of ~0.5 mm, as shown 

schematically in Figure 3.10. These sample sizes are smaller than the standard 

specimen size as provided in the ASTM E8 specification. The study of Gartner et 

al. [277] reveals that microflat samples show slightly higher strength and elongation 

to failure than the standard specimen due to the slightly more non-uniform 

deformation of smaller geometries. Within the given tensile test data range, it is 

justifiable to use the microflat specimen sizes for the CSAM deposits as employed 
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in this thesis following the work of Gartner et al. [277]. In the industry, standard 

specimen sizes can be employed for larger deposited samples or components 

where tensile tests are required for larger parts; however, a more detailed 

investigation of the micro-deformation mechanisms of the sprayed particles can be 

readily studied using the microflat samples employed in this thesis. A universal 

testing system (Instron, 5969 dual column testing system, UK) was used to perform 

the tensile testing at a crosshead displacement of 1 mm/min and with a load cell of 

5 kN. Elongation was measured using a video gauge. Before testing, the samples 

were sprayed with highly reflective speckled paint to supply sufficient contrast for 

the elongation measurement using the video gauge. It is noteworthy that due to the 

small size (and thickness) of the micro-flat tensile test specimens, it was challenging 

to section out samples from the free-standing deposit using EDM. Nevertheless, 

samples were sectioned out, 4 for each test condition. Tensile tests were then 

performed using these samples, however, average of two samples for each test 

conditions could provide more accurate results. The average and standard error of 

the mean of the measurement of the ultimate tensile strength and fracture (i.e., 

strain at failure) for each condition was analysed and reported. After the tensile 

tests, the deformation of the sprayed particles on the fractured surfaces of the tested 

specimens for each condition were examined under an SEM. The fracture 

morphologies of the fractured surfaces were supplied by the FEG SEM in the SE 

imaging mode. The examination of the fractured surfaces provides information on 

the behaviour of the metallurgically bonded interfaces of the sprayed particles under 

tensile loading and the subsequent effects of annealing on the interfaces.  
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Figure 3.10: Schematic representation of the microflat dogbone-shaped samples 
used for the tensile testing. 

3.8  Residual stress measurement 

The residual stress of a thick deposit of the CSAM HEA on the austenitic stainless 

steel substrate was measured and analysed using the contour method. In this 

method, a sample is carefully cut into two halves using a micro wire-based electric 

discharge machining (EDM). The contour of the cut surface is measured using a 

surface profiling device, which gives the displacements due to the residual stress 

redistribution (or relaxation). By Bueckner's superposition principle, the cut surface 

is analytically forced back to its original flat state, which gives the residual stress 

that originally existed normal to the plane of the cut surface [218]. The superposition 

principle assumes elastic deformation of material during the relaxation of residual 

stress and that the material removal process does not introduce stresses enough to 

affect the measured displacements  [279]. As part of the analysis, a finite element 

model (FEM) was developed, where the measured displacement data is imposed 

as boundary conditions on the FEM model. Also, the FEM account for the stiffness 
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of the material and the sample geometry. The output is a 2-dimensional map of 

residual stress normal to the measurement plane. It is important in the contour 

method that care is taken during the sample cutting, as this is the most critical step 

that can largely influence the outcome of the measurement.  Data analysis or 

smoothing was performed to filter any "noise" or artefacts from the measured data, 

such as those resulting from the roughness of EDM cut and contour measuring, 

before analysing the FEM. Figure 3.11 shows a schematic illustration of the contour 

method explaining the different stages of evaluating the residual stress.  

 

Figure 3.11: A schematic illustration of the contour method, providing the stages of 
measuring and analysing residual stress. The dotted straight lines indicate the 
cutting plane through the sample, while the dotted curve lines indicate residual 
stress relaxation after the cut. 
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Since the contour method was first presented by Prime et al. [218] in the year 2000, 

the method has been employed for residual stress measurement of additively 

manufactured parts. Figure 3.12 shows an example of the residual stress map of 

an additively manufactured titanium hollow cylinder manufactured using CSAM. The 

figure shows the residual stress of the wall of the cylinder. The figure also shows 

the microstructure of the wall, indicating no substantial deviation in the porosity of 

the microstructure across the thickness of the cylinder wall. 

 

Figure 3.12: An example of a two-dimensional residual stress map obtained using 
the contour method for a titanium hollow cylinder wall. The cylinder was 
manufactured using the CSAM process. The figure shows stress distribution in the 
circumferential direction of the cylinder wall, along with optical micrographs of the 
cylinder wall microstructure [211]. 

 



161 
 

The contour method was used in this thesis to measure the residual stress profile 

of a thick CSAM HEA deposit on a stainless steel 304 substrate, providing 

information on the residual stress distribution throughout the deposited thickness of 

the cut surface of the sample. The residual stress measurement with the contour 

method was performed in StressMap (The Open University, UK). The specific 

implementation process of the contour method is as follows: 

• Firstly, the deposited sample was cut with slow-moving wire-based EDM 

equipment  (Agie Charmilles Cut-1000) using a 0.1 mm diameter brass wire. 

The sample was rigidly clamped during cutting to avoid free movement. A 

careful clamping arrangement would avoid changes in the stress state 

caused by plastic deformation at the cut tip relative to the original stress as 

the cut progresses. The cutting speed of the sample was set at 1 mm/min 

with low-power cutting parameters to provide a better surface finish. The 

sample was submerged in temperature-controlled deionised water during 

cutting to minimise thermal effects. Since results from the contour method 

can likely be uncertain near edges, a sacrificial material was attached to the 

sample in all four cut-plane boundaries to improve the cut quality and 

measurement details [280,281]. Based on the stress-free cutting conditions, 

a stress-free reference cut was made to correct the displacement data. 

• Secondly, the surfaces created by the cut were measured using a non-

contact Zeiss Eclipse coordinate measuring machine (CMM) with a Micro-

epsilon ILD2210 laser triangulation probe to provide the contour of the cut 

surfaces. The CMM was isolated from thermal fluctuations in a temperature-
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controlled room. The CMM was programmed to acquire points over the entire 

surfaces with a point spacing of 0.025 mm and normal displacement 

resolution of 0.1 µm, sufficient to resolve the displacement field. The post-

processing (screening, aligning, averaging, filtering, and smoothing) of the 

displacement data from the two cut surfaces was performed using a 

combination of manual cleaning of obvious outliers, a median filter and a 

local polynomial fitting algorithm proprietary from StressMap. The amount of 

smoothing was optimised based on the goodness of fit of the averaged 

displacement data.  

• Finally, residual stress was determined from a linear elastic finite element 

analysis in Abaqus/Implicit code of one cut-half of the sample. An 8-node 

brick element (C3D8R) with reduced integration and hourglass control was 

selected. A uniform mesh size of 0.1 mm was set in the FEM. The smoothed 

displacement data with a reverse sign was imposed as the displacement 

boundary conditions normal to the nodes on the cut surface. Constraints (or 

point boundary conditions) were applied to the FEM to restrain rigid-body 

motion and ensure the calculated residual stress satisfies equilibrium. The 

elastic properties, elastic modulus of 202 GPa and Poisson’s ratio of 0.265 

of the HEA material [282] were used in the FEM. 

The residual stress obtained using the contour method was employed to validate 

the numerical simulations performed in this thesis as presented in Chapter 4 Section 

4.3 to predict the evolution of the residual stress during CSAM of the HEA. 
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4 Numerical modelling methods 

This chapter presents the numerical methods employed in this thesis. The chapter 

consists of four sections: 

• Computational fluid dynamics (CFD) procedure to predict the feedstock 

powder particle velocity and temperature before impact on the substrates 

during spraying. 

• Particle deposition modelling methods to investigate the deformation 

behaviour of the particles during spraying on the substrates. This section is 

divided into three subsections: single-particle, multi-particle and the material 

model employed for the particle deformation modelling. 

• Numerical methods to predict the thermal and mechanical fields of the CSAM 

process. This allows for the evaluation of the residual stress and the 

understanding of the evolution of the stresses during the CSAM process.  
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4.1 Computational fluid dynamics 

In the computational fluid dynamics (CFD) model, the Navier-Stokes equations were 

solved using the finite-volume method to model any flow in the CFD domain. The 

Navier-Stokes equation consists of the mass, momentum, and energy conservation 

equations given by Equations (2.12), (2.13) and (2.14), respectively [108,112]. Here 

t, ρ, µ, λ, CP, p, T, ui, SM, ST and denote time, gas density, dynamic viscosity, 

thermal conductivity, specific heat at constant pressure, gas static pressure, gas 

temperature, gas velocity components and additional source terms in momentum 

and energy, respectively. The source terms in the momentum and energy equations 

account for the momentum and heat transfer between the gas and the particle. 

Compressible effects are encountered due to the supersonic gas speed during the 

CSAM process. In addition, the flow inside and outside the CSAM domain is usually 

regarded as a steady state; therefore, the Equation of state for the compressible 

flow is solved to close the Navier-Stokes equations [108]. This is taken as an ideal 

gas equation (Equation (4.4)), which is solved to account for the large variations 

within the fluid density experienced by compressible flows. In the ideal gas equation, 

R denotes the universal gas constant, Mw is the molecular weight of the gas and �⃗⃗�  

refers to the operating pressure. 
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 (4.4) 

In this thesis, the commercial CFD solver Ansys/Fluent V20.2 (Pennsylvania, USA) 

was employed to calculate the particle velocity and temperature before impact on 

the substrates during spraying. The CFD calculations were based on the nozzle 

dimensions and the experimental conditions used for the CSAM of the feedstock 

material in this thesis. A 2D axisymmetric model was developed, as shown 

schematically in Figure 4.1, with a single-particle trajectory. Table 4.1 provides the 

nozzle dimensions employed for the CFD calculations. 
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Figure 4.1: A schematic of the CFD computational domain. 

Table 4.1: Nozzle dimensions employed for the CFD model. 

Geometrical parameters  Length (mm) 

Nozzle inlet diameter 12.50 

Throat diameter 1.35 

Nozzle exit diameter 4.03 

Length of the converging section 15 

Length of the diverging section 150 

Table 4.2 summarises the boundary conditions employed for the CFD model. The 

surrounding atmospheric boundary was arranged sufficiently far from the impinging 

jet to eliminate its effect on the computational results. The nozzle inlet and outlet 

domains were modelled using pressure boundaries, and the nozzle wall was treated 

as adiabatic with a no-slip boundary condition. Figure 4.2 shows the CFD model 

meshed with a structured quadrilateral mesh, which is more computationally 

efficient and has a better convergence capability than an unstructured mesh 

[108,113]. The mesh was refined to capture steep variations in the flow properties, 

such as shock formation towards the nozzle exit as shown in Figure 4.2, owing to 
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the compressible nature of the flow. Adaptive remeshing was also considered to 

capture shockwave formation within the supersonic jet core. 

Table 4.2: Boundary conditions for CFD modelling of the impinging gas jet in the 
cold spraying process. 

 Pressure (MPa) Velocity (m/s) Temperature (K) 

Nozzle inlet N2-3.5, He-3.5  N2-798, He-673 

Surrounding 
atmosphere 

Ambient 𝜕𝑣

𝜕𝑛
= 0 

𝜕𝑇

𝜕𝑛
= 0 

Nozzle walls 𝜕𝑝

𝜕𝑛
= 0 

0 𝜕𝑇

𝜕𝑛
= 0 

Substrate 𝜕𝑝

𝜕𝑛
= 0 

0 𝜕𝑇

𝜕𝑛
= 0 

Symmetrical axis 𝜕𝑝

𝜕𝑟
= 0 

𝜕𝑣

𝜕𝑟
= 0 

𝜕𝑇

𝜕𝑟
= 0 
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Figure 4.2: The figure shows the meshed CFD model and the refined mesh region, 
close to the nozzle exit to capture variations in the flow behaviour such as shock 
waves. 

The CFD simulation applied the temperature-dependent Sutherland law for viscosity 

and a piecewise polynomial for the specific heat capacity of the N2 gas 

thermophysical parameters. Other parameters, such as thermal conductivity, are 

assumed to be constant because they are insensitive to temperature and 

compressibility [108]. Temperature-dependent thermophysical parameters were 

also employed for He gas. 

The turbulence in the CSAM flow field can be modelled using various formulations 

of the energy equations in Ansys/Fluent. The type of turbulence model used can 

influence the accuracy of the CFD results. As more turbulence flow is resolved, the 
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fidelity of the turbulence model can increase, but at the expense of computational 

cost. Most turbulence models used for CSAM simulations are based on solving the 

closure of the Reynolds Averaged Navier-Stokes equations (RANS) [108]. RANS 

decomposes the instantaneous variables in the Navier-Stokes equations [283]. In 

this thesis, the realisable k–ε model was employed to model turbulence in the CFD 

model. The energy model solves two transport equations that describe the turbulent 

kinetic energy per unit mass k and the dissipation rate ε. Equations (4.5) and (4.6) 

provide the two transport equations, where 𝒀𝑴 denotes the dilatation in 

compressible turbulence, which accounts for the effect of compressibility on the 

overall dissipation rate, 𝑮𝑲 denotes the production of turbulent kinetic energy due 

to the average velocity gradients, 𝝈𝒌 and 𝝈𝜺 are the turbulent Prandtl numbers for k 

and ε. 𝑪𝟏 and 𝑪𝟐 are constants of the realisable k–ε model. The model provides 

superior performance for flows under adverse pressure gradients and robust far-

wall treatment with low computational cost wall functions. The standard wall function 

in the CFD model was employed for the near-wall treatment.    

𝝏𝝆𝒌
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𝒌 + √𝒗𝜺
 (4.6) 

The discrete phase modelling (DPM) approach was employed to simulate the 

injected particles into the nozzle to compute the particle velocity and temperature. 

The particles are modelled as discrete entities using mass and momentum 

conservation equations and are coupled to the gas phase. The gas phase is solved 
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first, and then the particle parameters are computed based on the resultant gas 

flow. The particle motion is predicted by the following drag force balance equation 

given by Newton’s second law: 

𝒎𝒑

𝒅𝑽𝒑

𝐝𝐭
= 𝑪𝑫𝝆(𝑽𝒈 − 𝑽𝒑)|𝑽𝒈 − 𝑽𝒑|

𝑨𝒑

𝟐
+ 𝑭𝑩 (4.7) 

where 𝒎𝒑 is the mass of the particle, 𝑽𝒑 refers to the particle velocity, t is time, 𝑪𝑫 

is the drag coefficient, 𝑽𝒈 is the gas velocity, 𝑨𝒑 is the particle cross-sectional area, 

and 𝑭𝑩 is the body force. The drag coefficient accounts for the Mach number effects 

on the particle acceleration. The particle temperature Tp, was determined using 

Equation (4.16), where 𝑪𝒑 is the particle specific heat capacity, 𝒉𝒑 is the convective 

heat transfer coefficient and 𝑻𝒓 is the recovery temperature dependent on the 

particle Mach number, Mp. 𝑻𝒓 was calculated using the relation, 𝑻𝒓 = 𝑻𝒈(𝟏 +

𝒓
𝜸−𝟏

𝟐
𝑴𝑷

𝟐), where r is the recovery coefficient close to 1 in gases, and Tg is the gas 

temperature. The heat transfer coefficient, 𝒉𝒑 (Equation (2.16)) was evaluated from 

the Nusselt number using the Ranz-Marshall correlation [119] given by Equation 

(2.17), which is suitable for flow past a sphere. The particle diameter is given as dp, 

kg is the thermal conductivity of the gas, 𝝁𝑔 is the dynamic viscosity of the gas, Pr 

is the Prantl number of the gas (Equation (2.18)), and Re is the Reynolds number 

of the particle.  
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𝒎𝒑𝑪𝒑

𝒅𝑻𝒑

𝐝𝐭
= 𝑨𝒑𝒉𝒑(𝑻𝒓 − 𝑻𝒑) (4.8) 

𝒉𝒑 = 
𝒌𝒈𝑵𝒖

𝒅𝒑
 (4.9) 

𝑵𝒖 = 𝟐 + 𝟎. 6𝑹𝒆𝟎.33𝑷𝒓𝟎.𝟑𝟑 (4.10) 

𝑷𝒓 = 
𝑪𝒑 𝝁𝑔

𝒌𝑔
 (4.11) 

The spatial discretisation scheme employed for solving the Navier-Stokes equation 

can affect the prediction accuracy of the shockwave structure. The low-order 

schemes can help with convergence and save computational costs but result in low 

accuracy in the results. The reverse is the outcome of the high-order schemes [108]. 

In this thesis, an initial solution was obtained using a first-order upwind scheme, and 

a final converged solution was obtained using the second-order upwind scheme. A 

density-based implicit solver was used for the calculations. To aid in the stability of 

the simulation, the CFD model was started with a Courant number of 1 and 

subsequently increased incrementally as the solution progressed. To ensure 

convergence, the residuals of the Navier-Stokes equations were monitored, and 

convergence was accepted when these values were < 10-4.  

An example of the CFD output is presented in Figure 4.3. The figure presents the 

centre contour map of the gas flow features during the cold spraying process. The 

flow profile shows shock waves due to the expansion of the gas at the nozzle exit. 

The particles injected into the gas stream are propelled by the gas flow. The output 
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of the particle velocity and temperature are extracted and employed as input data 

for further numerical analysis in this thesis.  

 

Figure 4.3: Centre contour map of the gas velocity magnitude and static temperature 
of N2 gas flowing through the nozzle to the exit of the nozzle. The contour also 
shows the shock wave (or shock diamonds) at the nozzle exit.  
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4.2 Particle impact deformation modelling 

4.2.1 Single-particle impact 

Nonlinear, transient dynamic analysis was performed in Abaqus/Explicit involving 

the impact of micro-sized high-velocity particles on a substrate to predict the onset 

of deposition, that is the critical velocity and deformation behaviour of the HEA 

particles onto various substrates. Because of the geometrical and loading 

symmetries, a 2D axisymmetric model was employed for the single-particle impact 

analysis. The shape of the particle was assumed to be perfectly spherical and 

normal to the substrate during impact. Figure 4.4 shows a schematic representation 

of the single-particle impact model.  

In the single-particle impact model, the substrate was modelled with a height and 

radius of 8 and 6 times the particle diameter, respectively. The diameter of the 

spherical particles was 25 µm, which corresponded to the mean particle diameter 

of the feedstock powder obtained by laser diffractometry. The substrate was 

modelled with the dimensions to ensure that the reflecting waves from the substrate 

bottom and far edges reached the impact region only after the particle rebound.  The 

substrate bottom was fixed in all directions (X = Y = Z = 0), and a symmetry 

boundary condition (X = Y = ZR = 0) was applied along the lateral edges (y-axis) of 

the substrate and particle.  
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Figure 4.4: Schematic representation of Abaqus single-particle impact FE model. 

The heating of the particle owing to the inelastic deformation of the material was 

assumed to be adiabatic for the single-particle impact model. Also, dynamic explicit 

with adiabatic heating and dynamic temperature displacement solution techniques 

were employed for the single-particle impact model. The single-particle impact 

model meshed with a 4-node bilinear axisymmetric quadrilateral element with 

reduced integration and hourglass control (CAX4R). Figure 4.5 shows the mesh of 

the impact region of the single-particle impact. 



175 
 

 

Figure 4.5: Meshed domain of the particle on the substrate. only the impact region 
of the substrate is presented. 

To obtain accurate simulation results, a mesh convergence study was performed, 

where the mesh size at the HEA particle-stainless steel 304 substrate impact region 

was varied until there was a negligible difference in the maximum interface 

temperature with further refinement of the mesh. Figure 4.6 provides the mesh 

convergence study, with the acceptable difference in the maximum interface 

temperature between the mesh sizes 0.25 μm and 0.375 μm. Considering the 

computation time, a mesh size of 0.375 μm was used for further simulations and 

analysis. In addition, further refinement of the mesh resulted in the early termination 

of the simulation, which was due to the severity of element distortion at the impact 

interfaces. It is noteworthy that the mesh size in the substrate was decreased away 

from the impact region to reduce the overall computational time.  
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Figure 4.6: Mesh convergence study for a HEA particle on stainless steel 304 
substrate at 700 m/s. A mesh size of 0.375 μm was selected for further simulation. 

Abaqus/Explicit provides two contact methods for modelling contact interactions: 

general contact and contact-pair algorithms. The contact pair algorithm is more 

appropriate for the 2D contact model as it allows interaction behaviours not 

available in general contact. The general contact is, however, faster and particularly 

aimed at geometry with multi-elements and complex topologies, making it robust. A 

surface-to-surface contact pair algorithm was specified for all interface regions in 

the dynamic impact models. Penalty enforcement in the contact algorithm is 

specified for this study, where a small penetration between the nodes at the particle 

and substrate interface is allowed. Because of the nonlinear geometric effect of the 

particles, a finite sliding formulation was selected. This also allows for arbitrary 

motion of the surfaces. The balanced weighting contact algorithm was selected for 

surfaces in contact. A friction coefficient of 0.3 was employed to model the friction 

between the particles and substrates. It has been shown that a friction coefficient 
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between 0 and 0.5 has little effect on the output of the FEA [284]. Thus, the friction 

coefficient employed in this thesis was appropriate for the CSAM deposition 

modelling.     

4.2.2 Multi-particle impact 

A 2D plane strain multi-particle impact model, containing 50 randomly distributed 

particles between 10-45 µm was developed. The number of particles selected was 

deemed fit to account for both computational time and the limitations of the 

numerical approach employed. The chosen particle size range corresponds to the 

experimentally measured data of the feedstock powder. This was employed to 

investigate the deformation behaviour of the particles when interacting between 

themselves and with the substrate. The substrate was modelled with a height and 

width of 450 µm and 800 µm, respectively. A fixed boundary condition was applied 

to the substrate bottom, whereas the X-displacement constraint (X = 0) was applied 

to the substrate sidewalls. The model domain for the multi-particle impact simulation 

is illustrated in Figure 4.7. It should be emphasized that the number of particles 

depicted is purely for illustrative purposes and does not represent the actual 

number. 
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Figure 4.7: Schematic illustration of the multi-particle FEA model domain. The 
number of particles depicted is for illustrative purposes as it does not represent the 
actual number of particles employed. 

A non-adiabatic condition was assumed for the multi-particle impact model. 

Nonetheless, 90% of the kinetic energy of the particle upon impact was assumed to 

be converted to heat, allowing for some heat transfer and stored energy. Dynamic 

explicit with adiabatic heating and dynamic temperature displacement solution 

techniques were also employed for the multi-particle impact model. 

The multi-particle impact model was meshed with a 4-node plane strain thermally 

coupled quadrilateral, bilinear temperature-displacement element type, with 

reduced integration and hourglass control (CPE4RT). Figure 4.8 shows the meshed 

multi-particle model captured from the central region near the substrate surface.  
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Figure 4.8: The multi-particle FEA model showing the meshed particle and the 
impact region in the substrate. Images were taken from the central region of the 
model domain. 

The mesh size obtained from the mesh convergence study in the single-particle 

model was employed for the multi-particle impact model. Also, surface-to-surface 

contact was employed for the multi-particle model with all surfaces constrained to 

remain in contact during deposition. The contact conditions employed in the single-

particle impact model were also employed for the multi-particle impact analysis. 

4.2.3 Material model 

The material model in FEA is a crucial part of the simulation as it defines the physics 

and behaviour of the material under investigation in the FE code. The accuracy of 

such models can influence the outcome of the FEA. In this thesis, the FEA 
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accounted for the strain hardening, strain-rate hardening, thermal softening, and 

heating due to friction, plastic, and viscous dissipation of the HEA and substrate 

materials during deformation. The behaviour of the materials was defined using 

constitutive equations or material models. The Johnson-Cook (J-C) material model 

was employed to capture the plastic deformation of the CoCrFeNiMn HEA and 

substrate materials in the transient nonlinear dynamic FEA. The J-C model 

assumes that the material is an isotropic linear-elastic, strain-rate-sensitive, strain-

hardening, and thermally softening plastic material. The model utilises the J2 yield 

function form of F (τ, ε) = τ – Y(ε), where Y(ε) is the von Mises stress and τ is the 

equivalent shear stress. This follows the von Mises yield criterion, which states that 

the material begins to yield or flow when the von Mises stress reaches the material 

yield strength. The von Mises stress for the J-C model is given by Equation (4.12), 

where 𝜺∗ = �̇�
𝜺𝟎

⁄ , �̇� is the equivalent plastic strain rate, 𝜺𝟎 is the reference strain rate, 

and 𝜺 is the equivalent plastic strain. The other parameters were defined as follows: 

A is the yield strength (MPa) at zero plastic strain and room temperature, B  is the 

strain hardening (MPa), n  is the strain-hardening exponent, C is the strain rate 

constant, and m is the thermal softening exponent. 

The last part of the J-C constitutive equation given in Equation (4.12) accounts for 

the thermal softening of the material and θ is given in Equation (4.13). Where T is 

the homologous material temperature, 𝑻𝒓𝒆𝒇 is the reference temperature and 𝑻𝒎𝒆𝒍𝒕 

is the melting temperature of the material. The adiabatic increase in temperature T 

is given by Equation (4.14), where ρ is the material density, β is the inelastic heat 

𝒀(𝜺) = [𝑨 + 𝑩𝜺𝒏][𝟏 + 𝑪𝑰𝒏(𝜺∗)][𝟏 − 𝜽𝒎] (4.12) 
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fraction taken as 0.9, and CP is the specific heat capacity of the material. The 

thermal response of the material in the Abaqus/Explicit model was described using 

the specific heat capacity, whereas the elastic response was assumed to be linearly 

elastic and described using the elastic modulus and Poisson’s ratio of the HEA and 

substrate materials. 

4.3 Residual stress modelling 

4.3.1 Introduction 

A computational procedure for analysing the through-thickness residual stress of a 

thick CSAM HEA deposit on an SS304 substrate using finite elements model (FEM) 

with the Abaqus/Standard (or implicit procedure) is presented here. The thermal 

and mechanical effects of the CSAM process were simulated using a sequentially 

coupled thermo-mechanical numerical method. A 2D plane strain model was 

developed to simulate this process. Developing and simulating the process using a 

2D model can reduce computational time and cost when compared with a 3D model. 

Although the temperature of the heat generated by the gas stream during CSAM is 

often lower than the melting temperature of the feedstock material, recent research 

has found that heat from the gas can have a significant impact on the associated 

𝜽 =
𝑻 − 𝑻𝒓𝒆𝒇

𝑻𝒎𝒆𝒍𝒕 − 𝑻𝒓𝒆𝒇
 (4.13) 

𝑻 = 𝑻𝒓𝒆𝒇 +
𝜷

𝝆𝑪𝑷
∫ 𝒀(𝜺)𝒅𝜺

𝜺

𝟎

 (4.14) 
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thermal field [84,228–230,285]. Additionally, increasing the nozzle dwell time during 

spraying can increase the heat transferred to the deposit. Consequently, a 

sequentially coupled thermo-mechanical model can be employed, where the heat 

generated during plastic deformation has little effect on the thermal field compared 

to the gas stream. In the thermal analysis, however, the FEM in this thesis 

considered the heat generated by plastic deformation and was applied as an initial 

temperature field in the thermal model. The FEM employed in this thesis is similar 

to the work of Bansal et al. [225] on the hybrid implicit-explicit FEM.  

The FEA had three stages: explicit dynamic analysis, and thermal and stress 

analyses. The explicit dynamic analysis employs the output of the multi-particle 

impact model described in Section 4.2.2. Thermal analysis, on the other hand, was 

performed to determine the temperature distribution in the deposit-substrate 

system, following that was stress analysis performed to specify the stress and strain 

fields. Using the "Create Predefined Field" command in Abaqus, the temperature 

distribution from the thermal analysis was considered thermal loading in the stress 

analysis. The temperature and deposition stress of the deposit and substrate from 

the explicit dynamic analysis were applied as the initial conditions for the thermal 

and stress analyses. The residual stress analysis presented in Chapter 8 provides 

the values extracted from the explicit dynamic analysis. The residual stress analysis 

step types "heat transfer" and "static, general" were selected for the thermal and 

stress analyses, respectively. The mesh model for the thermal and stress analyses 

was the same for the models to be coupled. 
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4.3.2 Modelling layer-by-layer material deposition 

To accurately simulate the CSAM process in the thermal and mechanical/stress 

FEM, a set of elements representing the deposit, layer by layer, must be created 

beforehand. Using the “Modal Change” module in the Abaqus finite element code, 

these elements can be activated or deactivated (“element death and birth” method) 

based on the physics of the problem being analysed. At the start of the analysis, all 

elements representing the deposit were deactivated using a single analysis step. 

This process involves resetting any previous loading conditions to zero, ultimately 

leading to a new equilibrium state and convergence that satisfies the initial boundary 

conditions. The FEM utilised here is computationally efficient as it reduces the 

material stiffness matrix at the beginning of the analysis, resulting in reduced 

computational time. 

The FEM was established using the dimensions of the substrate (60 mm × 30 mm 

× 2 mm) and deposit (60 mm × 30 mm × 4.5 mm). Figure 4.10 shows the 2D meshed 

FEM: the deposit was divided into four layers as four passes were sprayed, following 

the spraying conditions provided in Chapter 8. Each layer was subdivided into an 

appropriate number of 2-mm wide and 1.125-mm thick ribbons corresponding to a 

line scan of the spray nozzle on the substrate. Each ribbon in each layer represents 

the set of elements to be activated. A new analysis step was defined for each 

activation, resulting in 120 calculation steps. Each layer was bonded to each other 

using a “tie constraint” in Abaqus. The tie constraint was used to bond the deposited 

layers together; however, this bonding constraint does not fully represent the actual 

bonding constraint between the deposited layers of the CSAM deposit. Also, the 
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layers interface in the FEM are of smooth surfaces, but in CSAM deposits, the 

deposited layer interface is usually wavy or rough. The tie constraint and interface 

shape employed in the FEM are simple representations of the actual deposited 

layers to allow for a computationally cost-effective model. The tie constraint likely 

over-constrains the deposited layers but is assumably within an acceptable range. 

To improve on the limitations of the FEM employed in this thesis, future 

investigations can employ the rough bonded interface of the deposited layers of the 

CSAM deposit in the FEM, which may provide a more accurate analysis of the 

residual stress.  

As the nozzle moves over a position on the surface, the inactive material/ribbon is 

activated, and the thermal input or load is activated within that analysis step. The 

deposit was formed by rastering the nozzle from the top of the plate to the bottom, 

as illustrated in Figure 4.9. After depositing the first layer, the nozzle moves back to 

its original starting point, and the deposition of the second layer starts. An additional 

analysis step was set for the final cooling of the component after spraying.   
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Figure 4.9: Schematic of nozzle movement for the deposition of a layer on the 
substrate during the CSAM of the deposit. 

 

Figure 4.10: Meshed FEM for the sequentially coupled thermo-mechanical model, 
showing the substrate and deposit layers stack upon one another, using a "tie-
constraint”. Half the model dimension is shown here. 

The FEA consists of a set of time steps, with each step representing the activation 

of a ribbon. To ensure accuracy, each step analysis was set to 4 s, the approximate 

time for the nozzle to move across the width of a layer during the CSAM process. 

The application of each ribbon includes a series of time increments, with a maximum 

allowable temperature change of 10 K set per increment. The cooling phase or step 

was set to 1800 seconds, which is the approximate time it takes for the sample to 

be removed from the sample holder or constraint, after spraying. The exact time 

was applied for the step analysis in the thermal and mechanical/stress models. 
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4.3.3 Thermal analysis 

In the thermal analysis, the governing transient heat transfer Equation  (4.15) (for a 

stationary medium) [286] is solved. Where T is the current temperature, Q is the 

rate of heat generation within the model and �⃗⃗�  is the heat flux vector. The heat flux 

vector �⃗⃗�  is solved using the Fourier’s law of conduction expressed in Equation (4.16) 

[17,287], where k is the thermal conductivity of the materials in the model and 𝛁 

represents the spatial gradient operator. The transient thermal analysis in time, t, 

also requires the material properties of specific heat capacity at constant pressure, 

𝑪𝒑, and density, 𝝆.  

𝝆𝑪𝒑

𝝏𝑻

𝝏𝒕
 (𝒙, 𝒚, 𝒛, 𝒕) =  −𝛁. �⃗⃗�  (𝒙, 𝒚, 𝒛, 𝒕) + 𝑸 (𝒙, 𝒚, 𝒛, 𝒕)   (4.15) 

�⃗⃗� =  −𝒌𝛁𝑻 (4.16) 

Boundary conditions were applied to the above equations to solve them and obtain 

a closed solution to the thermal problem. The surfaces of the model underwent 

complex thermal energy exchange with their surroundings through convective and 

radiation heat fluxes, governed by Newton’s (Equation (4.17)) and Stefan–

Boltzmann’s laws (Equation (4.18)), respectively: 
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�̇� = 𝒉 (𝑻∞ − 𝑻) (4.17) 

�̇� =  𝝈𝝐[(𝑻 − 𝑻𝒂𝒃𝒔)
𝟒 − (𝑻∞ − 𝑻)𝟒] (4.18) 

where, �̇�  is the surface heat flux, T is the temperature across the surface, 𝝐 is the 

emissivity of the material was taken as 0.8 for stainless steel and nickel-based 

superalloy [17,288], 𝑻𝒂𝒃𝒔 is the absolute zero temperature, 𝑻∞ is the ambient and 

sink temperature taken as 298 K, 𝝈 is the Stefan-Boltzmann constant given as 5.67 

× 10-8 W/m2K4 and h is the surface convective heat transfer coefficient taken as 25 

W/m2K for air.  

To accurately model the CSAM deposition, the heat flux from the gas jet impinging 

on the deposit’s surface was accounted for. Moreover, the temperature increase in 

the model can be influenced by the hot gas impinging on the surface and the thermal 

energy from particle deformation. These deposition factors must be considered in 

the thermal analysis of the CSAM process. A uniform surface heat flux was 

assumed for the thermal flux produced by impinging gas. This was performed to 

simplify the model and make it more straightforward to implement. In this case, 

Equation (4.19) was employed to evaluate the thermal flux, �̇�𝒈 of the impinging gas, 

where hg is the heat transfer coefficient of the gas, and Tg is the temperature of the 

impinging gas jet.  
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�̇�𝒈 = 𝒉𝒈 (𝑻𝒈 − 𝑻) (4.19) 

Various methods have been developed and employed to measure hg and Tg during 

CSAM, using a thermal infrared camera and a low-conductivity substrate coupled 

with CFD models [228–230,285]. However, empirical equations were employed in 

this thesis to approximate the values of hg and Tg. With the experimental spraying 

parameters, such as the gas pressure and temperature, a surface heat flux load of 

1.3 W/mm2 was evaluated and applied on the surface of the deposit. 

An example of the thermal history of the CSAM process during the deposition of 

each ribbon and then a layer is displayed in Figure 4.11. The figure shows the 

temperature or thermal field of the deposited material and the substrate. As the 

nozzle moves past the surface of the substrate, heat is generated and conducted 

to the colder region and previously deposited ribbon. The analysis performed thus 

represents an approximate solution to the thermal field of the system during the 

CSAM process. 
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Figure 4.11: Example of the thermal history of a ribbon of a layer being deposited 
on the substrate. Heat is dissipated during the deposition process, the colder region 
becomes hotter as the nozzle moves past the substrate. 

A mesh convergence study was conducted on the thermal model, as shown in 

Figure 4.12. The temperature history of a node at the substrate centre was plotted 

with different mesh sizes until convergence was reached, where the temperature 

history showed a negligible difference with the mesh size. A mesh size of 0.25 mm 
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was deemed sufficient for the numerical model considering computational cost and 

accuracy. The same mesh size was used for both the thermal and mechanical 

models. 

 

Figure 4.12: Mesh sensitivity study results showing the temperature history of a 
node at the centre of the substrate surface. The mesh size of 0.25 mm was 
employed for the thermo-mechanical FE model. 

4.3.4 Stress (or mechanical) analysis 

This stage of the analysis required the temperature histories of the thermal analysis 

to be applied as input data to the stress analysis model. The same thermal FEM 

was used except for the element type and boundary conditions. Based on the low-

temperature CSAM process, the feedstock material is not expected to melt, 

meaning there is no phase transformation. As a result, the total strain, 𝜺𝑻 of the 

deposit-substrate system can be decomposed into three components given by 

Equation (2.1) [17,287]. Herein, the elastic strain component 𝜺𝒆, was modelled using 
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the isotropic Hooke’s law with temperature-dependent elastic modulus and a 

constant Poisson’s ratio. The thermal strain 𝜺𝒕𝒉, was computed using the 

temperature-dependent thermal expansion coefficient of the materials in the FEM 

in conjunction with the temperature history of the heating and cooling phases of the 

deposition process. The plastic strain 𝜺𝒑, on the other hand, was computed using a 

rate-independent plastic model following the von Mises yield criterion, temperature-

dependent mechanical properties, and the isotropic hardening law. Because there 

is likely minimal thermal cyclic loading owing to the low-temperature deposition 

process, the isotropic hardening model was deemed sufficient to estimate the 

plastic strains in the FEM. 

𝜺𝑻 = 𝜺𝒆 + 𝜺𝒑 + 𝜺𝒕𝒉 (4.20) 

The mechanical/stress analysis employed a thermo-elastic-plastic material model 

based on the von Mises yield criterion. The stress-strain relationship in Equations 

(4.21) and (4.22) [289] was computed for the stress values incrementally, using a 

full Newton-Raphson integration scheme. {𝑫𝒆} is the elastic stiffness matrix, {𝑫𝒑} is 

the plastic stiffness matrix, {𝑪𝒕𝒉} is the thermal stiffness matrix, 𝒅𝝈, 𝒅𝜺, and 𝒅𝑻 are 

the stress, strain, and temperature increments, respectively. 



192 
 

{𝒅𝝈} = {𝑫𝒆𝒑}{𝒅𝜺} − {𝑪𝒕𝒉}𝒅𝑻 (4.21) 

{𝑫𝒆𝒑} =  {𝑫𝒆} + {𝑫𝒑} (4.22) 

It is necessary to apply appropriate boundary conditions to find a solution for the 

systems of equations that represent the stress or mechanical formulation. The 

actual representation of the mechanical constraint provided by the support or 

sample holder during the CSAM deposition process is critical for accurately 

predicting deformations and stresses in the deposit-substrate system using the 

FEM. Moreover, the literature has scarce information on the clamping process and 

its implications on component distortion and residual stress during CSAM. This 

suggests the need for both numerical and experimental investigations on the 

influence of sample clamping on the residual stress of manufactured parts. For the 

case considered in this thesis, mechanical boundary conditions were applied on the 

nodes at the substrate bottom edges to prevent rigid-body motion because no fixed 

clamps were used. However, because of the constraint provided by the sample 

holder, as shown in Figure 4.13a, an additional displacement constraint in the Y-

direction was applied to the bottom surface of the substrate in the FEM, as shown 

schematically in Figure 4.13b. This boundary constraint (applied on the substrate 

bottom) was deactivated after the cooling phase to determine the final residual 

stress state. 
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Figure 4.13: (a) shows the image of the CSAM sample holder, showing the 
mechanical constraint provided by the sample holder, and (b) shows a schematic 
illustration of the mechanical boundary conditions applied to the stress FEM. 

An example of the stress analysis for each ribbon of a layer of the deposit on the 

substrate is presented in Figure 4.14. The figure shows tensile and compressive 

stresses formed in the sample during the CSAM process. The influence of the 

thermal loading of the sample presented in the example in Figure 4.11 can be seen 

in the stress evolutions of the sample in Figure 4.14. The unloading of the system 

and removal of the support would result in residual stress formed in the sample as 

presented in Chapter 8. 
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Figure 4.14: Shows an example of the stress evolutions during the CSAM process 
of a ribbon of the deposit on the substrate. Tensile stress was formed in the deposit 
whereas compressive in the substrate during the CSAM process. With time the area 
of maximum compressive and tensile zones changes. 
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4.3.5 Material properties 

Temperature-dependent thermal and mechanical property data are needed for the 

CoCrFeNiMn HEA, and stainless steel 304 materials considered for the thermo-

mechanical FEM. The material property data employed for the residual stress 

analysis—thermal and mechanical analysis, were obtained from experimental test 

data in the literature. Figure 4.15 [42,290,291] and Figure 4.16 [292,293] present 

the thermal-mechanical property data for the HEA and stainless steel 304 materials. 

The material property data were specified within Abaqus in tabular form, and the 

Abaqus FE code employs linear interpolation to determine material properties 

between the specified data. It is noteworthy that the irregular shape or anomaly 

observed for the specific heat capacity of the HEA presented in Figure 4.15a is 

indicative of the effect of phase transformation occurring within the material at the 

tested temperature (above 850 K). Phase transformation has been reported to be 

formed in this HEA during annealing at intermediate temperatures [239], which may 

have likely influenced the data of the plot presented here. Nevertheless, since the 

Abaqus FEA code employs linear extrapolation, data input in the FEM was 

extrapolated by the Abaqus FEA code for the specific heat capacity above 800 K. 
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Figure 4.15: Temperature-dependent thermo-mechanical material properties for 
CoCrFeNiMn HEA (a) thermal conductivity, k and specific heat capacity, Cp, (b) 
Thermal expansion coefficient, α and Elastic modulus, E (c) Yield strength, σ 
[42,290,291].  
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Figure 4.16:Temperature-dependent thermo-mechanical material properties for 
austenitic stainless steel 304L (a) thermal conductivity, k and specific heat capacity, 
Cp, (b) Thermal expansion coefficient, α and Elastic modulus, E (c) Yield strength, 
σ [292,293].  
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5 Experimental and numerical analysis of the 

deformation behaviour of CoCrFeNiMn HEA 

particles onto various substrates during CSAM 

CSAM is a solid-state material deposition technique that relies largely on the kinetic 

energy of the powder particles to form dense deposits. During CSAM, solid powder 

particles (typically, 5-50 μm in diameter) are accelerated in a jet of compressed gas 

(N2, He or Air) to supersonic velocities through a de-Laval nozzle [21,22]. The 

technique utilises the layer-by-layer approach to create deposits or components 

through the plastic deformation of the sprayed particles albeit below the melting 

point of the feedstock material [57]. Generally, there exists a critical velocity for a 

given material at a given particle temperature and size such that the transition from 

rebounding to deposition of the sprayed particles occurs [56,57]. This is especially 

important for new materials such as high-entropy alloys (HEAs), as it is desirable to 

know the window of deposition of the material for CSAM. 

There have been several experimental investigations and numerical analyses 

published in the past decades on impact-induced bonding mechanisms in the 

CSAM of several metallic materials, which is still a matter of some debate. The 

impact-induced bonding mechanisms in the CSAM of materials can be broadly 

classified as metallurgical bonding [56,139], mechanical interlocking [40,139], and 

material intermixing [140,142]. Metallurgical bonding is attributed to the metal jetting 

of particles and substrates with similar material properties (such as density and 

hardness), associated with adiabatic shear instability (ASI) [56] or shockwave 
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release mechanisms [136]. A detailed discussion of these mechanisms has been 

provided in Section 2.4.1. These impact-induced bonding mechanisms have been 

observed in a wide range of deposited materials, such as Cu [56,91], Ni 

[131,153,178,294], Ti [173,192,295], and Al [86,139,156], on various substrates, 

with similar and dissimilar material combinations. However, the impact phenomena 

and bonding mechanisms of CoCrFeNiMn HEA have not been extensively explored 

[63].  

The prevailing hypothesis for metallurgical bonding is ascribed to ASI which occurs 

when there is localised high-strain-rate plastic deformation at the particle-substrate 

interface due to the dynamic shearing load. At a high shearing strain, heat is 

generated due to stress and strain rate, causing thermal softening of the materials, 

which dominates the strain-hardening and reduces the flow stress. This deformation 

process can result in the formation of a jet-type outflow of materials at the impact 

interfaces, which can disrupt thin surface oxide films and thus enable intimate 

contact of fresh metal-metal interfaces, resulting in bonding [56,57,133]. As 

mentioned previously, the critical velocity is the particle impact velocity that 

necessitates bonding or initiates ASI [57]. Consequently, it is desirable to 

understand the deformation behaviour of the CoCrFeNiMn HEA and predict its 

critical velocity on various substrates.  

The impact and deformation behaviour of CoCrFeNiMn HEA sprayed onto various 

substrates was investigated by Nikbakht et al. [63]. In their study, the deposition of 

CoCrFeNiMn HEA particles onto nickel, In625, and stainless steel 304 substrates 

showed impact morphology that was strain-rate, material-, and microstructure-

dependent. Deformation twinning and FCC-HCP phase transformation features 
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were observed in the sprayed particles, which were attributed to the high strain-

hardening rate of the HEA. It was reported that the CoCrFeNiMn HEA had the 

highest critical shear strain for strain localisation compared to the substrate 

materials. The excellent strain hardening and resistance to shear localisation of the 

HEA contributed to the high critical shear strain, which could postpone shear 

localisation. Consequently, a high critical velocity might be required for the complete 

bonding of the sprayed particles; however, the critical velocity of the HEA based on 

the concept of ASI was not investigated in their study.  

Finite element analysis (FEA) is often employed to investigate the deformation 

behaviour of particles and particle-substrates in CSAM because of the time scale 

and contact nature of the process, which is very challenging to analyse 

experimentally. Although post-mortem microstructural and microanalytical 

examinations have been performed using several techniques, different numerical 

tools have been employed to investigate the impact behaviour of particles and 

substrates during CSAM, with several authors discussing how different spraying 

parameters influence the impact behaviour [159]. In addition, different numerical 

methods have been employed, such as the Lagrangian and Eulerian methods and 

the Smoothed Particle Hydrodynamics (SPH) method [159,160]. Among these 

methods, the Lagrangian method is computationally more efficient and facilitates 

the treatment of complex material models, such as history-dependent material 

constitutive relations [160]. Although the Lagrangian method is associated with 

extreme mesh distortion at impact interfaces, it was the first and has been the most 

used finite element (FE) method for CSAM modelling [56,159].  
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The constitutive relations employed in predicting the plastic deformation of materials 

using these numerical methods or tools are important. Several constitutive 

equations (and their modifications that fit experimental data [189]) have been 

employed to model the deformation behaviour of particles during CSAM. For 

instance, a range of constitutive equations or models, including the Johnson-Cook 

(J-C) model [165], was studied by Rahmati and Ghaeli [166], and they reported that 

the accuracy in predicting the impact morphology of CSAM deposited particles is 

largely influenced by the material model employed. However, there is very limited 

experimental data on the J-C material model data for the CoCrFeNiMn HEA and 

even for other HEAs, likely because the material space has not been widely 

explored. 

Therefore, this chapter presents a fundamental study of the impact deformation 

behaviour of CoCrFeNiMn HEA on different substrates. Single-particle impacts 

were investigated, and the first part consisted of an experimental analysis of the 

deposited particles using advanced characterisation techniques, followed by 

numerical analysis using FE methods. The critical velocity of the mean experimental 

particle size was predicted for the HEA on the various substrates by assessing and 

selecting the best J-C model data that best predicted the impact morphology of the 

sprayed HEA particles.  

It is noteworthy that this chapter has been published as a peer-reviewed article as 

presented in the “Publications” section. 
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5.1 Materials and experimental methods 

5.1.1 Materials 

The CoCrFeNiMn HEA powder was used as the feedstock powder material in this 

study. Table 5.1 presents the chemical composition of the powder material 

measured using an energy-dispersive X-ray spectroscopy (EDX) (Oxford 

Instruments, UK) detector mounted on a Philips FEI-XL30 scanning electron 

microscope (SEM). The morphology of the feedstock powder was observed by 

sprinkling a representative sample on a carbon stud and examining it using SEM 

equipped with secondary electron (SE) and back-scattered electron (BSE) 

detectors. The particle size distribution of the powder was measured using laser 

diffractometry (Horiba LA-960, Horiba Scientific, Japan). The phase structure of the 

powder material was determined using a D8 Advance da Vinci X-ray diffractometer 

(Bruker, Germany). The details of these characterisation techniques and 

procedures have been provided in Chapter 3 Section 3.5. 
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Table 5.1: Elemental composition of the CoCrFeNiMn HEA feedstock powder. 

Element wt.% at.% 

Co 22.3 21.3 

Cr 19.3 20.8 

Fe 20.0 20.1 

Ni 20.7 19.8 

Mn 17.6 18.0 

The feedstock powder was deposited on four different substrates: commercially 

pure aluminium (CP Al), aluminium 6082-T6 alloy (Al6082), titanium alloy, Ti6Al4V 

(Ti64), and austenitic stainless steel 304 (SS304). The nominal composition of the 

substrates is provided in Chapter 3 Section 3.1. 

5.1.2 CSAM deposition 

Single-particle impacts were obtained by spraying the powder particles onto the four 

different substrates using the so-called swipe test as explained in Chapter 3 Section 

3.2. The different substrates were exposed to the same spray run to ensure that the 

same impacting particle flux was sprayed onto the substrates. The swipe test 

experiments were performed using an in-house high-pressure CSAM system at the 

University of Nottingham. A schematic diagram and description of the CSAM rig are 

provided in Chapter 3, Section 3.2. The substrates were clamped side by side on 

an x-y table that allowed a controllable scan pattern and velocity (i.e., the relative 

motion between the nozzle and the substrates). Table 5.2 provides the spraying 

parameters employed for the deposition. Spraying was performed using nitrogen 

(N2) and helium (He) as propellant gases. This was performed to obtain a wide 
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range of particle velocities owing to the differences in the gas dynamics. The powder 

carrier gas was set at a pressure 0.1 MPa higher than the accelerating gas pressure. 

The spraying parameters selected for the deposition of the HEA as presented in 

Table 5.2 were decided upon based on the window of deposition for difficult-to-spray 

materials such as stainless steel as found in the open literature. Thus, the spraying 

process conditions were then selected to lie below and above the window of 

deposition or bonding possible for the HEA material. With these range of spraying 

parameters one can determine the critical velocity for deposition of the HEA. 

Table 5.2: CSAM spraying parameters employed for the single-particle impact test 
of the CoCrFeNiMn HEA feedstock powder on various substrates. 

Spraying parameter Value 

Run 1 
Gas (N2) pressure (P; MPa) 2.8 

Gas (N2) temperature (T; ºC) 525 

Run 2 
Gas (N2) pressure (P; MPa) 3.3 

Gas (N2) temperature (T; ºC) 525 

Run 3 
Gas (He) pressure (P; MPa) 3.3 

Gas (He) temperature (T; ºC) 400 

Stand-off distance (mm) 20 

Transverse speed (mm/s)  1500 

Powder flow rate (0.5 rpm) 9 g/min 
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5.1.3 Sample preparation 

Before spraying, the substrates were prepared following the procedure described in 

Chapter 3 Section 3.3. After spraying, the deposited samples were cut and prepared 

following the metallographic procedures as outlined in Chapter 3 Section 3.3. The 

single-particle impact morphology was examined using the XL30 SEM. 

5.1.4 Hardness measurement 

The nanohardness and microhardness of the cross-sectioned mirror-polished 

powder particles were measured following the procedure outlined in Chapter 3 

Section 3.7. The section also provides information on the microhardness 

measurement of the substrate materials. 

5.2 Numerical modelling methods 

The computational fluid dynamics (CFD) model described in Chapter 4 Section 4.1 

was employed to calculate the feedstock particle velocities and temperatures before 

impact on the substrates. The computation was based on the nozzle dimensions 

(described in Section 4.1), and the experimental conditions are listed in Table 5.2. 

A spherical CoCrFeNiMn HEA particle of 25 μm, corresponding to the experimental 

mean particle size and with an initial temperature of 25 °C, was injected at the 

nozzle inlet. The HEA density and specific heat capacity of 7958 kg/m3 and  430 

J/kgK were used as the material properties for the CFD model. The CFD analysis 

was conducted using a realisable k–ε model with a standard wall function for the 
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gas phase, whereas the particle was coupled with the gas phase flow using a 

discrete phase model. The model was meshed using a grid of quadrilateral 

elements. The output of the CFD calculations was employed as input parameters 

for the impact deformation modelling. The FEA of the impact deformation behaviour 

and the prediction of the onset of deposition of the 25 μm HEA particle onto the 

various substrates were investigated using the Abaqus/Explicit code with the 

Lagrangian approach. A detailed description of the single-particle impact 

deformation modelling is given in Chapter 4 Section 4.2.1. 

The material model employed in this thesis to capture the deformation of the HEA 

material during the CSAM deposition has been provided in Chapter 4 Section 4.2.3. 

A detailed description of the Johnson-Cook (J-C) material model for the transient 

dynamic deformation simulations of the material is also provided in Chapter 4 

Section 4.2.3.   

5.3 Experimental results of the CoCrFeNiMn HEA particle 

impact on various substrates 

Figure 5.1a and b shows the impact morphology of the CoCrFeNiMn HEA feedstock 

powder. Most of the powder particles exhibit a spherical morphology, with some 

small satellite particles attached to larger particles. The powder particle size 

distribution displayed in Figure 5.1c indicates that most of the particles were 15-38 

μm in size. The Dv10, Dv50, and Dv90 values of the powder batch were 16.38, 

25.53, and 41 μm, respectively. As the mean particle size, Dv50 = 25.53 μm, a 

particle size of 25 μm was employed for numerical modelling. In addition, the XRD 
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profile displayed in Figure 5.2 reveals that the HEA powder contains only a single-

phase FCC structure.  

 

Figure 5.1: (a) SEM image of powder particles with mostly spherical morphology; 
(b) magnified BSE image of a single HEA particle showing dendritic structure; and 
(c) the particle size distribution measured by laser diffractometry.  
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Figure 5.2: XRD profile of the CoCrFeNiMn HEA powder showing a single-phase 
FCC structure. 

The HEA powder was sprayed onto the four different substrates. The substrates 

were grouped based on the microhardness values listed in Table 5.3. The SS304 

and Ti64 substrates were grouped as hard substrates because of their greater 

microhardness, whereas CP Al and Al6082 were grouped as soft substrates 

because of their lower microhardness. The deviation of the microhardness value of 

the HEA powder material can be attributed to measurement errors, such as particle 

displacement in the resin during indentation or the indentation of both the powder 

and the resin, which would affect the accuracy of the microhardness measurement. 

Previous research has reported different values of the HEA powder microhardness; 

124 HV [40], 139 HV [128] and 176 HV [63]. These values are close to the measured 

microhardness of the SS304 substrate (192 HV). Moreover, depending on the 

processing conditions and grain size, the microhardness of bulk HEA samples 

reported in the literature ranges from 140-350 HV [42,262]. The differences in the 

microhardness values can be attributed to the different applied loads, grain and 
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particle sizes, microstructures, and processing conditions. However, for this study, 

the HEA and SS304 materials are assumed to have little difference in their material 

properties (elastic modulus and crystal structure); that is, they are of similar 

combinations in the CSAM impact analysis. The substrate characteristics would 

influence the deformation behaviour of the HEA particles and hence, its impact 

morphology. 

Table 5.3: Microhardness values measured for the HEA powder and the substrates. 

Material Hardness (HV) 

CoCrFeNiMn powder 69.5 ± 1.5 

Ti64 315.0 ± 4.5 

SS304 192.1 ± 1.7 

CP Al 35.4 ± 0.3 

Al6082 42.6 ± 1.0 

 

5.3.1 Impact morphology of the HEA particles on hard substrates 

The top-surface SEM images of the HEA particles deposited on the SS304 and Ti64 

substrates are shown in Figure 5.3. The figure shows images of the deposited 

particles at different spray runs—Run 1 (N2; Pgas = 2.8 MPa and Tgas = 525 ºC), Run 

2 (N2; Pgas = 3.3 MPa and Tgas = 525 ºC) and Run 3 (He; Pgas = 3.3 MPa and Tgas = 

400 ºC). An overview of the images demonstrates that less than 30% of the 

impacting HEA particles adhered to the surface of the substrates under the spray 

conditions of Run 1. A slight increase in the number of adhered particles was 

observed under the spray condition of Run 2. Under the spray conditions of Run 3, 
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shown in Figure 5.3c and d, more than 95 % of the substrate surfaces appear to be 

covered with adhered particles. In CSAM, a low bond ratio suggests that most of 

the particles were sprayed at impact velocities below their critical velocity; 

consequently, more craters that resulted from particle rebound were formed on the 

substrate surface. This suggests that the average particle impact velocities from 

Runs 1 and 2 were likely below the average critical velocity of the HEA particles. 

Furthermore, the influence of the substrates on the deposition of the HEA particles 

can be observed by comparing the number of adhered particles on the substrate 

surfaces (i.e., comparing Figure 5.3 (a, c and e) with (b, d, and f)). There is a higher 

number of adhered particles on Ti64 than on the SS304 substrate.  
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Figure 5.3: Low magnification top surface SEM images of the swipe test samples of 
deposited CoCrFeNiMn HEA particles on SS304 (a, c, e) and Ti64 (b, d, f) 
substrates at spray conditions Run 1 (a, b), Run 2 (c, d) and Run 3 (e, f). 

Higher magnification images of bonded HEA particles at the different spray runs are 

shown in Figure 5.4. Extensive jetting of the sprayed particles is observed around 

the impact region on the substrates from spray Run 3 (as shown in Figure 5.4e and 

f). In contrast, spray Runs 1 and 2 exhibited less deformed HEA particles, as shown 
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in Figure 5.4 (a, b) and (c, d)). To further reveal the impact morphology of the HEA 

particles on the hard substrates, cross-sectional BSE images, as shown in Figure 

5.5, were taken for samples with a higher number of adhered particles seen from 

Run 2 and 3. Figure 5.5a and b show the particle impact morphology from spray 

Run 2: half-flattened deformed HEA particles with slightly deformed substrates. In 

contrast, a different particle-substrate deformation pattern is observed from spray 

Run 3, as shown in Figure 5.5c and d. Metal jetting can be seen around the 

peripheral region of the particle-substrate interfaces. Also, an increase in the 

penetration depth of the particle into the substrates can be observed when 

compared with the deposits from the spray Run 2. The jet-type outflow of the 

material at the particle interface can be attributed to the higher impact velocity of 

the HEA particles using He gas for spray Run 3. It was also observed from the 

cross-sectional images that smaller particles significantly deformed the substrates, 

resulting in the jetting of the substrate material, as shown in Figure 5.5c and d, 

whereas larger particles deformed more than the substrate. In some cases, no 

jetting was observed on the substrate, as shown in Figure 5.5e (insert of Figure 

5.5d).  
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Figure 5.4: Close-up views of the top surface SE images of the CoCrFeNiMn HEA 
single-particle impact on SS304 (a, c, e) and Ti64 (b, d, f) substrates at spray 
conditions Run 1 (a, b), Run 2 (c, d) and Run 3 (e, f). 
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Figure 5.5: BSE cross-sectional images of the CoCrFeNiMn HEA impact 
morphology on SS304 (a, c) and Ti64 (b, d) substrates at spray conditions Run 2 
(a, b) and Run 3 (c, d). Insert (e) shows a larger HEA particle that has deformed 
more than the Ti64 substrate, the same as observed on the SS304 substrate in (c). 

The extent of particle deformation on the substrates and spray conditions can be 

quantified using the flattening ratio (FR). A detailed discussion on FR for cold spray 

deposits is provided in Chapter 2 Section 2.6.3. The FR is defined as the ratio of 

the splat width (W) to the original particle diameter (D0). As the value of D0 is not 

typically known a priori, it was back-calculated through the conservation of volume 

between the initial sphere and final oblate spheroid shape of the deformed sprayed 

particles. This was evaluated according to King and Jahedi's analysis [187], given 

as 𝑫𝒐 = √(𝑾𝟐𝒉)
𝟑

 for the case where there is less particle deformation such as in 

Run 2 (as shown in Figure 5.5a and b). Meanwhile for Run 3, where particle spreads 
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over the substrate surface due to severe plastic deformation (Figure 5.5c and d), 

𝑫𝒐 = √𝟑
𝟒⁄ (𝑾𝟐𝒉)

𝟑
, where h is the splat height. An increase in the value of the FR 

indicate increase in the particle deformation on the substrate under the spraying 

conditions. Also, FR is more akin to the average compressive strain in the deposition 

direction [296], suggesting that an increase in FR is an indication of an increase in 

compressive strain and particle deformation. A high FR value is desirable to achieve 

high deposit quality. As discussed in Chapter 2 Section 2.6.3, FR can be evaluated 

by examining the cross-sectioned morphology of the sprayed particles. Mechanical 

cutting and polishing of the samples were employed in this thesis for the FR 

evaluation and as such, the FR values can be associated with errors because 

mechanically polished cross-sections do not normally pass through the centre of 

splats. However, the connection of the FR value to the strain or extent of 

deformation is desirable from a fundamental mechanistic understanding and can be 

more suitable for comparison with FEA [296]. The average FR evaluated for about 

10 particles with different sizes of the HEA on the hard substrates is presented in 

Table 5.4. There was an increase in the FR value as the spray conditions were 

changed from Run 2 to 3. Similarly, the value increased with an increase in the 

substrate hardness. Thus, the FR was observed to be influenced by the spraying 

conditions and substrate material. 
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Table 5.4: Flattening ratio (FR) evaluated for the HEA particle impact on hard 
substrates at spray conditions Run 2 and Run 3. 

Particle-substrate 
combination 

Flattening ratio (FR) 

Spray condition Run 2 Spray condition Run 3 

HEA/SS304 1.18 ± 0.06 1.43 ± 0.03 

HEA/Ti64 1.28 ± 0.03 1.54 ± 0.02 

 

5.3.2 Impact morphology of the HEA particles on soft substrates 

SEM images of the top surfaces of the sprayed particles on the soft substrates are 

presented in Figure 5.6. The figure shows low-magnification images of the HEA 

particles on the CP Al and Al6082 substrates. The samples were sprayed with the 

spray runs, Run 1-Run3.  For spray Runs 1 and 2, the CP Al substrate showed a 

higher number of adhered particles compared to the sprayed particles on the Al6082 

substrate, as shown in Figures 5.6a, b, c and d. By changing the gas type, a greater 

number of adhered sprayed particles were observed on both substrates (see Figure 

5.6e and f), showing no significant difference in the number of adhered particles. 

The spray Run 3 likely resulted in the transition from the rebounding of particles to 

the deposition of particles on the Al6082 substrate with the spray parameters 

employed. It is also observed that the substrate material properties thus influence 

the deposition of the HEA particles even for the case of the hard particle-soft 

substrate combinations. 
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Figure 5.6: Low magnification top surface SEM images of the wipe test samples of 
sprayed CoCrFeNiMn HEA particles on CP Al (a, c, e) and Al6082 (b, d, f) 
substrates at spray conditions Run 1 (a, b), Run 2 (c, d) and Run 3 (e, f). 

A high-magnification view of the top surface of the deposited particles on soft 

substrates is shown in Figure 5.7. In addition, BSE cross-sectional images of the 

particles are shown in Figure 5.8. The figures reveal that the HEA particles were 

trapped or embedded in the substrates. Moreover, the substrates appeared to be 
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extensively deformed, and the particles were less deformed. This type of 

deformation mechanism is called mechanical interlocking [40,139,142]. It was also 

observed that the HEA particle penetration depth into the substrate increased with 

a change in the spray runs from Run 1 to Run 3, as shown in Figure 5.8. 
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Figure 5.7: Close-up view of the top surface SEM images of sprayed CoCrFeNiMn 
HEA particles on CP Al (a, c, e) and Al6082 (b, d, f) substrates at spray conditions 
Run 1 (a, b), Run 2 (c, d) and Run 3 (e, f). 
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Figure 5.8: BSE cross-sectional images showing the impact morphology of 
CoCrFeNiMn HEA particles deposited on CP Al (a, b, c) and Al6082 (d) substrates 
at spray conditions Run 1 (a), Run 2 (b) and Run 3 (c, d)). The SEM images were 
taken on substrates with a higher percentage of adhered HEA particles. The arrow 
in (c) shows an embedded HEA particle. 

5.4 Assessment and selection of CoCrFeNiMn HEA 

Johnson-Cook material model data 

Limited data are available in the literature for the CoCrFeNiMn HEA Johnson-Cook 

(J-C) material model. This may be because the high-strain-rate plastic deformation 

of HEA has not been extensively explored. Even with the available J-C data for the 

HEA and other investigated materials for CSAM (such as Cu, Ni, Al, Ti, stainless 

steel, etc.), the choice of the J-C set of parameters and their values is very important 

for accurately predicting the deformation or impact morphology of particles during 
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CSAM. In this study, different sets of J-C model data for the CoCrFeNiMn HEA and 

materials with similar composition and or impact behaviour (for example, set_2 is 

for the CoCrFeNi HEA and the strain-hardening value B for set_3 and set_4 for 

Ti64) were collected from the literature, as listed in Table 5.5. All these sets were 

then compared, based on their impact morphology and FR, with the experimental 

results (presented in Section 5.3.1). The analysis was linked to the sets of J-C 

parameters, and the most suitable parameter for predicting the impact morphology 

was selected for further simulations. This approach ensures that the J-C parameters 

maintain the physical basis derived from experimental testing. A better fit could have 

been found using parameter optimisation, but this is not the focus of the study, as 

this would lose the link to the J-C experimental data which already exists for the 

HEA material. 

The evolution of the stresses with strain for the different sets of the J-C parameters 

presented in Table 5.5, is plotted in Figure 5.9a. A temperature of 473 K and a strain 

rate of 107 s-1 were selected for the analysis plotted in the figure, which is assumed 

values of the initial particle temperature and strain rate during the deformation. 

There is a large deviation of the set_1 parameters from the other sets, which can 

be attributed to the high strain-hardening exponent, n, and strain-rate sensitivity 

values (or strain-rate constant, C) of the set_1 J-C parameters. From this analysis, 

it can be assumed that the strain-hardening exponent and strain-rate sensitivity 

values play a major role in predicting the deformation behaviour of materials in the 

CSAM process when using the J-C model. Furthermore, the variations in the 

evolution of stresses with strain plotted for sets 2-6 as shown in Figure 5.9b, can be 

attributed to the different values of parameters A and B. There are very few studies 
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in the literature [189] that have shown the effect of different J-C parameters on 

material deformation during CSAM. The significant differences observed for the 

different J-C parameters in this study provided insight into the importance of the J-

C material model parameters for predicting CSAM material deformation.  

Table 5.5: Sets of parameters and their values for the Johnson-Cook model for 
CoCrFeNiMn HEA (the reference strain rate 𝜺𝟎, was assumed to be equal to 1 
where data was not found in the literature). 

Set 
J-C model parameters for CoCrFeNiMn HEA 

A (MPa) B (MPa) C n m 𝜺𝟎 (s-1) 

1 [175] 590 2075 0.39 0.78 0.7 3000 

2 [297] 340 412 0.021 0.3 1.1 1 

3 
[175,176,298] 

590 762 0.028 0.18 0.7 1 

4 
[175,176,299] 

590 1007 0.028 0.18 0.7 1 

5 [175,176] 605 1365 0.028 0.18 0.7 2800 

6 [175,176] 590 1365 0.028 0.18 0.7 1 

The J-C model parameters from the sets provided in Table 5.5 were employed in 

the FE model, and the evaluated FR and impact morphology for each set were 

compared with the experimental results in Section 5.3.1. It is noteworthy that the 

assessment and selection of the J-C model parameters were performed for the 

impact on hard substrates as there is no significant deformation of the HEA particles 

on the soft substrates (presented in Section 0).  
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Figure 5.9: Stress-strain curves of the sets of J-C model parameters for the 
CoCrFeNiMn HEA at temperature, T = 473 K and strain rate, 𝜀̇ =107 s-1. All the J-C 
sets are plotted (a) while (b) is without set_1. 

For the FEA of the CoCrFeNiMn HEA particle deformation, input parameters such 

as the particle impact velocity and temperature are required, these were predicted 

using the CFD model described in Chapter 4 Section 4.1. The particle velocity and 

temperature of 25 µm of the CoCrFeNiMn HEA particle before impact on the 

substrates were computed based on the nozzle dimensions and spraying conditions 

listed in Table 5.2. Figure 5.10 shows the velocity of the particle for the different 

spray runs through the distance downstream of the nozzle inlet to the exit. The figure 

shows that a higher particle velocity was achieved with spray Run 3, where He was 
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used as the propellant gas. This is expected when compared with N2 gas, as the 

use of He gas to achieve a higher particle velocity at the same process parameters 

has been well established in the literature [124]. The reason for this lies in the 

expression of the local gas velocity [110], 𝑽𝒈 = √
(𝜸𝑹𝑻)

𝑴𝒘
⁄ , where 𝜸 is the ratio of 

the constant-pressure to constant-volume specific heat, which is 1.66 for He and 

1.4 for N2; R is the gas constant; T is the gas temperature; and Mw is the molecular 

weight of the gas. The gas velocity correlates positively with √
𝜸

𝑴𝒘
⁄ , which is 

greater for He than N2. The particle velocity and temperature, exit of the nozzle, 

from Figure 5.10 are about 598, 647 and 987 m/s for spray conditions Run 1, Run 

2 and Run 3, respectively. In addition, the particle temperatures for the 

corresponding spray runs were predicted as 398, 398, and 367 °C as presented in 

Figure 5.10b. There was an overlap of the particle temperature for spray Runs 1 

and 2. This is because the experimental values of the gas temperature for both 

spray runs were the same, as listed in Table 5.2. Because the CFD results are likely 

to deviate from the actual experimental values [74,108,300], particle velocities and 

temperatures of 600 m/s and 200 °C (473 K) were employed for the J-C material 

data assessment and selection. These values correlate with the spray conditions of 

Run 2. The initial temperature of the substrate was set at 27 °C (300 K). 
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Figure 5.10: CFD results of a 25 µm CoCrFeNiMn HEA particle velocities (a) and 
temperatures (b) for the spray conditions Run 1- Run 3. The use of He as propellant 
gas (Run 3) has resulted in higher particle velocity compared to that of N2 gas (Run 
1 and Run 2). 

The FEA impact morphology and the plots of their FR (herein splat width was used 

as it provides the particle flattening in the lateral direction or the major axes of the 

oblate spheroid) of the different sets of J-C model parameters are shown in Figure 

5.11 and Figure 5.12. This was performed in the low-velocity regime (spray Run 2). 

Thereafter, the most suitable J-C model that best predicted the impact morphology 
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was employed to predict the deformation behaviour in the high-velocity impact 

regime where metal jetting was observed (spray Run 3). Figure 5.11 and Figure 

5.12 were introduced to aid the FEA with the experimental reference. It can be seen 

that the set_1 J-C model data [175] shows the largest deviation in the impact 

morphology from the experiment, as shown in Figure 5.11. This suggests that the 

HEA particles for the set_1 data are much harder than the substrates, resulting in 

mechanical interlocking. As mentioned earlier, this can be attributed to the high 

strain-hardening exponent and strain rate sensitivity values of the set_1 J-C model 

data. In addition, the set_2 J-C model for the CoCrFeNi HEA deformed more 

extensively than the set_6 J-C model for the CoCrFeNiMn HEA. From the plots of 

the FR of the different sets of the J-C material model data and the experimental 

results presented in Figure 5.12, a link can therefore clearly be made between the 

set_6 J-C model and the experimental results. This set was selected for further 

simulations and evaluation of the critical velocity of the 25 µm CoCrFeNiMn HEA 

particle. 

 

 

 

 

 



227 
 

 

Figure 5.11: Impact morphology of the different sets of J-C model parameters for 
the CoCrFeNiMn HEA on SS304 (a) and Ti64 (b) substrates. 
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Figure 5.12: Experimental and FEA splat width of the different sets of J-C model 
parameters of the CoCrFeNiMn HEA on SS304 (a) and Ti64 (b) substrates. The 
experimental splat width is indicated by the vertical lines. 

Table 5.6 provides the final J-C model data for the HEA particle, and the substrates 

used for further simulations in this study. It can be observed from the table that the 

HEA material has the highest strain-hardening value of 1365 MPa among the 

materials. Excellent strain hardenability and low thermal softening have been 

reported for the HEA [37,63,301]. Also, the critical shear strain for strain localisation 
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of the HEA (~ 7) has been reported to be greater than that of SS304 (~5) [63] and 

Ti64 (1-2) [37]. These characteristics of the HEA can influence its deformation 

behaviour during CSAM and, consequently, its critical velocity.  

Table 5.6: The material properties and Johnson-Cook model data for the 
CoCrFeNiMn HEA particle and the substrates used in this study. 

Material 
properties 

CoCrFeNiMn 
[175,176,282,302] 

SS304 
[303] 

Ti64 [304] Al 6082 
[305] 

 

CP Al 
[131] 

ρ (Kg/m3) 7958 8000 4430 2710 2710 

E (GPa) 202 207.8 113.8 70 70 

v 0.265 0.3 0.33 0.3 0.3 

A (MPa) 590 280 1098 428.5 148.4 

B (MPa) 1365 802.5 1092 327.7 345.5 

n 0.18 0.622 0.93 1.008 0.183 

C 0.028 0.0799 0.014 0.00747 0.001 

m 0.7 1.0  1.1 1.31 0.895 

𝜺𝟎 (s-1) 1 1 1 1 1 

Tmelt (K) 1600 1673 1961 855 916 

Tref (K) 300 298 298 293 293 

CP 
(J/KgK) 

430 452 580 900 900 
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5.5 Numerical analysis of the HEA particle deformation 

behaviour on various substrates 

The FEA of the CoCrFeNiMn HEA particle impact phenomena on hard and soft 

substrates is presented in this section. The analysis was performed using the J-C 

material model presented in Table 5.6, and with the computed particle impact 

velocities within the spray conditions, Runs 1-3. 

5.5.1 Deformation behaviour of the HEA particle on hard 

substrates 

Figure 5.13 shows the evolution of the impact morphology or deformation pattern of 

the HEA particle onto flat SS304 and Ti64 substrates, at velocities ranging from 

550-900 m/s, which are within the spray conditions predicted for Run 1 to Run 3. 

The initial particle and substrate temperatures were set to 473 and 300 K, 

respectively. The FEA revealed localised heating (or high temperatures) at the 

particle-substrate interface for all impact velocities, although this was more severe 

for higher impact velocities. The figure also shows a change in the particle-substrate 

interaction from low-velocity (550 and 600 m/s) to high-velocity regimes (700-900 

m/s), where a “nose-like” feature at the peripheral of the particle-substrate interface 

changed to a “lip-like” feature (metal jetting) at higher impact velocities. Similar 

impact morphologies were observed in the SEM micrographs (Section 5.3.1) under 

similar spraying conditions. 
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Figure 5.13: FEA impacts morphology of the HEA particle on SS304 (a) and Ti64 (b) substrates at impact velocity ranging from 550-
900 m/s, which are within the computed spray conditions Run 1 to Run 3.  
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To obtain a better understanding of the change in the particle-substrate deformation 

behaviour, or localisation of plastic strain, the evolution of strain of a critical element 

that undergoes the highest amount of deformation at the HEA particle to hard 

substrate interface is plotted in Figure 5.14. There is an abrupt change in the strain 

evolution at particle velocities of 700 and 600 m/s on the SS304 and Ti64 

substrates, as shown in Figure 5.14. The abrupt change in the strain is likely the 

result of the thermal softening of the HEA particle at the interface, dominating the 

strain hardening during the deformation, consequently resulting in a high strain 

value at those particle velocities. This impact phenomenon has been observed by 

several researchers in the simulation of CSAM deposition of metallic materials, for 

instance, Assadi et al. [56]. A similar trend was observed in the strain evolution of 

the critical element at the SS304 and Ti64 substrate interfaces, as shown in Figure 

5.15. An abrupt change in the strain evolution at the SS304 and Ti64 substrate 

interfaces was observed at approximately 800 m/s and 700 m/s. Note that a higher 

particle velocity is required to cause an abrupt change in the strain evolution for the 

HEA/SS304 pair compared with the HEA/Ti64 pair. The FEA reveals, as also 

revealed by the impact experiment (presented in Section 5.3.1), the influence of the 

substrate material on the deposition of the HEA particles. The substrates deform 

less compared with the particles, which is revealed by the greater particle velocity 

at which the transition in the strain evolution is observed for the substrates. A similar 

observation was reported by Nikbakht et al. [63], where CoCrFeNiMn HEA particles 

deformed more intensely than the In625 substrate (with a microhardness value of 

270 HV). 
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Figure 5.14: Plots of strain evolution of a critical element at the HEA particle 
interface, on SS304 (a) and Ti64 (b) substrates at various impact velocities. There 
is an abrupt change in the strain evolution indicating plastic strain instability at 
impact velocity 700 m/s and 600 m/s on the substrates. 
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Figure 5.15: Plots of strain evolution of a critical element at the substrates interfaces; 
(a) on SS304, and (b) on Ti64 substrates. An abrupt change in strain evolution is 
observed at 800 and 700 m/s for the substrates. 

5.5.2 Deformation behaviour of the HEA particle on soft substrates 

The impact morphology of the HEA particles on soft substrates for impact velocities 

ranging from 400-700 m/s is shown in Figure 5.16. This range of particle velocities 

was chosen to obtain significant differences in the particle penetration depth within 
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the substrates. The FEA revealed deeply penetrated CP Al and Al6082 substrates, 

with the particles showing no significant deformation at all impact velocities. A 

similar impact morphology is observed in the SEM micrographs, as shown in Figure 

5.8. Likely, the kinetic energy of the HEA particles is mostly dissipated into the 

plastic deformation of the soft substrates, and consequently, the particles are 

mechanically interlocked into the substrate. This contrasts with previous cases in 

which both the particles and substrates were deformed. Since the abrupt change in 

strain evolution of a critical element was not observed for the hard-soft material 

combination, the temperature profiles of a critical element at the substrates impact 

zone that experienced the highest temperature were plotted, as shown in Figure 

5.17. 
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Figure 5.16: FEA impact morphology of the HEA particle on CP Al (a) and Al6082 (b) substrates at impact velocity ranging from 400-
700 m/s. The particle penetration depth is observed to increase with the impact velocity as well as the substrate deformation.  
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Figure 5.17: Plots of temperature evolution of a critical element on CP Al (a) and 
Al6082 (b) substrate impact interfaces at various impact velocities. There is a higher 
heat-up rate at 550 m/s and 600 m/s on the substrate interfaces during the 
deposition. 

A previous FEA performed for Ti particles on Al substrates reported an abrupt 

change in the interface temperature at the soft Al substrate [131]. No abrupt change 

or “transition point” of the strain evolution was observed, which was due to the rapid 

temperature rise to the melting point of the Al substrate [131]. A similar trend was 
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observed for the FEA of the CoCrFeNiMn HEA particles on the CP Al and Al6082 

substrates at all impact velocities, as shown in Figure 5.17. However, the 

temperature evolution of the CP Al substrate at 550 m/s shows a significant heating 

rate, which increases more rapidly than that of the other impact velocities. Although 

the heating rate at the interface of the CP Al substrate at all impact velocities was 

on the order of 109 K/s, the highest degree of heating to the substrate melting point 

(which can be determined by the slope of the temperature-time profile in the first 10 

ns) was observed at 550 m/s. For example, the heating rates evaluated at 500, 550, 

and 700 m/s were 30 × 109, 65 × 109, and 16 × 109 K/s, respectively. The rapid 

temperature rise experienced by the CP Al substrate at 550 m/s suggests a 

threshold velocity for the deposition of HEA particles on the substrate. On the 

Al6082 substrate, on the other hand, the fastest temperature rise, or highest degree 

of heating was observed at 600 m/s with the heating rate of 40 × 109 K/s.  

It is noteworthy that the interface temperature of the soft substrates reached the 

melting point over the range of impact velocities investigated, from 400 to 700 m/s. 

Using a 10 % deviation from the CFD results [108,300] presented in Figure 5.10 

from the actual experimental particle velocity, the particle velocities for Run 1 and 

Run 2 would therefore be 538 and 583 m/s. This suggests that these impact 

velocities are below the threshold velocity required for the deposition of most of the 

HEA particles (i.e., the measured Dv50 particle size of 25 µm) on the Al6082 

substrate. This is evidenced by the top-surface SEM images shown in Figure 5.6, 

where a few particles adhered on the Al6082 when compared with the CP Al 

substrate. Therefore, the degree of heating to the melting point of soft substrates 
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may be one of the factors contributing to the deposition or mechanical interlocking 

of the hard HEA particles in the soft substrates.  

An additional criterion was observed for the mechanical interlocking of the hard HEA 

particle on the soft substrates, the particle penetration depth. Figure 5.18 shows the 

plot of the particle penetration depth on the soft substrates. This was evaluated as 

the vertical distance from the top surface of the substrate to the bottom of the 

particles within the substrate. There was a higher particle penetration depth on the 

CP Al substrate than on the Al6082 substrate for all impact velocities investigated. 

The particle penetration depth at 500 m/s on the CP Al was equivalent to that 

obtained at 600 m/s on the Al6082 substrate. Although the Al6082 substrate has a 

lower melting point than the CP Al substrate, as shown in Table 5.6, a higher particle 

velocity is required to achieve the equivalent particle penetration depth on the CP 

Al substrate. This suggests that the particle penetration depth likely plays a 

significant role in the bonding of hard particles on soft substrates (i.e., hard-soft 

material combinations) during cold spray deposition.  
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Figure 5.18: Evaluated particle penetration depth from the FEA of the CoCrFeNiMn 
HEA particle mechanically interlocked in the CP Al and Al6082 substrates. A particle 
penetration depth of ~ 19 µm on the CP Al substrate at 500 m/s is achieved on the 
Al6082 substrate at 600 m/s, as indicated by the arrow. 

5.6 Discussion 

In this section, the results from the experimental single-particle swipe test and FEA 

of HEA particles on various substrates are discussed. The impact of the HEA 

particles on the hard and soft substrates and their implications on the bonding and 

deposition of the HEA are discussed. 

5.6.1 Impact phenomena of the HEA particles on hard substrates 

It is clear from the results that the impact-induced bonding mechanisms of the 

CoCrFeNiMn HEA particles on hard and soft substrates can be grouped into 
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metallurgical bonding and mechanical interlocking. These bonding mechanisms can 

be influenced by various factors such as particle and substrate material properties, 

particle velocity, depth and width of the craters formed, and particle sizes. The 

metallurgical bonding mechanism observed for HEA particles on hard substrates 

can be attributed to adiabatic shear instability (ASI) at the impacting particle and 

substrate interfaces. ASI is a generally accepted thermomechanical deformation 

phenomenon that accounts for the metallurgical bonding of metallic materials during 

CSAM [56]. ASI is characteristically associated with high strain rate deformation, 

which results from an abrupt change in strain evolution [56,57,133]. The abrupt 

change in strain can lead to thermal softening (which dominates strain-hardening at 

a high strain rate) of metals; here, the mechanism of deformation changes from 

plastic flow to viscous flow, and consequently, a jet-type of material flow, as shown 

in Figure 5.4 and Figure 5.5 (e and f). The impact velocity which initiates the abrupt 

change in strain evolution is referred to as the material-dependent critical velocity 

for bonding during CSAM. As bonding in CSAM requires a combination of intimate 

contact and temperature, the transition to viscous flow at the critical velocity aids 

both of these. 

The evaluation of the critical velocity of the CoCrFeNiMn HEA particles on hard 

substrates using the conventional concept of ASI has not yet been studied. In 

addition to ASI, pressure wave interactions have been proposed as another concept 

that involves the interactions of strong pressure waves with the expanding particle 

edge during deformation [136]. The pressure wave mechanism linearly relates the 

critical velocity to the bulk speed of sound of pure metals. While this can be true for 

some metals, such as Cu, Nikbakht et al. [63] suggested that the pressure-wave 
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concept cannot be relied on to predict the deformation mechanism and/or critical 

velocity of the HEA. Therefore, the concept of ASI can be employed to predict the 

deformation behaviour and critical velocity of the HEA particles on hard substrates 

during CSAM. However, the accuracy of this concept can be influenced by the 

approximations of the FE methods and material models used. Future work can 

include using different FE methods, such as the Eulerian method and other material 

models. Nevertheless, the fine-tuning of the J-C material data with the experimental 

particle flattening parameters or impact morphology performed in this study likely 

minimised the outcomes of any numerical inaccuracies.  

The FEA of the HEA particle impact on hard substrates (SS304 and Ti64) revealed 

ASI at the particle and substrate interfaces. This occurred at lower velocities (600 

and 700 m/s) at the particle interface when compared with those on the substrates 

(700 and 800 m/s), as presented in Figure 5.14 and Figure 5.15. This is because 

most of the kinetic energy is primarily dissipated in the plastic deformation of the 

HEA particles compared with the hard substrates both at lower impact velocity 

(where more craters were formed owing to particle rebounds, shown in Figure 5.3a, 

b, c and d), to high impact velocity where metal jetting was observed at the particle-

substrate interfaces (as shown in Figure 5.4 and Figure 5.5 (c and d)). The substrate 

material properties and HEA particle sizes also influenced the impact morphology, 

with smaller particles resulting in pronounced jetting and penetration of the 

substrates, whereas larger particles deformed more intensely than the substrates 

(as seen in Figure 5.5d and e). The greater deformation of the substrates by the 

smaller particles can be attributed to the dynamic effects of small particles, such as 

the high viscous shear strength in the jetting region, high strain-hardening rate, and 
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higher strength following the Hall-Petch strengthening effect, which can hinder 

localised deformation, as stated by Schmidt et al. [57].  

Despite the greater measured microhardness and strain-hardening B of Ti64 

((315.0 ± 4.5) HV0.5 and 1092 MPa) compared to the SS304 substrate ((192.1 ± 

1.7 HV0.5) and 802.5 MPa), the critical velocity for bonding of the HEA on Ti64 

(600-700 m/s) is lower than that on the SS304 substrate (700-800 m/s). If the plastic 

deformation of the substrate is considered for the determination of the critical 

velocity (as suggested by Ichikawa [306] and Ogawa, and Arabgol et al. [307]), this 

would therefore be 700 m/s and 800 m/s for a 25 µm particle size of the HEA on 

Ti64 and SS304 substrates. In addition, the evaluated particle FR (presented in 

Table 5.4) was found to increase with the increase in the substrate hardness 

(provided in Table 5.3), as well as an increase in the particle velocity (from spray 

Run 1 to Run 3). Therefore, as the substrate hardness and particle velocity increase, 

a higher proportion of kinetic energy is used to deform the impacting particles, 

particularly for larger particles, rather than the substrates. 

It is speculated that the impact of the HEA particles on the harder Ti64 substrate 

would require a higher critical velocity for ASI to occur earlier than on SS304, but 

this is not the case. The underlying mechanism for this deformation behaviour can 

be explained as follows: the plastic deformation of materials at high strain rates can 

reduce their thermal diffusion distance, Dth [308]. Thus, the bonding of particles on 

substrates in the CSAM process can be determined by the degree of localised strain 

and thermal build-up during the deformation process. Quantifying the affected 

volume over which there is an adiabatic temperature rise, Vaff  for the SS304 and 
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Ti64 substrates at an impact velocity of 600 m/s, by using 𝑽𝒂𝒇𝒇 = 𝑫𝒕𝒉 × 𝑨𝒄 [309], 

where Ac is the maximum contact area extracted from the FEA. The maximum 

contact areas of HEA/SS304 and HEA/Ti64 at 600 m/s are 0.867 × 10-6 µm2 and 

0.827 × 10-6 µm2. Thermal diffusion, Dth was evaluated using 𝑫𝒕𝒉 = √
𝑲

𝝆𝑪𝑷
× 𝒕𝒓, 

where K is the thermal conductivity, ρ is the material density, CP is the specific heat 

capacity and, tr is the contact time or residence time of the particle on the substrates 

given as the ratio of the particle diameters to the impact velocity, which is ~ 42 ns. 

The calculated Dth is 330 nm and 432 nm, and the corresponding Vaff is 27.3 nm3 

and 37.5 nm3 for the Ti64 and SS304 substrates. Thus, a smaller thermal diffusion 

distance and volume affected by the high localised strain and thermal build-up were 

obtained on the Ti64 substrate. In addition, the FEA of the temperature profile 

shown in Figure 5.13, reveals a higher temperature rise at the Ti64 than on SS304 

substrates interfaces. Therefore, these analyses indicate that the degree of 

localised interface shear straining, and thermal build-up is greater on the Ti64 

substrate, which is likely contributing to the lower critical velocity for bonding of the 

HEA particle. This can be attributed to the lower density and thermal conductivity of 

Ti64 (4430 kg/m3 and 6.7 W/mK).  Moreover, this is evidenced by the fraction of 

adhered particles on the Ti64 substrate under the spray condition of Run 2 

(approximately 600 m/s), which is higher than that on the SS304 substrate, as 

shown in Figure 5.3c and d.  

The higher critical velocity for the deposition of HEA particles on the SS304 

substrate, on the other hand, lies in the window of deposition for austenitic stainless 

steels 316L and 304—700 to 1500 m/s, as reported by Schmidt et al. [57] and 

Coddet et al. [310]. Since CoCrFeNiMn HEA and SS304 have similar material 
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properties (density and elastic modulus—Table 5.6, and crystal structure (FCC)), it 

is ideal for comparison of the HEA particle-particle and particle–substrate 

interactions during CSAM deposition. Schmidt et al. [57] calculated a critical velocity 

of approximately 700 m/s for a 25 µm SS316L particle on a similar substrate 

material, which correlates well with the calculated critical velocity for the 25 µm HEA 

particle on the SS304 substrate in this study as shown in Figure 5.19. However, the 

sluggish diffusion effect [35,36], higher critical shear strain, and yield strength of 

CoCrFeNiMn [63] are likely to result in a higher critical velocity for the deposition 

(and complete bonding of deformed particles) of the HEA/HEA pair compared to 

HEA/SS304. It is envisaged that the deposition of the HEA particle on the HEA 

substrate will provide a better representation of the HEA/HEA particle-substrate 

material interactions. Nevertheless, as stainless steel materials are currently used 

to manufacture aerospace components and structures, unlike the HEA material, the 

HEA material can therefore be employed to repair those components keeping the 

strength-to-weight ratio while improving the structural integrity of the components 

using the CSAM process.  In general, CoCrFeNiMn HEA lies in the regime of 

difficult-to-spray materials for the CSAM process, such as austenitic stainless steel, 

titanium, and other engineering alloys, as the CoCrFeNiMn HEA material lies in the 

window of deposition and or critical velocity for CSAM of these materials as 

presented in Figure 5.19. 
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Figure 5.19: Critical velocity for a 25 µm particle for different materials from the 
literature [57] and that of the CoCrFeNiMn HEA determined in this study. The error 
bar indicates a range of values. 

5.6.2 Impact phenomena of the HEA particles on soft substrates 

The CSAM of the CoCrFeNiMn HEA on the Al6082 substrate resulted in a lower 

fraction of adhered particles and a higher number of craters formed on the surface 

compared to the CP Al substrate (as shown in Figure 5.6). Even though the 

deposited particles did not show any evidence of jetting due to limited deformation 

(Figure 5.8), a fraction of the sprayed particles were still deposited on the soft 

substrates. The particles were deposited because the substrates were significantly 

deformed, allowing mechanical interlocking of the particles.  

The FEA revealed a special type of ASI occurring in the soft substrates, where no 

abrupt change in strain was observed but rather a high heat-up rate [131], as shown 

in Figure 5.17. As the impact velocity increased, the heating rate increased owing 
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to the increase in the deformation of the substrates at the impact interfaces, 

resulting from kinetic energy dissipation from the particle during deposition. A steep 

gradient in the temperature-time profile and calculated heating rates was observed 

at all impact velocities investigated; however, a higher heating rate was observed 

at impact velocities of 550 m/s and 600 m/s for the CP Al and Al6082 substrates. 

Below or above these velocities, the heating rate decreased (Figure 5.17). These 

observations can be associated with the findings of Hassani et al. [309,311], where 

an increase in the impact velocity above the threshold velocity for particle adhesion 

resulted in a decrease in the solidification/heating time; therefore, the deposition 

resulted in melt-driven erosion and, subsequently, rebounding of the sprayed 

particles. This effect is attributed to the short time scales for adhesion at impact 

velocities above the adhesion velocity, that is, the residence time for the HEA 

particle on the CP Al substrate at a velocity above 550 m/s is far lower than the 

solidification time (and/or heating time) of the heated volume material at the 

substrate interface. With a higher particle rebound energy at higher impact velocities 

[144] and insufficient bonding time, the particle is likely to rebound from the soft 

substrates with no mechanical resistance. Because there is likely an insufficient 

time for the solidification of the heated material needed for bonding, despite heating 

to the melting point of the substrate material, it is likely that there is an additional 

mechanism or factor responsible for the mechanical interlocking of the HEA 

particles.  

In addition to the strain-induced melting at the soft substrate impact interfaces 

revealed by the FEA, there is likely a critical particle penetration depth that would 

allow for mechanical interlocking of the particle. Moreover, the particle penetration 



248 
 

depth increases monotonically as the particle velocity increases, as shown in Figure 

5.18. This is due to the thermomechanical effects of the soft substrate during the 

particle deposition, which would increase the particle interlocking mechanism once 

embedded [156]. The FEA results agreed well with the single-particle impact 

experiments of the HEA particles on the soft substrates. The difference in the critical 

velocities of the soft substrates can be attributed to the behaviour of the precipitate-

hardened aluminium alloy 6082 (Al6082) under the high strain-rate deformation 

during cold spraying. Although the microhardness values differ by 7 HV, which may 

affect their relative deformation behaviour, the strength differences at higher strain 

rates or temperatures most likely contributed to the difference in their deformation 

behaviour during the cold spray deposition. Moreover, the Al6082 substrate was 

characterised by a higher strain-hardening exponent n, yield strength A, and strain-

rate sensitivity C, values from the J-C model data presented in Table 5.6, which 

likely contributed to the shallower particle penetration depth, resistance to plastic 

deformation and hence higher critical velocity compared to that of CP Al substrate. 

To relate the deep-impact particle penetration depth to the onset deposition velocity 

(i.e., critical velocity), the empirical projectile law by Eichelberger and Gehring [312] 

relates the crater volume (V, in m3) produced by micrometeoroid impact on 

spacecraft to the material Brinell hardness (B) and, impact energy (E) of the 

micrometeoroid. This empirical law or equation has been employed by Victor et al. 

[142] to evaluate the interfacial mixing of Cu and Al during CSAM. The empirical 

equation is given by Equation (5.1).   
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The impact energy, 𝑬 = 𝟎. 𝟓[𝟒/(𝟑𝝅𝒓𝟑𝝆)𝑽𝒑], was substituted into Equation (5.1), 

where ρ is the particle density, r is the particle radius, and Vp is the particle velocity. 

In addition, it was assumed that the crater volume V equals the penetration depth 

D multiplied by the particle surface area (πr2). Thus, Equation (5.1) becomes: 

The particle penetration depth D is then given as: 

If the Brinell hardness B of the substrate is estimated from the HV values provided 

in Table 5.3, a 25 μm of the HEA particle on a CP Al substrate at 600 m/s would 

result in a particle penetration depth of approximately 27 μm, which agrees well with 

the experiment (26.4 μm) and FEA results (24.4 μm). If, again, it is assumed that 

the entire particle is embedded within the substrate (that is D = 2r) at the onset of 

the deposition, then the critical velocity for the deposition of the hard particle on the 

soft substrates is given as 

𝑽 =
(𝟒 × 𝟏𝟎−𝟓)𝑬

𝑩
 (5.1) 

𝑽 = (𝛑𝒓𝟐)𝑫 =
(𝟒 × 𝟏𝟎−𝟓)𝟎. 𝟓[𝟒𝝆/(𝟑𝝅𝒓𝟑)𝑽𝒑

𝟐]

𝑩
 (5.2) 

𝑫 = (𝟒 × 𝟏𝟎−𝟓) (
𝟐𝝆𝒓

𝟑
)(

𝑽𝒑
𝟐

𝑩
) (5.3) 
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Therefore, Equation (5.4) provides a simple, empirical equation for estimating the 

particle velocity required for the first monolayer deposition of the hard HEA particles 

on a soft substrate. For a 25 μm CoCrFeNiMn HEA particle impact on CP Al and 

Al6082 substrates, the critical velocities were approximately 563 m/s and 618 m/s, 

respectively. These values agreed well with the FEA results at 550 and 600 m/s.  

The results obtained in this study suggest that the thermal effects, that is, the 

heating rate of the substrate material to its melting point and particle penetration 

depth should be evaluated to determine the critical velocity of hard particles on soft 

substrates. This depends on the hardness of the substrate and the particle density. 

Notably, this is true only for the first monolayer deposition. During deposit build-up, 

material intermixing of the particles on the soft substrates may occur under low 

deposition efficiency, which can be a future study; however, the repetitive impacts 

of rebounded particles must be allowed [140], which is not the case in this single-

particle impact. 

5.7 Conclusions 

The impact morphology and deformation behaviour during CSAM of the 

CoCrFeNiMn HEA onto various substrates were investigated experimentally and 

numerically in this study. Different sets of Johnson-Cook material model parameters 

for the HEA were obtained from the literature. The numerical analysis of all sets was 

𝑽 =  √𝟕𝟓𝟎𝟎𝟎 × (
𝑩

𝝆
) (5.4) 
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then compared with the experimental impact morphology and particle-flattening 

ratio. The results and comparisons were linked to the sets of Johnson-Cook model 

parameters, and the most suitable one that best predicted the deformation 

behaviour of the HEA was selected and employed for further numerical analysis 

using the Abaqus/Explicit code with the Lagrangian approach. The following 

conclusions were drawn from the results of this study:  

• CSAM of CoCrFeNiMn HEA onto SS304 and Ti64 (hard substrates) resulted 

in adiabatic shear instability at the particle and substrate interfaces—

metallurgical bonding. On the other hand, the CSAM of the HEA onto CP Al 

and Al6082 (soft substrates) resulted in significant localised deformation and 

penetration of the substrates—mechanical interlocking. The hard substrate 

material properties, such as density and thermal conductivity, influenced the 

particle-substrate deformation behaviour and impact morphology, while the 

soft substrate hardness and particle density influenced the extent of 

mechanical interlocking and penetration depth of the HEA particles. 

• An abrupt change in strain, which indicates the onset of ASI (and metal 

jetting), was observed in the HEA particles and SS304 substrate at particle 

velocities of 700 and 800 m/s, respectively. However, on the Ti64 substrate, 

ASI was observed at the particle and substrate interfaces at particle 

velocities of 600 and 700 m/s, respectively. The particle velocities for the 

onset of ASI in the substrates were chosen as the critical velocities for the 

deposition of the HEA particles, which were 800 m/s and 700 m/s on the 

SS304 and Ti64 substrates, respectively. Despite the higher hardness and 
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strain-hardening values of the Ti64 substrate, a lower critical velocity of the 

HEA on the Ti64 substrate was obtained, which was attributed to the lower 

density and thermal conductivity of Ti64.  

• The FEA revealed an abrupt temperature rise of the CP Al and Al6082 

substrates to the material melting point during CSAM deposition of the HEA. 

The fastest temperature rise was observed at 550 and 600 m/s on both 

substrates. The particles penetrated the soft substrates deeply because of 

the localised deformation of the substrates. 

• In addition to the strain-induced melting of soft substrates at a high heat-up 

rate, the particle penetration depth has been reported as an additional 

criterion for the mechanical interlocking of CoCrFeNiMn HEA particles on soft 

substrates. An empirical equation relating the particle penetration depth to 

the particle velocity shows that mechanical interlocking is influenced by the 

hardness of the soft substrates and the particle density. Using the empirical 

equation, the critical velocities of the HEA on CP Al and Al6082 were found 

to be 563 and 618 m/s, respectively. The higher critical velocity of the HEA 

on Al6082 is attributed to its higher strain-hardening exponent and strain-rate 

sensitivity compared to CP Al.  

The investigations in this chapter reveal that for the first layer deposition of the HEA 

using CSAM, CP Al would be more suitable because of the low critical velocity of 

the HEA on the substrate (550-563 m/s). For subsequent deposit build-up, it is 

however believed that spraying parameters within the window of deposition of the 

HEA (with the critical velocity of 700-800 m/s) would be required. This is because 
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during deposition the particle of the feedstock material interacts to bond and form a 

deposit, hence the critical velocity for similar material combinations. This is 

especially important for CSAM of aerospace components. Consequently, the 

interactions between the HEA particle and SS304 substrate closely represent the 

possible interactions of the HEA particles during deposit build-up. Therefore, the 

SS304 substrate was employed for the deposition of the HEA feedstock material in 

the studies presented in the following chapters. Also, as stated earlier, it is intended 

in this research project that aerospace components made of stainless steel could 

be repaired with the HEA feedstock using the CSAM technique. 
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6 Microstructural study of CoCrFeNiMn HEA 

deposit manufactured using CSAM 

6.1 Introduction 

The critical velocity for the deposition of the CoCrFeNiMn HEA on various 

substrates; grouped as hard and soft substrates, was determined in the study of the 

previous chapter. The window of deposition of the HEA was suggested to be within 

the range of difficult-to-spray materials such as stainless steel. The spraying 

parameters that resulted in the critical velocity of the HEA on the SS304 substrate 

were employed in this chapter to develop thick deposits of the HEA. The SS304 

substrate material was selected for further study as it was intended that the HEA 

feedstock material could be employed for the cold spray repair of aerospace 

components made of stainless steel material. Another reason for selecting the 

substrate material, hence the material combinations, was to further study the 

deposition behaviour of the HEA/HEA pair without the effect of substrate material 

properties as the SS304 and HEA are of similar material properties. 

Several studies have reported heterogeneous microstructure formed in metallic 

deposits after the CSAM process [137,147,313,314]. The heterogeneous 

microstructure contributed to excellent mechanical properties such as strength-

ductility combination [313]; however, there are limited studies that have investigated 

the microstructure and its formation mechanism of the CoCrFeNiMn HEA during 

CSAM [40,63,129]. In addition, the use of finite element analysis (FEA) to 
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understand the splat formation during CSAM deposition of the HEA is limited 

[141,266]. There is also a wide gap in knowledge on multi-particle deformation 

modelling of the HEA, limiting our understanding of the microstructural evolution of 

the HEA during CSAM. This study provides insight into the interaction between the 

HEA particles and the substrate, when developing deposits layer by layer, enabling 

the repair of components using the HEA feedstock material to form dense 

heterogeneous microstructures via the CSAM technique. 

Therefore, this chapter presents the microstructural study of the CSAM 

CoCrFeNiMn HEA deposit. The chapter involves advanced materials 

characterisation of the deposit using electron-backscattered diffraction (EBSD), 

scanning electron microscopy (SEM) and x-ray diffraction (XRD) to investigate the 

microstructure evolution of the HEA material under ultrahigh strain-rate deformation. 

The study combines experimental analysis with FEA to understand the bonding 

mechanisms and grain structure formation of the HEA resulting from the CSAM 

process. The influence of the microstructure on the nano- and micro-hardness 

properties of the deposit was analysed. 

It is noteworthy that this chapter is published as a peer-reviewed article as 

presented in the “Publication” section of this thesis.  
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6.2 Experimental methods 

6.2.1 Materials 

The CoCrFeNiMn HEA feedstock powder was deposited on a 2-mm thick 

rectangular SS304 substrate plate with dimensions of 25 × 60 mm. Detailed analysis 

of the powder chemistry and particle size distribution has been provided in Chapter 

5 Section 5.3. The substrate was ground with P240 SiC grit paper, cleaned with an 

industrial methylated spirit (IMS), and dried with compressed air before spraying to 

enhance the adhesion of the deposit during the CSAM. 

6.2.2 CSAM deposition 

A high-pressure CSAM system developed at the University of Nottingham, as 

described in Chapter 3 Section 3.2, was employed for the deposition of the HEA 

powder feedstock using Helium (He) as the accelerating gas. The pressure and 

temperature of the gas were maintained at 3.3 MPa and 400 ºC throughout the 

spraying process. The deposit was manufactured by spraying 4 passes at a nozzle 

transverse speed and powder feed rate of 100 mm/s and ~42 g/min. These spraying 

parameters employed were informed by the particle deformation dynamics and 

average critical velocity of the HEA particles, as revealed by the studies undertaken 

in Chapter 5. The powder carrier gas was set at 0.1 MPa higher than the 

accelerating gas pressure. The CSAM nozzle was held stationary while the 

substrates were mounted on a programmable x-y table that allowed a controllable 

scan pattern and velocity. 
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6.2.3 Materials characterisation 

To examine the microstructure of the feedstock powder and the CSAM HEA 

deposits, samples were prepared following the metallographic procedures outlined 

in Chapter 3  Section 3.3.   

The microstructure of the deposit was observed using the Philips XL30 SEM 

operated at 15 kV in the backscattered electron (BSE) mode. The porosity and 

thickness of the deposit were quantified by the image analysis described in Chapter 

3 Section 3.6.  Five BSE SEM images were used to measure the thickness of the 

deposit, while ten BSE SEM images were used to measure the porosity. The images 

were captured at × 500 magnification, resulting in a field of view with an area of 100 

× 100 µm2. The results are presented as average values with the standard error of 

the mean of the measurements. 

The crystal structure of the powder and deposit was determined using the X-ray 

diffractometer (Bruker, Germany) described in Chapter 3 Section 3.5.3. The 

microstrain and crystallite size in the powder and deposit were estimated with the 

Williamson-Hall (W-H) method [315]. The W-H equation, which relates the actual 

peak broadening β to the microstrain 𝜺𝒑  and crystallite size d, is given by Equation 

(6.1). Here θB represents Bragg's angle of the peak, λ is the wavelength of the Cu 

Kα radiation source (0.1546 nm), and κ is a constant (0.89). The peaks' full width at 

half maximum (FWHM) values were evaluated after stripping the Kα2 using the EVA 

software. 
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To observe the morphology and measure the size of the grains in the powder, EBSD 

imaging was performed on a FEG SEM (7100F, JEOL Ltd., Japan). The EBSD 

scans of the powder sample and post-processing data were carried out using 

AZtecCrystal software (Oxford Instruments, UK). Detailed information on the EBSD 

analysis has been provided in Chapter 3 Section 3.5.2. The feedstock powder 

material's elemental distribution was studied using an energy dispersive x-ray 

spectroscopy (EDX) detector (Xmax 150 EDX detector, Oxford Instruments, UK) 

mounted on the FEG SEM. The EBSD imaging of the deposit was performed on a 

Zeiss™ Auriga Cross Beam SEM (Germany), a collaborative work with Imperial 

College, London. Details of the EBSD procedures have been provided in Chapter 3 

Section 3.5.2.  

The nanohardness of the feedstock powder and the  CSAM deposit was measured 

using a NanoTest P3 nano-indenter (Micro Materials Ltd., UK). The nanohardness 

measurements performed in this study have been provided in Chapter 3 Section 

3.7.1. The indentation load employed for the nanohardness was chosen after 

carefully selecting the indent size, the distance between the neighbouring indents 

(7 µm) to account for the plastic zone or indent impression, and the distance 

between indents and the splats boundaries to avoid pores when indenting the 

deposit. The nanohardness and reduced modulus from the nano-indentation were 

derived following the Oliver and Pharr method [274], as described in Chapter 3 

Section 3.7.1. The microhardness of the deposit was also measured using a Wilson 

VH3300 Vickers Microhardness instrument (Buehler, USA). Detailed information on 

𝜷𝒄𝒐𝒔𝜽𝑩 = 
𝜿𝝀

𝒅
+ 𝜺𝒑𝟒𝒔𝒊𝒏𝜽𝑩 (6.1) 
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the microhardness measurement has been provided in Chapter 3 Section 3.7.2.  

The deposit sample in this chapter however underwent an array of 280 micro-

indents. The final value is presented as an average with the standard error of the 

mean of the measurements. 

6.3 Numerical modelling 

The impact behaviour of high-velocity, micro-sized HEA particles onto the SS304 

substrate was modelled using the Lagrangian approach with the Abaqus/Explicit 

commercial code. A two-dimensional (2D) model was used to simulate the multi-

particle deformation behaviour of the HEA material on the substrate, details of which 

are provided in Chapter 4 Section 4.2.2. The material model including the Johnson-

Cook (J-C) material model assessed and selected in Chapter 5 Sections 5.4 was 

employed to model the deformation behaviour of the particles and substrate 

material in this chapter. The particles and substrate impact zone uses a mesh size 

of 0.4 µm, which follows the mesh convergence study as provided in Chapter 4 

Section 4.1. The simulation was run for 1 µs to capture the whole deformation 

process. 

The particle velocities and temperatures are required as input parameters for the 

Abaqus/Explicit impact model, which can be provided by the computational fluid 

dynamics (CFD) model described in Chapter 4 Section 4.1. The input parameters 

were predicted following the experimental spraying conditions employed for the 

deposition of the feedstock powder. Spherical CoCrFeNiMn particles from 5-60 µm, 

with an initial temperature of 25 ºC were used as powders injected at the nozzle 



260 
 

inlet. The result of the CFD analysis is provided in Figure 6.1, which reveals that the 

increase in particle size results in a decrease in velocity while temperature 

increases. Since the CFD results are likely to deviate from the actual experimental 

particle velocity and temperature [74,108,300], a 15% deviation from the CFD 

results is employed. With the spraying conditions employed, the estimated particle 

velocities for the particle size range from 10-45 µm would be from 1175-704 m/s. 

Thus, the average particle velocity (i.e., for a particle size of 25 µm) would be ~885 

m/s, which is above the estimated average critical velocity of 800 m/s evaluated in 

Chapter 5. 

 

Figure 6.1: The results of the CFD analysis of the HEA particles' velocity and 
temperature as a function of particle sizes. 
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6.4 Results 

6.4.1 Powder microstructures 

A representative image of the microstructure and elemental distribution of the 

CoCrFeNiMn HEA feedstock powder particle obtained from the EBSD scan is 

presented in Figure 6.2 The figure also presents the grain size analysis of about 15 

particles with different particle sizes. Figure 6.2a represents the EBSD Inverse Pole 

Figure (IPF) map of a HEA feedstock powder particle. The IPF map, with different 

colours representing the grain orientations, reveals several randomly oriented 

grains with different shapes and sizes within the HEA particle. The powder particle 

microstructure appears to consist of a mixture of columnar and equiaxed grains, 

likely growing outwards from the nucleation point, as indicated in Figure 6.2a. These 

features likely result from the undercooling and dendrite break-up during the gas-

atomisation process [316]. Few poorly indexed grains at the particle edges can be 

seen, attributed to polishing artefacts. Figure 6.2b shows the size distribution of the 

grains in the HEA powder particles with an area-weighted average grain size of 

about 6-7 µm. EDX mapping of the elemental composition of the HEA powder 

particles is presented in Figure 6.2c, showing microsegregation of Co, Cr and Fe in 

the dendritic interiors, which has also been observed in a previous study [267]. The 

chemical composition of the powder is 22.3 wt.% Co, 19.3 wt.% Cr, 20.1 wt.% Fe, 

20.7 wt.% Ni and 17.6 wt.% Mn. 
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Figure 6.2: EBSD image showing the inverse pole figure (IPF) map of a powder 
particle (a); (b) grain size distribution of about 15 powder particles analysed. The 
short-dashed black lines in (a) were manually included to differentiate between the 
columnar and equiaxed grain growth in the powder particle. (c) shows the EDX 
mapping of the powder microstructure. 
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6.4.2 Porosity and inter-particle bonding 

SEM micrographs of the CoCrFeNiMn HEA deposit cross-sections on the substrate 

at various magnifications are shown in Figure 6.3. The low magnification micrograph 

in Figure 6.3a presents a (1.67 ± 0.03) mm thick deposit showing no discontinuity 

or delamination at the deposit-substrate interface, indicating a good bonding 

between the deposit and the substrate during the CSAM. A porosity of (2.4 ± 0.3)% 

was measured in the deposit. Higher magnification micrographs of the deposit 

cross-sections in Figure 6.3b and c reveal a nearly homogenous distribution of 

pores.  

 

Figure 6.3: shows the microstructure of the CSAM HEA deposit; (a) low 
magnification BSE SEM image showing the deposit, interface and substrate, (b) and 
(c) showing high-magnification images of the deposit's top and bottom layers. The 
high-magnification SEM micrographs were taken from the region indicated with 
square boxes in (a). 

As a representative of the deposit cross-section, the high-resolution SEM 

micrograph obtained using the FEG SEM at Imperial College and the FEA of the 
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multi-particle impact model of the HEA particles on the substrate is presented in 

Figure 6.4. The deposit microstructure shown in Figure 6.4a and b consists of splats 

with globular or oblate spheroid morphology, and similar deformation morphology is 

observed in the FE model. This suggests that the FE model employed thus 

represents the HEA particle deformation morphology well. Furthermore, a broad 

distribution of the splat size within the deposit microstructure was observed, 

correlating with the characteristic particle size distribution of the HEA powder, in 

addition to the effect of particle size-dependent impact energies on the deformation 

of the particles upon impact. The HEA splat flattening ratio (FR) in the SEM 

micrograph and FEA was evaluated. The splat width and height were evaluated as 

the major and minor axes of the oblate spheroid splat shape [317] within the deposit 

microstructure. Fifteen splats with clear splat boundaries and different sizes were 

evaluated within the SEM micrograph of the deposit cross-section and the FE 

model. The FRs (average with standard error of the mean) of (2.0 ± 0.2) and (1.9 

± 0.1) were obtained in the deposit microstructure and FE model. Again, these 

values indicate that the FEA predicts the HEA particle deformation behaviour during 

CSAM well. These values can be inevitably associated with errors as mechanically 

polished cross-sections do not usually pass through the centre of splats. In addition, 

actual CSAM spraying parameters such as particle impact and substrate 

temperature, actual mechanical properties of the powder material, and the 

limitations of the numerical approach would likely influence the FR calculations. 

Nevertheless, this approach has been employed in previous work [204,318], giving 

an approximation of the FR and, subsequently, the extent of plastic deformation of 

the particles. 
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Figure 6.4: (a) shows a high-resolution BSE micrograph of the CSAM HEA deposit. 
A closer look at the interface and intersplat boundaries is seen in the magnified view 
in (b). Similar deformation morphology of the particles is observed in the SEM 
micrographs and the multi-particle FE deformation simulation (c). 

As CSAM deposits are composed of many splats, their mechanical properties, such 

as elastic modulus and hardness, can be influenced by inter-splat bonding. The 

high-resolution BSE micrograph of the deposit closer to the deposit-substrate 

interface shown in Figure 6.4b (magnified view of Figure 6.4a) allowed a closer look 

at splat boundaries. The figure shows clear boundaries and gaps between splats 

(the colouring was done using the ImageJ software). The clear splat boundaries 

within the deposit likely suggest poor bonding between the HEA particles during 
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CSAM. Also, “textured” and “smooth” regions are generally observed at splat 

interiors and impact interface vicinity in the BSE micrograph. The smooth regions 

are likely the diffraction of high dislocation densities and the large number of grain 

boundaries at the impact regions, whereas the projection from the textured regions 

suggests lower dislocation densities and grain boundaries within splats.  

6.4.3 Deposit microstructures 

XRD analysis 

The XRD profile for the HEA powder and CSAM deposit is provided in Figure 6.5a. 

The powder and deposit exhibited an FCC structure (PDF: 00-065-0528). As 

expected, the feedstock powder FCC structure was retained in the HEA deposit with 

no other phases detected by the used XRD analysis. The XRD profile of the deposit 

showed peak broadening, indicating the presence of subgrains and residual strain 

formed during the severe plastic deformation of the HEA. The subgrain size and 

residual strain were analysed using the W-H plot, as shown in Figure 6.5b. The 

figure shows the plot of the FWHM (in radians) against the peak positions (in 

radians). The intercept and slope of the fitted peaks to a linear plot determine the 

subgrain size and microstrain in the HEA deposit. A significant increase in the slope 

of the W-H plot (as shown in Figure 6.5b) indicates that the HEA material has 

undergone severe deformation during CSAM, with the strain increasing from 1 to 4 

microstrain (~300 % increase). The subgrain size measured in the HEA deposit was 

~ (188 ± 44) nm, significantly smaller than the crystallite size of the as-received HEA 

powder of ~ (492 ± 57) nm. The reduction in the subgrain size after CSAM 

deposition suggests grain refinement, which can be possible via dynamic 
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recrystallisation (DRX) [149]. It is noteworthy that the W-H plot from the XRD 

analysis can be associated with errors as it is preferred for nanoscale crystallite 

size. Also, notice that the linear plot did not fit well in the W-H plot for the HEA 

deposit compared to the powder, and there is a slight deviation or decrease in the 

FWHM values corresponding to the {200} and {220} reflections. Ungár et al. [319] 

reported that such a decrease in the FWHM values of these reflections could be 

associated with stacking faults and twins which may lead to deformation anisotropy 

in the deposit; however, these underlying deformation features or mechanisms 

require further investigation. 
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Figure 6.5: (a) shows the XRD profile of the powder feedstock material and sprayed 
deposit, showing that the CSAM process did not result in phase transformation of 
the sprayed powder. (b) shows the Williamson-Hall (W-H) plot of the powder and 
deposit, giving the subgrain size and lattice residual strain. 
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EBSD characterisation: close to the deposit-substrate interface 

A high-magnification EBSD and high-resolution SEM micrograph of the deposit-

substrate interface is presented in Figure 6.6. This was acquired to investigate the 

microstructural characteristics of the interface between the CSAM HEA particle-

substrate that resulted from the impact-induced severe plastic deformation during 

CSAM. Figure 6.6a and b presents the SEM and band contrast images. The band 

contrast shows the quality of the backscattered signal, reflecting the degree of 

lattice distortion. In particular, regions of intense plastic deformation, such as grain 

boundaries containing lattice defects, correspond to the dark lines. Randomly 

oriented dark lines, usually corresponding to the presence of a network of 

dislocations, were seen in the vicinity of the deformed particle-substrate interface, 

suggesting severe plastic deformation mainly limited to the interface vicinity, which 

agrees with previous studies [40,137]. A closer view in the band contrast image 

reveals elongated, linear dark lines parallel to the impact direction present away 

from the splat vicinity towards the interior. These linear features also appear to be 

parallel to the impact direction, suggesting features similar to substructural 

deformation features such as twinning. Previous studies have reported similar 

deformation features. For instance, CSAM deposition of the CoCrFeNiMn HEA 

[63,75,268] and dynamic and static deformation of the bulk CoCrFeNiMn HEA 

[41,42,320]; however, these deformation features require further investigation as 

detailed characterisation of the feature may be difficult with the technique employed. 

Furthermore, Figure 6.6c and d show the IPF and kernel average misorientation 

(KAM) maps of the particle-substrate interface. The figures reveal coarse grains at 

regions away from the interface of the particle and substrate, and fine grains at the 

interface. The dark regions at the interface are a result of poor diffraction quality or 



270 
 

indexation. The regions likely contain refined grains with sizes below the resolution 

or step-size of the EBSD analysis (50 nm) and high density of dislocation as 

revealed by the band contrast in Figure 6.6b, hence the poor diffraction or indexation 

quality. Away from the interface, towards the centre of the particle, are elongated 

subgrains, likely deformed in the shear or compression direction. Using a colour 

gradient (threshold between 0-5), the KAM map illustrates localised strain variations 

within the microstructure. Blue corresponds to the absence of misorientation, while 

green or yellow indicates a high misorientation. Higher KAM reflects denser 

Geometrically Necessary Dislocations (GNDs). Higher local misorientations are 

concentrated at the interface, and away from the interface, the KAM value 

decreases to strain-free regions (showing mainly blue colours). The high 

misorientation indicates localised strain and a high density of dislocations. Figure 

6.6d and e show the misorientation angle distribution of the region analysed, and 

the misorientation angle distribution for below 5º. The misorientation angle 

distribution suggests grains with low-angle grain boundaries (LAGBs < 15º) and 

high-angle grain boundaries (HAGBs > 15º). In addition to these grain boundaries, 

are boundaries with 60º misorientations. The KAM values reveal most 

misorientations are below 1.5º, suggesting DRX is dominant mainly at the particle-

substrate interface. 
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Figure 6.6: (a) shows a high magnification, high-contrast BSE image and (b) shows 
an EBSD band contrast image of a sprayed CoCrFeNiMn HEA particle at the 
deposit-substrate interface. A network of dislocations is observed at the interfaces, 
and likely substructure deformation features indicated by the white arrow close to 
the particle interior, likely deformation twins. (c) shows the IPF map of the region 
analysed and (d) shows the KAM map. The misorientation angle distribution and 
KAM distribution of the analysed region are presented in (e) and (f), respectively. 
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To further gain more insight into the particle-substrate and particle-particle 

interfaces at the deposit-substrate interface, the microstructure of a larger region at 

the deposit-substrate interface was characterised using the EBSD technique. Figure 

6.7 presents the microstructure images of a region at the deposit-substrate interface 

with the indicated interface shown in Figure 6.7a. The micrographs reveal a similar 

microstructure observed for the particle-substrate in Figure 6.6. The IPF map in 

Figure 6.7b, shows a varied mix of colours indicating randomly oriented grains in 

the deformed particle without any preferential orientation. Grain boundaries were 

detected when the misorientation was above 5°, with a minimum of 2 pixels per 

grain and a kernel size of 3 × 3.  The CSAM HEA deposit-substrate interface is 

characterised by a bimodal grain-sized microstructure with randomly oriented fined 

grains that are dominant at the impact boundaries and larger grains at the interior 

of the splat. Also, the interface between particles is characterised by ultrafine grains, 

as these regions are poorly indexed resulting from the high strain and likely the 

ultrafine grains are of sizes below the resolution or step-size of the EBSD technique 

employed (50 nm). Again, elongated subgrains are observed towards the interface, 

likely deformed in the direction of shear or compression. Furthermore, the KAM map 

shown in Figure 6.7c reveals a higher local misorientation at the impact boundaries. 

The dark areas at the impact boundaries result from the low indexation quality due 

to severe plastic deformation of the region, as explained earlier. Grains 

characterised with low strain (and a few strain-free areas mostly within grains) are 

observed in the interior of the splats (with blue colour indicative of low strain or 

dislocation density). Also, Figure 6.7d shows the plot of the KAM distribution of the 

deposit with most values below 1.5°, indicative of DRX mainly occurring at the 

impact interfaces. Referring to Figure 6.7e, the deposit microstructure likely consists 
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of a mixture of LAGBs (< 2° to 15°) and HAGBs (> 15°), and a fraction of grain 

boundaries that are Σ3 {111} 60° misorientation, which is characteristic of {111} 

〈112〉 deformation twinning in FCC metals [321].  
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Figure 6.7: shows the (a) BSE image, (b) EBSD IPF map, (c) KAM map, (d) KAM 
distribution of (c) and misorientation angle distribution (e) of the sprayed 
CoCrFeNiMn HEA particle at the deposit-substrate interface. 
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To provide a more accurate picture of the LAGB and HAGB distribution across the 

impact interfaces and within a particle, point-to-point misorientation lines versus 

distance are plotted, as shown in Figure 6.8. The figure shows the IPF map from 

Figure 6.7b where the misorientations data were taken from. The misorientation 

profiles from each line, as labelled, are plotted in Figure 6.8. Three distinct regions 

were selected for the misorientation profiles: the central region of the particle 

(labelled (i)), the particle-substrate interface (labelled as (ii)), and the particle-

particle interface (labelled as (iii)). In the central region of the particle, there are only 

a small number of LAGBs, mainly within the coarse grains. There are two peaks on 

the misorientation profile with high misorientation angles, which is likely the angle 

of the grain boundaries within the distance analysed, as seen in Figure 6.8. This 

suggests that subgrains were not well formed at the particle interior, indicating low 

local strain and dislocation density. Interestingly, in the impact regions, the particle-

substrate and particle-particle interfaces, the ultrafine equiaxed grains appear to be 

highly misoriented, with misorientation angles reaching 40 and 60º. Although these 

regions are poorly indexed, HAGBs were likely formed at the bonding or impact 

regions.  
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Figure 6.8: shows the IPF map in Figure 6.7, with marked red lines in different 
regions and their corresponding misorientation profiles. The profiles show point-to-
point misorientations along the distance analysed. 

From the EBSD results shown in Figure 6.6 to Figure 6.8, it is apparent that distinct 

regions or microstructures can be identified, namely, the central particle region 

(Figure 6.8 and (i)), with less deformed coarse grains (Figure 6.8), and ultrafine 

grain region (Figure 6.8, (ii) and (iii)) at the impact interfaces. Since the technique 

to extract strain and temperature profiles of these regions from the analysed EBSD 

scans is not yet available, the FE model of multi-particle impacts was employed to 

qualitatively estimate the temperature and strain profiles of the regions of interest. 

For the analysed regions, the central region of the deposited particle, impact 

interfaces between particle-substrate and particle-particle, and the strain and 

temperature profiles versus distance at the end of the deposition were estimated 

from the FE model, as presented in Figure 6.9. The distance of the region analysed 
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in the FE model was estimated from the Abaqus software. The unit of measurement 

in the Abaqus software is determined by the user, which in this case is in µm. It was 

ensured that the distance of the regions in the FE model is approximately equivalent 

to the distance in the analysed regions in the EBSD scans. Figure 6.9 shows an 

enlarged view of the multi-particle FE deposit-substrate interface and regions where 

the line profiles were taken from. The strain and temperature profile from each line 

is plotted as labelled in Figure 6.9. The central region of the deformed particle 

(labelled as (i)) reveals low strain and temperature value, with an average strain of 

0.45 (45 %) and temperature of 650 K from the centre towards the south pole of the 

particle interior. At the particle-substrate interface region, there is a remarkable 

increase in strain and temperature, reaching approximately 4.5 (450%) and 1310 K, 

at the interface. Similarly, the strain and temperature profile at the particle-particle 

interface region reaches their highest values at the interface.  
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Figure 6.9: shows a close view of the temperature profile of a region in Figure 6.4c, 
of the FEA multi-particle impact model. The strain and temperature along the 
marked lines are presented in the corresponding temperature-strain vs distance 
plots. 

The remarkable increase in the deformation field variables in the FEA at the 

interface suggests that these thermomechanical phenomena are responsible for the 

difference in the misorientation angles relative to the central region of the particle, 

as shown in Figure 6.8. Consequently, the formation of the ultrafine equiaxed grains 

that were observed at the impact interfaces in Figure 6.6 and Figure 6.7. The poorly 

EBSD-indexed regions at the interface may influence the misorientation profile 

plots; however, one can correlate qualitatively the deformation field variables to the 

microstructure formation mechanism during the CSAM of the HEA. 
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EBSD characterisation: within the deposit 

The EBSD analysis of the deposit-substrate interface shown in Figure 6.6 and 

Figure 6.7, reveals a heterogeneous microstructure formed, with ultrafine grains at 

the impact interface while large grains are within the splats. To confirm the same 

within the central region of the CSAM HEA deposit, a lower magnification 

micrograph covering a wider area within the deposit was analysed using the EBSD 

technique. Figure 6.10a and b show high-contrast BSE and band-contrast images 

of a region within the deposit. The micrographs reveal that the HEA particles had 

undergone extensive plastic deformation, mainly at the particle interfaces. Also, in 

Figure 6.10a, a micro-crack is observed, likely a gap at the inter-particle boundaries 

resulting from incomplete bonding, similar to what was observed in Figure 6.4. 

Furthermore, Figure 6.10c shows grains coloured according to the IPF in the impact 

direction. Equiaxed ultrafine grains are dominant at the impact interfaces. Also, 

elongated subgrains can be seen close to the interface, likely deformed in the 

direction of shear or compression, first upon impact and then by subsequent particle 

impacts. The orientation of the elongated subgrains likely depends on the 

orientation of the particle during deformation. Within the particles or splats are 

coarse elongated, and equiaxed grains with sizes similar to the original feedstock 

powder shown in Figure 6.2a. Interestingly, the ultrafine grains surround the coarse 

grains within the splats, as the coarse grains have likely experienced less 

deformation, thus resulting in the HEA deposit with a heterogeneous grain-sized 

microstructure. Grain size analysis of the deposit (3500 grains, at least 5 pixels per 

grain) revealed an area-weighted average grain size of ~3.3 µm, with most grains 

below ~1 µm, as shown in Figure 6.10d, confirming grain refinement when 

compared to the original feedstock powder. Figure 6.10e, f and g present the KAM 
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map, dislocation density map and misorientation angle distribution. The KAM and 

dislocation density maps (shown in Figure 6.10e and f) reveal that the splat 

interfaces have experienced severe plastic deformation, leading to the high local 

strain and dislocation density—1016 m-2. Naeem et al. [322] reported a similar value 

for the dislocation density of the HEA; a peak value of ~1 × 1016 m-2 was found at 

around 45 % of tensile plastic deformation. The dislocation density did not increase 

beyond the peak value attributed to dislocation annihilation due to dynamic 

recovery. The white areas in Figure 6.10e and f are poorly indexed locations due to 

severe plastic deformation of the regions. Again, as observed in the previous EBSD 

analysis (Figure 6.6 and Figure 6.7), the KAM value of the HEA deposit 

microstructure is below 1.5º, indicative of DRX during CSAM of the HEA particles. 

The misorientation angle distribution shown in Figure 6.10g reveals that a higher 

fraction of the grain boundaries is LAGBs, and Σ3 {111} 60° misorientation, 

characteristic of deformation twinning boundary, likely formed during the plastic 

deformation of the HEA material.  
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Figure 6.10: shows the high contrast BSE image (a), EBSD band contrast (b), EBSD 
IPF map (c) and grain size distribution (d) of the sprayed CoCrFeNiMn HEA deposit 
microstructure. The red arrow shows substructure deformation features that are 
likely twins. KAM map (e), dislocation density map (f), KAM distribution (g) and 
misorientation angle distribution (h) of the sprayed HEA deposit microstructure are 
also presented. 
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The multi-particle FEA was analysed to shed light on the particle DRX resulting from 

ASI, that is, strain localisation and strain-induced heating at the splats' periphery. 

Figure 6.11a and b show the results of the FEA of strain and temperature profiles 

of subsequently impacted HEA particles on the substrate. It is seen that highly 

localised strain (> 2.5) and temperature (> 0.95 of the HEA solidus temperature) 

near the impacting interface were prominent due to thermal softening dominating 

over strain hardening during severe plastic deformation. The higher strain and 

temperature at the impact interface would result in thermally-activated interfacial 

phenomena, ASI and DRX [56,137,323]. This is consistent with the indexing quality 

of the EBSD analysis; poorly indexed zones occur in regions with high plastic 

deformation, leading to significant lattice distortion and, hence, poor diffraction.  

From the EBSD micrographs shown in Figure 6.10, smaller particles were observed 

to have interior grains with sizes close to those at the interface, whereas larger 

particles show a more heterogeneous microstructure with grains in the particle 

interiors larger than those at the interfaces. The possibility of this phenomenon 

during CSAM of the HEA was investigated using the FE model. Strain and 

temperature analyses were performed at the centre of the splats from the model. 

To evaluate the effect of particle size on the severity of deformation and grain 

refinement at the interior of the splats during deposition, five small and five large 

particles of sizes 10-25 µm (below the experimental mean particle size) and 30-45 

µm (above the experimental mean particle size), respectively, were evaluated. The 

average temperature and strain evolution of the different particle size ranges are 

presented in Figure 6.11c and d. The average maximum temperature of 815 K 

obtained within smaller particles resulting from strain-induced heating could favour 
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the DRX of grains within the particles. This means that grains within smaller particles 

likely experienced more grain fragmentation when compared to those of larger 

particles (having an average maximum temperature of about 675 K). These 

analyses suggest that larger particle sizes would likely achieve a higher fraction of 

elongated coarse grains but with the smaller particles achieving a higher fraction of 

ultrafine grains. Both cases, nonetheless, contributed to the heterogeneous 

microstructure formed in the HEA deposit. 
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Figure 6.11: shows the FEA simulation contour plots of strain (a) and temperature 
(b) localisation of the multi-particle impact of the CoCrFeNiMn HEA. Higher strain 
(> 2.5) and temperature (> 0.65 Tmelt) are observed at the particle interfaces. Plots 
of average strain (c) and temperature (d) history of 10 particles with sizes ranging 
from 10-25 µm (small particles) and 30-45 µm (large particles). Data was extracted 
mainly from the centre of the FE particles. 
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6.4.4 Nanohardness evaluation 

Nanohardness was measured on the mirror-polished HEA powder and deposit 

cross-sections. An average nanohardness value of 1.16 ± 0.49 GPa was measured 

on the powder particles. Figure 6.12a shows an SEM micrograph of the array of 

indents (the array shape displayed is due to avoiding regions of large pores during 

the nano-indentation testing) with the indents denoted at particle central regions and 

impact interfaces. The denoted indents were analysed to provide information on the 

effect of the CSAM HEA heterogeneous microstructure on the nanohardness 

variation. Figure 6.12b shows the nanohardness values of each indent, as denoted 

in the SEM image. Indents were taken from regions with clear interfaces from the 

SEM image. The corresponding nanohardness distribution histogram is provided in 

Figure 6.12c.  



286 
 

 

Figure 6.12: SEM micrograph showing an array of nano-indents (a), (b) shows the 
plot of the nanohardness values of each indent in the regions denoted with red (splat 
interior) and black (impact region) in (a), and (c) shows the corresponding 
nanohardness distribution of the CSAM HEA deposit. 
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It can be seen from the scatter plot in Figure 6.12b that the indents at the impact 

regions result in greater nanohardness measured when compared with those at the 

splat interior or central region. For the nanohardness analysed in those regions, it 

was found that the average nanohardness at the impact region is (0.65 ± 0.04) GPa 

greater than the average nanohardness at the central region of the particles. 

Moreso, the nanohardness values at the impact region analysed varied from 4.77 

GPa to 6.30 GPa, meanwhile at the central region they varied from 4.29 GPa to 

4.97 GPa.  Moreover, the nanohardness distribution histogram presented in Figure 

6.12c suggests heterogeneous variation in the nanohardness values measured 

within the CSAM HEA deposit. 

An overall average nanohardness and Young's modulus values of (5.14 ± 0.08) GPa 

and (194 ± 1.64) GPa, respectively, were obtained for the deposit. A similar 

nanohardness value has been reported by Feng et al. [129] for the CSAM 

CoCrFeNiMn HEA deposit (5.64 GPa). The nanohardness value measured for the 

HEA deposit in this study is higher than the conventional as-cast HEA with a 

hardness value of 4.13 GPa, attributed to the high density of dislocations and grain 

boundaries resulting from the severe plastic deformation of the HEA particle during 

deposition, as mentioned in Section 6.4.3. 

6.4.5 Microhardness evaluation 

Microhardness was measured on the HEA deposit cross-section, with an average 

value of (280 ± 3.59) HV0.3. The distribution of the microhardness value measured 

for the HEA deposit is shown in Figure 6.13a, ranging from 118.97 to 490.21 HV0.3. 
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Figure 6.13b shows the average microhardness value measured from close to the 

top of the deposit to the substrate. There are negligible variations in the measured 

microhardness value within the deposit, indicating likely uniform plastic deformation 

throughout the deposition, layer by layer. The CSAM deposit in this study revealed 

a relatively higher measured microhardness value than conventional additively 

manufactured [256,324]—160 to 212 HV and as-cast CoCrFeNiMn HEA [268]—144 

HV. The greater microhardness of the HEA deposit can be attributed to the severe 

work hardening and grain refinement during CSAM. 
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Figure 6.13: shows the distribution of the microhardness value measured for the 
CSAM HEA deposit (a), through-thickness hardness variations of the deposit from 
the deposit top (about 300 µm) to the substrate (b). 
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6.5 Discussion 

6.5.1 Microstructure evolution 

The moderate porosity (~2.4% ) and inter-splat boundaries observed in the CSAM 

CoCrFeNiMn HEA deposit, shown in Figure 6.4b and Figure 6.10a, are consistent 

with the high strain hardenability and resistance to shear localisation of the HEA 

[301]. The poor inter-particle bonding suggests insufficient thermal softening and 

deformation for complete metallurgical bonding of the HEA particles during 

deposition. Higher particle velocities or gas temperature can reduce the 

microstructural defects in the HEA deposit but at the expense of cost. Since the 

CSAM equipment was operated at the upper limits of pressure and temperature, 

achieving a pore-free deposit may not be possible due to the HEA impact behaviour, 

which was also observed in a previous study by Nikbakht et al. [63]. Another 

plausible explanation for this deformation behaviour is likely a small, well-bonded 

area at the particle-particle interfaces and a high thermal gradient (as observed in 

Figure 6.11) within the particles. The outcome of these impact phenomena or 

deformation behaviour would likely result in the rupture of the splats' bond during 

the elastic unloading of the splats [144], hence the poor inter-particle boundaries.  

Most notably, based on the evidence obtained from the EBSD analysis in Section 

6.4.3, the overall deformation appears to result in heterogeneous microstructures 

formed in the cold-sprayed HEA deposit. The severe plastic deformation of the HEA 

particles resulted in elongated subgrains, formed close to the impact interfaces, and 

equiaxed ultrafine grains formed at the impact interfaces, whereas coarse grains 
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were observed at the central region of the particles (as shown in Figure 6.6, Figure 

6.7 and Figure 6.10). The large deformation at extremely high strain and strain rates 

during the CSAM process can dramatically result in grain refinement via ASI and 

DRX, mainly at splat impact boundaries, and severe work hardening effects. 

Moreover, the dislocations formed and grain refinement during the impact-induced 

plastic deformation result in residual lattice microstrain, and peak broadening owing 

to grain refinement or formation of smaller subgrains as presented in Figure 6.5 of 

the XRD patterns and W-H plot.  

The combined study of the EBSD characterisation and FEA shed light on the 

bonding mechanism and grain structure resulting from the thermomechanical 

phenomena; DRX and ASI. The misorientation profiles of the EBSD scans and the 

FEA strain and temperature profiles in Figure 6.8, Figure 6.9 and Figure 6.11a and 

b, reveal the mechanisms for bonding and formation of the heterogeneous 

microstructure of the cold-sprayed HEA. The deformation mechanism of the HEA 

feedstock material during CSAM can be explained as follows: the study reveals that 

during particle impact, the previously coarse grains likely experienced a dramatic 

increase in dislocation density. The dislocations accumulate and rearrange into 

LAGBs, forming subgrains. As deformation-induced strain and temperature 

increase during the deformation process, particularly the remarkable increase at the 

impact or bonding regions, the subgrains rotate, and their misorientation angle 

increases to accommodate the increasing strain, leading to the formation of HAGBs 

and randomly oriented ultrafine grains. The elongated grains formed close to the 

interface can be due to the accumulation and alignment of many dislocations in a 

short time. Similar deformation mechanisms and the resulting microstructural 
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features have been reported for CSAM deposition of Ni particles [137], the 

CoCrFeNiMn HEA [63,266] and high strain-rate deformation of bulk stainless steel 

[325]. This strain-induced increase of grain boundary misorientation via rotation of 

subgrains within the short time of deformation is representative of continuous 

dynamic recrystallisation (CDRX) [137], which is believed to be the dominant 

mechanism for grain refinement in the CSAM HEA deposit. The schematic 

illustration in Figure 6.14 explains the formation of the ultrafine grains at the impact 

interfaces by rotational DRX. Moreover, Assadi et al. [56] suggested that the 

bonding of particles during CSAM is attributed to ASI, due to localised strain and 

temperature at the bonding regions, as shown in Figure 6.9. Therefore, CDRX and 

ASI are likely the mechanisms of bonding and formation of highly misoriented 

ultrafine grains at the bonding regions between the HEA particles and particle-

substrate interfaces. 
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Figure 6.14: shows the schematic explaining the mechanism of grain refinement at 
the bonding regions by dynamic recrystallisation in the HEA particles during CSAM: 
(a) homogeneous strain-free grain structure of the original powder before 
deposition; (b) Upon impact, strain is induced due to deformation, and dislocations 
propagate; (c) with deformation going on, strain and dislocation density increases 
resulting in the formation of elongated subgrains due to the accumulation and 
rearrangement of dislocations; (d) due to the severe deformation and strain 
increase, the elongated subgrains rotate, increasing in their misorientation angles 
to accommodate the strain, resulting in the formation of highly misoriented equiaxed 
fine grains. 

The microstructural features observed within the CSAM HEA deposit (as shown in 

the EBSD micrographs in Figure 6.10) provide evidence of the explained deposition 

mechanism in more detail. The figure reveals equiaxed ultrafine grains formed at 

the bonding or impact regions, whereas coarse grains were observed at the central 

regions of the particles. Moreover, one can see from the KAM map shown in Figure 

6.10d that a high density of dislocations was accumulated at the impact interfaces, 

indicating localised high strain at the impact or bonding region. The higher 
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misorientation or local strain at the splat or impact boundaries can be due to the 

localised and intense deformation field variables, including temperature, strain, and 

strain rate, as explained earlier. Since measuring the plastic strain at the impact 

interfaces is not yet experimentally feasible, using FEA tools for the multi-particle 

impact deformation, as shown in Figure 6.9 and Figure 6.11, gave an idea of the 

strain and temperature experienced by the sprayed particles. From the FEA, a very 

high strain of more than 250% is found at the impact interfaces, with the temperature 

reaching over 90% of the alloy solidus temperature (Figure 6.8, Figure 6.11a and 

b). This induced high strain and temperature via severe plastic deformation result 

in thermal softening and grain refinement near the particle-particle and between the 

particle-substrate interface where ASI dominates. The deformation mechanism via 

DRX and ASI described for the particle-substrate and particle-particle interfaces at 

the deposit-substrate regions, as presented in Figure 6.8 and Figure 6.9, simply 

apply within the deposit. Also, elongated grains were observed to be formed close 

to the particle-particle interfaces, as shown in Figure 6.10c. This implies that the 

deposition of the HEA on the SS304 substrate likely shows similar deposition 

mechanisms between the HEA particles. 

Additional microstructure features observed in Figure 6.6 are believed to possess 

boundaries with Σ3 {111} 60° misorientation (from misorientation angle distribution 

presented in Figure 6.10h) characteristic of deformation twinning. Moreover, The 

features appear parallel to the impact direction, confirming that these features were 

likely formed during the HEA particle deformation. Previous research has reported 

intensive deformation twinning and grain refinement to be the two main features of 

microstructure evolution in the HEA processed via the high-pressure torsion method 
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[254]. Similar features have been observed in previous studies of the CSAM HEA 

deposit [63,75]. However, future work can involve a detailed microstructural 

characterisation of the deformation twinning and its mechanism of formation in the 

HEA during CSAM. 

6.5.2 Mechanical properties 

The microstructure evolution—grain refinement and work hardening effects via the 

severe plastic deformation of the HEA during CSAM resulted in the greater deposit 

nanohardness when compared to the sprayed powder. The measured 

nanohardness value increased by over 300%, from 1.16 GPa in the powder to 5.14 

GPa in the deposit. Also, the analysed average nanohardness near the particle-

particle interfaces is greater than that of the central region by over (0.65 ± 0.04) 

GPa. The increased nanohardness near the impact interfaces can be attributed to 

a large number of grain boundaries and high dislocation densities induced by the 

CSAM process. Grain refinement and high density of dislocations or GNDs in the 

deposit can act as obstacles for dislocation motion during indentation, resulting in 

dislocation pileups at grain boundaries, leading to higher stress required to move 

dislocation through the pileups [326], therefore increasing the hardness value. Grain 

refinement contributes to the hardening of materials via the Hall-Petch 

strengthening effect [327], and the dislocation density contribution follows the Taylor 

hardening model [328].  

Assuming a pore-free CSAM HEA deposit, one can estimate as a first approximation 

the yield strength of the deposit using Equation (6.2), following the contributions of 

grain refinement and dislocation hardening.  
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𝝈𝒅 = 𝝈𝟎  +  
𝚱𝒚

√𝒅
⁄  + 𝑴𝜶𝑮𝒃𝝆

𝟏
𝟐 (6.2) 

Where 𝝈𝒅 is the yield stress, 𝝈𝟎 represent the intrinsic yield stress of the HEA 

material (taken as 125 MPa [42]), and 𝜥𝒚 is the Hall-Petch coefficient. 𝜥𝒚 = 494 

MPa.µm-1/2 has been reported for the CoCrFeNiMn HEA [42]. Also, M is the Taylor 

factor (3.06 [329]), α is a constant taken as 0.4 [320], and G is the shear modulus 

(80 GPa for the HEA at room temperature [282] ), b is the magnitude of the Burgers 

vector (0.255 × 10-3 µm at room temperature [262]), and ρ is the dislocation density 

taken from the EBSD analysis. Equation (6.2) gave an approximate yield stress 

𝝈𝒅 of 647 MPa for an average grain size, d of ~3.3 µm (obtained from the EBSD 

analysis). The yield stress results from the grain refinement via dynamic 

recrystallisation and dislocation density, is comparable to bulk HEA produced by 

conventional additive manufacturing (601 MPa with 1 µm grain size) [330] but higher 

than as-cast (350 MPa with 4.4 µm grain size) [42]. To compare the yield stress 

estimated from the above model with the measured hardness, the yield stress from 

the measured Vickers hardness (HV) of the HEA cold-sprayed deposit was 

evaluated, using 𝝈𝑯𝑽 = (𝑯𝑽
𝟑⁄ ) × 𝟎. 𝟏𝒏, as proposed by Cahoon et al. [331]. The 

strain hardening exponent, n, of the HEA material is taken from J-C material model 

data provided in Chapter 5 Section 5.4, which is 0.18. Thus, the measured 

microhardness values of 280 HV0.3 of the CSAM HEA deposit correspond to an 

approximate hardness-derived yield stress of 605 MPa. There is slight difference in 

the estimated yield stress from the contributing mechanisms and the hardness-

derived yield stress. The discrepancies can be attributed to the effect of porosity 

and poor inter-particle bonding of the deposit during the microhardness indentation 
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testing, and the approximation of the model employed. Future work can involve 

performing a standard tensile test to provide a more accurate representation of the 

tensile properties of the CSAM HEA deposit. 

6.6 Conclusions 

A CSAM process was employed to fabricate a ~2 mm thick deposit of CoCrFeNiMn 

HEA. The resulting microstructure from the ultra-high strain rate materials 

deposition process was characterised using SEM, XRD, EBSD and FEA, and the 

properties were measured using micro- and nano-indentation techniques. The main 

observations can be summarised as follows: 

• The CSAM HEA deposit showed a heterogeneous microstructure consisting 

of ultrafine and coarse grains at the splat interfaces and interiors.  Significant 

grain refinement was obtained mainly at the splat impact interfaces within the 

deposit. The formation mechanism of the heterogeneous microstructure is 

attributed to ASI and DRX produced by subgrain rotation dominating the 

impact areas. Large strain and temperature gradients within the deformed 

particles, as evidenced by the FEA, explain the heterogenous microstructure 

formed. 

• The microstructural features in the CSAM HEA deposit contributed to the 

over 250% increase in the measured nanohardness value, from 1.16 GPa in 

the feedstock powder to 5.14 GPa in the HEA deposit. The increase in the 

hardness values was attributed to the grain refinement and high density of 
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dislocations in the CSAM HEA deposit. The high densities of grain 

boundaries and GNDs contributed to the greater nanohardness measured 

for the impact or bonding regions between particles when compared to that 

of the central regions of the particles. 

• A Taylor-based strength model that includes the contributions from the grain 

size and dislocations measured using EBSD predicted yield stress of 647 

MPa for the HEA deposit. A hardness-derived yield stress of 605 MPa was 

also estimated for the CSAM HEA deposit. These theoretical yield-stress 

values are comparable to the yield strength of bulk HEA produced by 

conventional AM methods; however, future work will involve tensile testing of 

a dense CSAM deposit of the HEA. 

The CSAM of the HEA feedstock for the repair of stainless steel components is a 

promising cost-effective, solid-state AM repair technique; however, the deposit is 

characterised by porous microstructure which needs to be consolidated. The porous 

microstructure is due to the impact behaviour of the HEA and the nature of the 

CSAM process despite the use of heated helium gas.  The next chapter aims to 

improve the microstructure of the deposited samples via annealing treatment. 
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7 Influence of annealing treatment on the 

microstructure and mechanical properties of 

CoCrFeNiMn deposits manufactured by CSAM 

7.1  Introduction 

As discussed in Chapter 2 of the literature review and conclusions of the 

investigation in Chapter 6, the CSAM process, being a solid-state materials 

deposition technique can, however, result in microstructural defects such as 

incomplete bonding of sprayed particles and pores formed in the deposit. The 

microstructural defects formed in the CSAM CoCrFeNiMn HEA, presented in the 

study in Chapter 6, are attributed to the high strain hardenability and resistance to 

shear localisation of the HEA [64,301]. The HEA particle deformation dynamics 

position the alloy in the window of difficult-to-spray materials [63,141], such as 

stainless steel and nickel-based superalloys [178,310,332,333]. As a consequence 

of the defects formed, premature failures are likely to occur under tensile loading 

conditions, primarily initiated from inter-particle boundaries [87,310,332]. The 

presence of these defects in the deposits limits their structural applications. As a 

consequence, post-deposition heat treatment would be required to improve the 

microstructure and the mechanical performance of the CSAM HEA deposit.  

Therefore, this chapter presents the investigation of the influence of annealing 

treatment on the deposit characteristics and the role of the resulting microstructures 

on the mechanical properties of the deposit. The deposits were subjected to 
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annealing treatment at intermediate and high temperatures, and thereafter, the 

microstructures were characterised using a range of advanced materials 

characterisation techniques. The mechanical performance of the deposits was 

assessed by nano- and micro-hardness testing and tensile testing of sub-sized, 

micro-flat samples. 

It is noteworthy that part of this chapter has been published in a conference 

proceeding and submitted as a full original article, which is under review in a 

refereed journal, as presented in the “Publication” section of this thesis.  

7.2  Experimental methods 

This section provides a summary of the experimental procedures that are 

specifically relevant to the work described in this chapter. 

7.2.1 Materials and deposit heat treatment 

The deposits developed in Chapter 6 were employed for further study in this 

chapter. To improve and consolidate the microstructure of these deposits, annealing 

heat treatment was conducted. In Chapter 6, approximately 2-mm thick deposits of 

the CoCrFeNiMn HEA were manufactured on the SS304 plates (25 mm wide × 60 

mm long) using the CSAM process, as described in Chapter 3 Section 3.2 and 

Chapter 6. Subsequently, samples of dimensions 10 mm by 15 mm were sectioned 

from a deposit using a precision cutting machine (Qcut 200, Metprep, UK) with a 

SiC cutting disc (Metprep, UK). The samples were heat-treated at 600, 800 and 
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1000 ºC (annotated as HT600, HT800 and HT1000, respectively) for 5 hrs in a box 

furnace (Elite Thermal Systems, UK) in air, at a heating rate of 15 ºC/min, and then 

furnace-cooled to room temperature. These temperatures were selected based on 

the studies from the literature discussed in Chapter 2 Section 2.8.5. Since the 

studies show phase transformation or decomposition of the HEA at intermediate 

temperatures; 400-800 ºC and a solid solution of the HEA at higher temperatures; 

above 800 ºC, it was deemed fit to perform annealing heat treatment at 

temperatures that would likely result in phase transformation and solid solution, in 

turn, consolidate the deposits. The air-annealing was performed considering the 

industrial applications of the deposits as heat treatment in industrial settings would 

likely be subjected to air-annealing. This is likely because of the ease of heat 

treatment, time and cost-effectiveness. 

7.2.2 Sample preparation and characterisation 

The cross-sectioned HEA deposit and the heat-treated samples were prepared 

following the standard metallographic procedures described in Chapter 3 Section 

3.3. The microstructure of the samples was obtained using the XL30 scanning 

electron microscope (SEM: Philips) operated at 15 kV in the backscattered electron 

(BSE) imaging mode. The microstructure of the samples captured was then 

employed for porosity following the procedure described in Chapter 3 Section 3.6. 

For further microstructural characterisation of the as-sprayed and heat-treated 

samples, the cross-sectioned samples were hot-mounted in a conductive mount of 

Bakelite using conducto-mount (Metprep, UK) and the samples were prepared 

following the standard metallographic procedures and further polished using a 0.04 
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μm colloidal silica suspension for 20 mins on a polishing pad. All samples were 

washed and cleaned with ethanol or industrial methylated spirit (IMS) between each 

grinding and polishing step. Electron back-scattered diffraction (EBSD) imaging was 

performed on these samples on a FEG SEM (7100F, JOEL Ltd., Japan), with a step 

size of 70 nm. Grain boundaries: High-angle and low-angle grain boundaries 

(HAGBs and LAGBs), were detected when the misorientations were 2-15º and 

above 15º. The kernel average misorientation (KAM) map was plotted, indicating 

localised strain variations within the microstructure of the samples. 

X-ray diffraction (XRD) of the phases and crystal structure of the as-sprayed and 

heat-treated samples was conducted using the XRD equipment described in 

Chapter 3 Section 3.5.3. The diffraction angle, 2θ, selected for the as-sprayed 

sample ranges from 20-80º; meanwhile, a wider 2θ range, 20º-110º, was selected 

for the heat-treated samples to capture any second-phase diffraction peaks. The 

XRD analysis was completed using the EVA software (DIFFRAC.EVA, Bruker, 

Germany) with the ICDD database PDF 2. 

High-resolution BSE imaging (with the detector mounted on the FEG SEM) was 

performed to reveal the precipitates formed in the heat-treated samples. For the 

high-resolution imaging, the samples were electrochemically etched using a 10 % 

oxalic acid dissolved in distilled water while applying a 6V direct current for 5 s. The 

elemental composition and mapping of precipitate and matrix phases were 

evaluated using an energy dispersive x-ray spectroscopy (EDX) detector (Xmax 

150, Oxford Instruments, UK) mounted on the FEG SEM. 
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7.2.3 Equilibrium phase calculations 

Making predictions of phases in HEAs is becoming increasingly crucial, especially 

for understanding phase transformation during experimental processes such as 

heat treatment. A commercially available software, Thermo-Calc, has proven to be 

a very useful tool, allowing for accurate prediction of phases as a function of 

temperature and composition. The Thermo-CalcTM software version 2022a with the 

TCHEA5 database (HEA database version 5.1) was employed for thermodynamic 

equilibrium phase calculations following the CALPHAD approach. The calculation 

provides equilibrium phase diagrams, predicted phases, their volume fractions and 

compositions at the various heat treatment temperatures employed in this study. 

The phase calculations were performed to make a comparison with the phases that 

may be present in the annealed samples, providing insight into the possible 

mechanisms likely responsible for the phase transformations. 

7.2.4 Mechanical properties evaluation 

The nanohardness of the as-sprayed and heat-treated samples was measured 

following the procedures described in Chapter 3 Section 3.7. An array (20 × 20), 

resulting in 400 indents was performed on the samples. The indentation load of 3 

mN was chosen after carefully selecting the indent size, the distance between the 

neighbouring indents (7 µm) to account for the plastic zone or indent impression, 

and the distance between indents and the splats boundaries to avoid pores when 

indenting the deposit. The nanohardness and reduced modulus from the nano-
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indentation were derived following the Oliver and Pharr method [274], as described 

in Chapter 3 Section 3.7.1. 

The microhardness of the samples was also measured using a Wilson VH3300 

Vickers Microhardness instrument (Buehler, USA). Each sample underwent an 

array of approximately 100 micro-indents. A 300-gf load was applied to the deposit, 

using a dwell time of 15 s. The final values of the hardness measurements are 

presented as an average with the standard error of the mean of the measurements.   

For the quantitative analysis of the tensile performance of the as-sprayed and heat-

treated samples, micro-flat dogbone-shaped specimens were cut out from the 

CSAM deposit using wire-based electrical discharge machining (EDM), as 

described in detail in Chapter 3 Section 3.7.3. The specimens were heat-treated 

following the conditions outlined for the deposit. The tensile test was performed 

following the procedure described in Chapter  3 Section 3.7.3. 

7.3 Results 

7.3.1 Deposit consolidation and porosity 

The SEM images of the as-sprayed and heat-treated deposit of the CoCrFeNiMn 

HEA are shown in Figure 7.1. The as-sprayed deposit was consolidated with the 

performed annealing heat treatment process at 1000 °C. The average porosity of 

the samples evaluated using the image analysis technique is presented in Figure 

7.2. Porosity reduced from ~2.4% in the as-sprayed deposit to 0.6% after heat 

treatment at 1000 ºC (HT1000). Although porosity is reduced after heat treatment, 
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there is evidence that large pores remain in the heat-treated samples. Pores that 

were not completely closed in the as-sprayed deposit likely remained in the 

annealed samples after the annealing treatment. Nevertheless, in general, the 

annealing strategy thus consolidates the CSAM HEA deposit, closing tiny pores and 

inter-particle boundaries. 

 

Figure 7.1: SEM images of the CSAM HEA deposit: (a) as-sprayed; (b) HT600; (c) 
HT800; and (c) HT1000 samples. 
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Figure 7.2: The plot of average porosity of the CSAM HEA deposit following 
annealing treatment at 600 ºC (HT600), 800 ºC (HT800) and 1000 ºC (HT1000). 

7.3.2 Microstructure changes after annealing treatment 

As reported in Chapter 6, the HEA powder retains its original structure after CSAM 

as no phase decomposition occurs due to the process, as expected. Annealing 

treatment performed at 600 ºC led to the precipitation of second-phase particles in 

the deposited sample. The presence of the second-phase particles is reflected by 

the additional diffraction peaks in the angular range between 35-55º 2θ, as shown 

in Figure 7.3a. The XRD analysis revealed these additional peaks as a Cr-rich 

phase, which is consistent with previous observations of a Cr-rich sigma phase 

(P42/mnm tetragonal structure, with lattice constants a = 0.88 nm, c = 0.46 nm [239]) 

formed after the annealing of the HEA at intermediate temperatures (500-800 ºC) 

[239,240,261]. The BSE images shown in Figure 7.3b show the Cr-rich phase as 

bright particles, whereas the slightly darker phase is the FCC matrix. Note that the 
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tiny dark phases present in the SEM images are pores. The Cr-rich phase particles 

are observed to be generally formed along grain boundaries, and they exhibit 

irregular plate-like morphology. Moreover, the EDX mapping shown in Figure 7.4 

certifies that the precipitate particles are enriched in Cr, but depleted in Ni, while 

other elements do not have significant concentration changes between the FCC 

matrix and the precipitate particles. 

 

Figure 7.3: (a) shows the XRD profile and (b) BSE images of the CSAM 
CoCrFeNiMn HEA deposit heat-treated at 600 ºC (HT600). The Cr-rich precipitates 
are the brighter phase in the close-up view of the BSE image in (c), the slightly 
darker phase is the FCC matrix of the HEA, and the darker phases are pores. 
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Figure 7.4: Shows the EDX mapping of the HT600 sample. The Cr-rich phase 
particles are confirmed to be enriched in Cr but depleted in Ni. 

The constructed TCHEA version 5.1 thermodynamic database was used to perform 

stable phase equilibrium calculations using CALPHAD for the investigated alloy. 

Figure 7.5 shows the calculated phase fraction as a function of temperature. The 

computed solidus and liquidus temperatures are 1298 and 1340 ºC, which agrees 

well with the differential thermal analysis measurement (1290 and 1340 ºC) by 

Laurent-Brocq et al. [267]. The HEA composition is an FCC single-phase solid 

solution at high temperatures, but below 950 ºC, the FCC phase is predicted to 

precipitate phases that can co-exist within the HEA microstructure. A Cr-rich sigma 

phase is predicted below 950 ºC, while a Cr-BCC phase forms below 500 ºC. In 

addition, the calculated volume fraction of the Cr-rich sigma phases shows the peak 

volume fraction of the sigma phase at temperatures below 500 ºC. At 600 ºC, the 

calculated volume fraction of the Cr-rich sigma phase by CALPHAD is 

approximately 35%. For an approximate calculation of the volume fraction of the Cr-

rich phase present in the HT600 sample, Rietveld refinement of the XRD profile was 

performed for the section of this study. The outcome of the Rietveld refinement and 
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the associated error related to the mathematical error of the fitting, the phase and 

sub-lattice composition errors [334] is presented in Figure 7.6. A surface area 

fraction of the phases could have been performed using the image analysis 

technique; however, due to the limitation of the technique in resolving the contrast 

and brightness of the sigma and the FCC matrix phases, Rietveld refinement was 

more suitable for the analysis. From the Rietveld refinement, a small volume fraction 

of about 7.5% of the Cr-rich phase was obtained in the HT600 sample. This 

significant difference can be associated with the composition of the sigma phase 

and the fidelity of the CAPHAD database in predicting accurately the formation of 

the sigma phase [335–337] during the annealing of the severely deformed HEA 

sample. Also, experiments are not always thermally stable, which may influence the 

formation and composition of the sigma phase, and consequently the volume 

fraction.  
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Figure 7.5: Calculated equilibrium phase diagram (phase fraction vs. temperature) 
of the equiatomic CoCrFeNiMn HEA from 300 to 1500 ºC using the CALPHAD 
approach in the ThermoCalcTM software. 
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Figure 7.6: Rietveld refinement of the XRD profile analysis of the sample annealed 
at 600 °C. The sample microstructure contains the estimated volume fraction of 
7.5% of the sigma phase (a CrFe-rich phase) with the CIF file for the refinement 
analysis.  

The chemical composition of the Cr-rich phase particles from the experiment and 

CALPHAD was analysed. EDX point scans were performed on ten of the Cr-rich 

particles, and their average chemical composition (in wt.%) was found to be 

practically identical with a small standard error of the mean: Cr = 31.1 ± 1.15, Co = 

19.6 ± 0.24, Fe = 19.5 ± 0.16, Ni = 13.3 ± 0.63, and Mn = 16.6 ± 0.39. Meanwhile, 

the elemental composition of the Cr-rich sigma phase calculated by CALPHAD at 

600 ºC is given as: Cr = 31.0, Co = 14.6, Fe = 28.3, Ni = 4.5, and Mn = 21.7. When 

comparing the experimental and the CALPHAD calculated data, the wt.% Cr in the 

sigma phase shows negligible difference, but the wt.% of other elements differ 

significantly. These differences in the chemical composition of the Cr-rich phases 

likely suggest varying formation mechanisms, volume fraction (as mentioned 

earlier) and hardness. On the other hand, the elemental composition of the FCC 
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phases (in wt.%) for the EDX point scan measurement in the HT600 sample is given 

as: Cr = 17.74 ± 0.52, Co = 21.0 ± 0.25, Fe = 20.1 ± 0.39, Ni = 21.8 ± 0.34, and Mn 

= 19.3 ± 0.45, while that of the CALPHAD data at 600 ºC is computed as Cr = 14.0, 

Co = 25.8, Fe = 14.7, Ni = 30.0, and Mn = 15.5. These data, in general, show that 

the precipitate phase is a Cr-rich and Ni-lean phase, as observed in the EDX 

mapping in Figure 7.4.  

Figure 7.7 shows the BSE image and EDX line scan across a bright phase formed 

in the HT800 sample. The EDX line scan reveals the bright phase to be enriched in 

Ni and Mn but depleted in other elements. This phase relates to the L10-NiMn phase 

reported in previous studies after subsequent annealing treatment at temperatures 

below or at 450 ºC of severely deformed samples of the HEA [240,254]. However, 

the NiMn phase was observed in this study at temperatures higher than previously 

reported [338], suggesting that the NiMn phase was likely stable up to 800 ºC for 

the CSAM deposit. Likely, the high strain energy and density of grain boundaries 

formed during the CSAM deposition of the HEA particles facilitate the stability of the 

NiMn phase up to 800 ºC [338]. The NiMn phase was not detectable within the 

sensitivity limit of the XRD analysis, likely due to the small amount within the 

microstructure of the sample. No attempt was made to check the formation of the 

NiMn phase in the stable thermal equilibrium calculations using CALPHAD for the 

same reasons given for the differences in the chemical composition and volume 

fraction of the Cr-rich phase. Moreover, there is limited research on the CALPHAD 

calculations of the NiMn phase formed at intermediate or high temperatures [324]. 
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Figure 7.7: BSE image and EDX line scan across a bright phase observed in the 
HT800 sample. The EDX analysis reveals the precipitate phase to be enriched in 
Ni and Mn and depleted in other elements, hence a NiMn phase. 

Due to the annealing treatment performed in the oxidising environment (air 

annealing), Oxides were observed in the samples heat-treated at higher 

temperatures (i.e., HT800 and HT1000 samples). The oxide particles are likely the 

darker particles in the BSE images shown in Figure 7.9. The particles were 

observed to be formed mainly at the inter-particle boundaries. Moreover, the 

presence of the particles, likely oxides, in the samples is evidenced by the XRD 

diffraction peaks shown in the figures. No other precipitate particles were observed 

in the HT1000 sample, likely due to the dissolution of the second-phase particles 

into the matrix. This is also evidenced by the CALPHAD calculations shown in 

Figure 7.5. 
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Figure 7.8: (a) shows the XRD profile and (b) BSE images of the HT800 sample. 
The high-magnification BSE image in (c) shows particles that are likely oxides, 
formed at the inter-particle boundary, while the other regions are pores. 
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Figure 7.9: XRD profile (a) and BSE image (b) of the HT1000 sample. Oxide 
particles are observed as the darker particles shown in the BSE image in (c). 

Further analysis was performed to clarify the chemical composition of the oxides 

present in the samples annealed at higher temperatures. Using the EDX mapping, 

the oxide particles were confirmed to be Cr-Mn oxides, presented in Figure 7.10. 

The oxide particles were likely formed from oxygen ingress into the deposit via 

incompletely metallurgical bonded areas and porosity in the samples. Since Cr and 

Mn are the elements in the HEA that are likely most reactive with oxygen, Cr-Mn 

oxide was, as a consequence formed in the samples. 
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Figure 7.10: EDX mapping of the samples annealed at (a) 800 °C (HT800) and (b) 
1000 °C (HT1000). The EDX mapping suggests the oxides to be likely rich in Cr and 
slightly rich in Mn with the absence of other elements. 

7.3.3 EBSD analysis 
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EBSD technique was employed to characterise the microstructure of the as-sprayed 

and annealed samples as presented in Figure 7.11. The EBSD band contrast (BC) 

image is shown in Figure 7.11 (a1-d1), the inverse pole figure (IPF) map is shown 

in Figure 7.11 (a2-d2) and the corresponding kernel average misorientation (KAM) 

map is presented in Figure 7.11 (a3-d3). The BC image shows the quality of 

diffracted signals where the bright colour corresponds to a sharp lattice projection. 

On the other hand, grain boundaries, dislocations or lattice defects correspond to 

the dark lines. HAGBs were superimposed and indicated by the black lines to reveal 

the individual grains. There is a higher density of a network of randomly oriented 

dark lines in the microstructure of the as-sprayed sample (Figure 7.11 (a1)) when 

compared to the heat-treated samples (Figure 7.11 (b1, c1 and d1)), suggesting a 

higher density of the network of dislocations or grain boundaries present in the as-

sprayed sample. The high density of grain boundaries can be attributed to grain 

fragmentation or refinement resulting from thermomechanical phenomena such as 

adiabatic shear instability (ASI) and dynamic recrystallisation (DRX) during the 

deformation of the HEA particles via the CSAM process [56,137] as established in 

Chapter 6. The high density of grain boundaries is prevalent in particle impact 

regions in the microstructure of the as-sprayed sample, resulting in the low 

indexation quality (dark areas) due to ultrafine grains in those regions. On the other 

hand, the heat-treated samples are characterised by a significant reduction in the 

density of dislocations or grain boundaries associated with static recovery and 

recrystallisation.  
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Figure 7.11: Shows the EBSD analysis of the CSAM CoCrFeNiMn HEA deposit: (a) in the as-sprayed state; (b) following heat 
treatment at 600 ºC, (c) following heat treatment at 800 ºC and (d) following heat-treatment at 1000 ºC. 
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The IPF map reveals several randomly oriented grains with different shapes and 

sizes within the as-sprayed (Figure 7.11 (a2)) and annealed samples (Figure 7.11 

(b2, c2 and d2)). The microstructure of the as-sprayed sample reveals a 

heterogeneous microstructure with many ultrafine grains at the bonding regions and 

elongated and equiaxed coarse grains at particle interiors. The formation of this 

microstructure can be attributed to the dynamics of the particle deformation during 

CSAM deposition. On the other hand, the HT600 sample (Figure 7.11 (b2)) shows 

a slightly reduced heterogeneous microstructure, with highly indexed grains at the 

bonding regions. This microstructure formed in the HT600 sample can be attributed 

to static recovery and partial recrystallisation, which is discussed later. The HT800 

sample (Figure 7.11(c2)) shows a microstructure with large equiaxed grains 

surrounded by slightly smaller ones, and growth twins (or annealing twins) can be 

observed in the interior of larger grains. The larger grains and appearance of the 

annealing twins in the HT800 sample suggest grain growth and recrystallisation of 

the deposit subjected to the annealing treatment. Furthermore, the HT1000 sample 

(Figure 7.11 (d2)) exhibits a more homogeneous distribution of larger equiaxed 

dislocation-free grains with well-defined grain boundaries, suggesting grain growth 

and coarsening.  

The KAM map, which can provide a quantitative estimate of local misorientation and 

dislocation density of severely deformed materials and the effect of subsequent 

annealing treatment, reveals a reasonably uniform high local strain in the 

microstructure of the as-sprayed sample (Figure 7.11(a3)) compared to the 

annealed samples (Figure 7.11 (b3), (c3) and (d3)). The green colour in the KAM 

map represents the highest misorientation or local strain. Thus, the highest strain 
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can be observed in almost all grains in the as-sprayed sample; however, there is a 

significant reduction in the average strain value in the annealed samples, 

decreasing further with the increase in the annealing temperature. The high local 

strain and ultrafine grains at the bonding regions, and the elongated grains at the 

interiors of the particles in the as-sprayed microstructure disappeared during the 

high-temperature annealing resulting in nucleation and growth of strain-free and low 

dislocation density equiaxed grains. A small fraction of the area in the interiors of 

the deformed grains in the HT600 sample (Figure 7.11 (b3)) indicates the presence 

of high local strain or dislocations. This indicates that a significant fraction of grains 

with local strains or low-misorientation angles were likely retained following the 

annealing at 600 ºC. 

The change in the grain structure during the heat treatment of the CSAM HEA 

deposit is evident by the grain size evolution from the as-sprayed to the annealed 

samples, as shown in Figure 7.12a. The figure presents the number or frequency of 

the grain size distribution of the as-sprayed and heat-treated samples. The average 

grain size increases as the annealing treatment temperature increases. Most grains 

in the as-sprayed and HT600 samples are generally below 0.7 µm in size, while 

those in the HT800 and HT1000 samples are about 1-2.5 µm. Additionally, the 

distribution (or fraction) of the LAGBs, HAGBs and Σ3 (60°) twinning boundary is 

shown in Figure 7.12b. Most grains in the as-sprayed sample were of LAGBs and 

HAGBs. A fraction of deformation twins were likely formed in the as-sprayed 

deposit, and previous studies have observed deformation twins in the CSAM HEA 

deposit [63,64,75]. On the other hand, the annealing treatment of the CSAM HEA 

deposit significantly reduces the number of grains with low-angle misorientation, 
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specifically for the HT800 and HT1000 samples. There is also a significant 

difference in the fraction of HAGBs in the samples, which decreased as the 

annealing temperature increased. Since the as-sprayed sample has undergone 

large plastic deformation, a higher fraction of HAGBs is expected as established in 

Chapter 6; nevertheless, the severely deformed grains are now resolved in the 

HT600 sample because of stress relief and reduced dislocation density within the 

sample, resulting in the higher fraction of the HAGBs in the HT600 sample (see 

Figure 7.12b).  On the other hand, a higher fraction of annealing twins formed as 

the annealing treatment temperature increased. Even though similar domain or area 

sizes were examined under the EBSD microscope for all samples, the larger grain 

sizes and consequently, fewer grains in the HT1000 sample likely contributed to the 

lower fraction of annealing twin and HAGBs presented in Figure 7.12b. 
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Figure 7.12: The plots of (a) average grain sizes of the as-sprayed (or as-deposited) 
and heat-treated samples and (b) the average distribution of the misorientation 
angles—LAGBs, HAGBs and twin boundary for the as-sprayed and annealed 
samples. 
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7.3.4 Mechanical properties 

The average nanohardness and reduced modulus values, determined from indents 

performed at the middle part of the cross-sections of the as-sprayed and heat-

treated samples are presented in Figure 7.13a. The greater nanohardness of the 

as-sprayed sample (5.14 ± 0.08 GPa) can be attributed to its microstructure, 

consisting of ultra-fine grains with a high local strain or dislocation density. The 

reduced modulus (as described in detail in Chapter 3 Section 3.7.1, on the other 

hand, increased from (176.82 ± 1.77) GPa in the as-sprayed sample to (188.66 ± 

1.72) GPa in the HT1000 sample. A greater reduced modulus of (196.65 ± 1.79) 

GPa was measured in the HT600 sample, likely due to the presence of the Cr-rich 

phase particles, discussed later in Section 7.4.4. 
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Figure 7.13: The plots of the average values of the measured (a) nanohardness and 
reduced modulus and (b) microhardness of the as-sprayed and heat-treated 
samples.  

The average measured microhardness of the as-sprayed and annealed samples is 

presented in Figure 7.13b. Again, the high density of dislocations and ultrafine grain 

structure resulted in the greater microhardness of (280 ± 3.59) HV0.3 measured in 
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the as-sprayed sample. By increasing the annealing temperature, the measured 

microhardness value decreases to (159 ± 1.67) HV0.3 due to recrystallisation and 

grain growth. 

The influence of the annealing treatment was also evidenced by the tensile test 

performed for the as-sprayed and heat-treated samples. The result of the tensile 

tests is presented in Figure 7.14. The figure shows the dependence of the tensile 

strength (UTS) and fracture strain on the annealing temperature. Average tensile 

strength of 25.9 MPa and fracture strain of 0.3% was obtained in the as-sprayed 

sample. A significant increase in the tensile strength and fracture strain is displayed 

by the HT600 sample (51.7 MPa and 1%) but decreased slightly for the HT800 

sample (43.5 MPa and 0.3%). The same trend was observed for the reduced 

modulus of the HT600 and HT800 samples, as provided in Figure 7.13a. For the 

HT1000 sample, the average tensile strength and fracture strain increased more 

significantly (152.3 MPa and ~2%), which can be due to the relatively lower porosity, 

consolidated microstructure, and grain growth due to recrystallisation, as mentioned 

earlier.  
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Figure 7.14: Plot of the tensile strength (ultimate tensile strength, UTS) and fracture 
strain (or strain at failure) of the tested samples; as-sprayed and heat-treated. 

The fractured surfaces of the tensile tested samples examined under the FEG SEM 

in the top view are shown in Figure 7.15 and Figure 7.16. This was performed to 

gain insight into the micro-mechanism of the deformation behaviours and type of 

failure of the as-sprayed and heat-treated samples under the tensile loading. The 

low-magnification SEM image in Figure 7.15a shows the microstructure of the 

fractured surfaces of the as-sprayed tensile test sample. The figure reveals inter-

particle failure, initiated mostly at inter-particle boundaries. In addition, there is a 

larger area of the fractured surface showing pores, which may have initiated cracks 

and, subsequently, early failure of the sample. Moreover, the high magnification 

SEM micrograph in Figure 7.16a further reveals that particle-particle failure 

occurred for the as-sprayed sample during the tensile testing. A very small area on 

the fractured surface of the as-sprayed sample reveals a dimple pattern or void 

coalescence, which indicates some metallic bond (as indicated in Figure 7.16a). 
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Figure 7.15: Shows the low-magnification SEM images of the fractured surfaces of 
the CSAM CoCrFeNiMn HEA deposit; (a) as-sprayed, (b) HT600, (c) HT800 and (d) 
HT1000 samples. 
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Figure 7.16: Shows the high-magnification SEM images of the fractured surfaces of 
the CSAM HEA deposit; (a) as-sprayed, (b) HT600, (c) HT800 and (d) HT1000 
samples. The red arrows denote particles within the dimple sites, likely oxides. The 
denoted circular shape indicates a dimple pattern on the fractured surface of the as-
sprayed sample indicating a metallic bond. The black arrow shows an area of inter-
particle failure. 

The HT600 and HT800 samples show fracture morphology with less prominent 

inter-particle failure, as shown in the low magnification SEM image in Figure 7.15b 

and c. From the high magnification SEM micrographs in Figure 7.16b and c, most 

of the fractured surface of the HT600 and HT800 samples shows a dimple pattern 

or void coalescence relating to ductile failure. The HT800 sample appears to have 

a wide variety of dimples, with some having sizes larger than those in the HT600 

sample. In addition, the fracture surface of the HT800 sample reveals fine particles 

at the bottom of the dimple or void sites, shown in Figure 7.16c. The particles are 

likely the Cr-Mn oxides observed in the XRD analysis and BSE micrographs in 

Section 7.3.2, likely initiating crack propagation. There is also a large area on the 
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fractured surfaces of the HT600 and HT800 samples shown in Figure 7.16b and c, 

showing pores and particle-particle failure. The void coalescence and inter-particle 

failure observed in these samples suggest a mixed failure mode. 

The fracture morphology of the HT1000 sample, shown in Figure 7.15d and Figure 

7.16d, reveals a more uniform trans-granular dimple pattern, making it difficult to 

distinguish individual sprayed particles. Unlike the other tested samples, the 

respective dimple pattern appears to cover most of the observed fractured surface. 

Regions of large pores are also observed on the fractured surface, which likely 

initiated cracks, and subsequently failure. A closer view of the fractured surface 

reveals precipitates at the bottom of the trans-granular dimple sites, likely to be the 

Cr-Mn oxides (like what was observed in the HT800 fractured surface), initiating 

crack propagation. Interestingly, a deformation feature was observed at a dimple 

site of the HT1000 sample, which is believed to have occurred during the tensile 

loading of the specimen, shown in the high magnification SEM micrograph in Figure 

7.16d. This deformation feature requires further characterisation as obtaining 

detailed information on the feature using the SEM is difficult, which can be a future 

study. 

7.4  Discussion 

7.4.1 Effect of annealing on porosity of the HEA deposits 

It is widely accepted that the bonding mechanism of metallic powder particles during 

CSAM is attributed to adiabatic shear instability (ASI) taking place at or above the 

critical velocity of the given material [56,57,133]. The occurrence of ASI has been 
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widely measured by the shear localisation strain of various materials. Consequently, 

materials with high critical strain (i.e., high strain hardening and resistance to strain 

localisation) for ASI would require high critical velocity. Due to the high strain 

hardening and resistance to shear localisation of the CoCrFeNiMn HEA [64,301], it 

may be challenging to produce a pore-free deposit with the CSAM process. A 

moderate average porosity of ~ 2.4%, as presented in Figure 7.2, was obtained in 

the as-sprayed sample. The SEM micrograph in Figure 7.1a suggests that the pores 

were likely formed from the incomplete bonding of particles at the impact interfaces. 

The annealing treatment performed, however, significantly improved the 

microstructure of the CSAM HEA deposit. A decrease in porosity to ~ 0.6% was 

obtained after annealing at 1000 ºC, as shown in Figure 7.1d and Figure 7.2. 

Although porosity was reduced, the pores observed in the heat-treated samples in 

Figure 7.1 can be attributed to incomplete metallurgical bonding or “sintering” of the 

splats at the interfaces.  

A schematic illustration of the effect of annealing on the porosity of the deposited 

sample is presented in Figure 7.17. The figures show that upon impact the sprayed 

particles are deformed and bond to themselves; however, due to the impact 

behaviour of the HEA particles, pores are formed and consequently, incomplete 

metallurgical bonds between particles. During the annealing treatment, the sintering 

of sprayed particles occurs as the grains of the particles at the interfaces grow, 

closing the pores. Many pores that were present in the as-sprayed deposit however 

remain after annealing as the pores were not completely closed. Nevertheless, the 

annealing treatment significantly reduces the number of pores and closes many tiny 

pores, therefore reducing the degree of porosity in the deposits. Future investigation 
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may involve increasing the annealing time under the same temperature conditions, 

to produce dense deposits via the annealing treatment process. 

 

Figure 7.17: Shows a schematic illustration of the effect of annealing treatment on 
closing the pores in the sprayed HEA deposit: (a) the particles are impacted on the 
substrate, and (b) upon impact they deform severely and bond to themselves and 
the substrate; however, pores are formed at the impact interfaces due to insufficient 
deformation. (c) Under annealing conditions, pores are closed due to diffusion of 
the grains at the boundaries and grains growth, but some pores remain in the 
annealed deposit. 

7.4.2 Effect of annealing on phase transformation and 

microstructure changes 

The composition of the deposit heat-treated at 600 ºC (i.e., HT600 sample) exhibited 

two distinct phases: the FCC matrix phase and the Cr-rich phase, as shown in 

Figure 7.3 and Figure 7.4. The Cr-rich phase was observed to be formed along grain 

boundaries of the FCC matrix, suggesting that these locations likely serve as both 

fast routes and preferential sites for the nucleation and growth of the Cr-rich phase 

[339]. Moreover, a high density of grain boundaries was observed at impact regions 

associated with the large strain experienced by those regions. The large strain in 

those regions of the deposited samples likely contributed to the phase 
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transformation that occurred in the HT600 sample during annealing. This phase 

transformation mechanism has been reported by previous studies in the severely 

deformed HEA sample [240,246,262].  

After the annealing treatment at 800 and 1000 ºC, the deposit achieved a single-

phase FCC (as shown in Figure 7.8 and Figure 7.9). The Cr-rich phase appears to 

have been dissolved into the HEA FCC matrix, attributed to the high configurational 

entropy of the solid solution FCC at sufficiently high temperatures [35,36]. In 

addition, the precipitation and formation mechanism of the NiMn phase observed in 

the SEM image of the HT800 sample shown in Figure 7.7, requires further 

investigation as the phase was not detectable within the limit of sensitivity of the 

XRD analysis employed, likely due to their small volume fraction. Nevertheless, the 

phase has been reported to be formed during the short-term annealing of severely 

deformed samples of the HEA at temperatures below or at 450 ºC [240,254]. Oxide 

particles were formed in the deposits heat-treated at high temperatures (i.e., HT800 

and HT1000 samples), as shown in Figure 7.8 and Figure 7.9. The oxide particles 

formed are due to the oxidation of the samples during the air annealing.  

The EBSD analysis provided in Figure 7.11 and Figure 7.12 revealed that the 

annealing treatment process generates different microstructural features and grain 

structures in the deposit. In the as-sprayed sample, as shown in Figure 7.11(a), a 

heterogeneous microstructure was formed because of the high strain, strain rate 

and temperature gradients experienced by the HEA powder particles during the 

CSAM process [56,137,138,141]. Highly deformed regions with ultrafine equiaxed 

grains are observed at the particle-particle interfaces, while more lightly deformed 

regions with coarse grains are observed at particle interiors as illustrated in Figure 
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7.17. Because of the severe plastic deformation and associated temperature rise 

during deposition, the grains of the CSAM deposit are refined via dynamic 

recrystallisation (DRX) and ASI, as explained in detail in Chapter 6. The annealing 

treatment at 600 ºC (i.e., HT600 sample) performed for the as-sprayed sample 

provided an additional driving force for static recovery and partial recrystallisation 

as shown in Figure 7.11(b), releasing much of the stored energy from the deformed 

sample. The microstructure in the HT600 sample can be compared against the as-

sprayed microstructure. It was observed that grains in the peripheral or interfacial 

regions that were originally characterised by ultrafine grain structure in the as-

sprayed sample (shown in Figure 7.11(a)) are also relatively unaffected by the 

annealing treatment but appeared to be dislocation-free. Additionally, some of the 

interiors of the HT600 particles did not significantly change, characterised by high 

local strain and dislocations, as shown in the EBSD maps in Figure 7.11(b). This 

retention of the grain structure in the HT600 sample can be attributed to the 

presence of the Cr-rich phase particles along the grain boundaries, hindering grain 

boundary migration [59,87]. Moreover, report of previous studies [340,341] shows 

that second-phase particles can hinder grain growth in the HEA and form fine grain 

structure. This was attributed to the pinning effect of the second-phase particles on 

the grain boundaries of the FCC matrix. Another distinct microstructure was formed 

in the HT1000 sample (shown in Figure 7.11(d)), consisting of dislocation-free large 

equiaxed grains resulting from grain growth and coarsening, with annealing twins—

indicating stress relief. A similar microstructure was observed in the HT800 sample 

shown in Figure 7.11(c) but with smaller grain sizes, as presented in Figure 7.12.  
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7.4.3 Influence of deposit microstructures on mechanical 

performances 

The distinct microstructures obtained via the CSAM process, and the subsequent 

annealing treatment can explain the described differences in the mechanical 

properties of the samples and the resulting fractured surfaces of the micro-flat 

tensile specimens. The greater hardness obtained in the as-sprayed sample 

presented in Figure 7.13, is attributed to the strengthening mechanisms 

distinguished in the microstructure; grain boundary and dislocation strengthening. 

The measured hardness decreased as the annealing temperature increased as a 

general tendency attributed to static recovery, recrystallisation and grain growth. In 

contrast, the reduced modulus increases as temperature increases, attributable to 

the mechanisms responsible for the decrease in the hardness. The mechanism 

responsible for the exceptionally greater reduced modulus obtained in the HT600 

sample and its tensile properties compared to the HT800 sample will be discussed 

later. An increase in the tensile strength and fracture strain was obtained with an 

increase in the annealing temperature, as provided in Figure 7.14.  

As illustrated by the fractured surfaces in Figure 7.15a and Figure 7.16a, the as-

sprayed sample is characterised by the brittle rupture between non-bonded particles 

and regions exhibiting defects such as pores. This explains the low tensile strength 

and fracture strain of the sample, provided in Figure 7.14. Since all sorts of 

microstructural defects in the as-sprayed deposit can be reduced by diffusion, 

annealing treatment improves their tensile properties. There was a slight increase 

in the tensile strength and fracture strain in the HT600 and HT800 samples, as 
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shown in Figure 7.14. This can be explained by the fracture morphology of the 

HT600 and HT800 samples shown in Figure 7.16b and c. Dimple patterns or void 

coalescence, characteristic of ductile failure, were observed on the fractured 

surfaces of the tested samples, which is more prominent in the HT800 sample. The 

change from brittle failure in the as-sprayed sample to ductile failure after annealing 

treatment can be attributed to the reduced interfaces not being metallurgically 

bonded, and porosity. Nevertheless, large areas on the fractured surfaces of the 

HT600 and HT800 samples shown in Figure 7.15b and c, reveal a brittle rupture 

due to non-bonded areas and pores still present, suggesting a mixed mode failure.  

A better tensile performance was obtained with the sample heat-treated at 1000 ºC. 

Moreover, the fractured surface of the HT1000 sample, shown in Figure 7.15d and 

Figure 7.16d, indicates a ductile failure with various dimple patterns. This is 

attributed to the consolidated microstructure and uniform local microstructures, 

resulting in the increased tensile strength and fracture strain of the tested samples, 

as presented in Figure 7.14. This can also be due to the increased metallurgically 

bonded interfaces and recrystallisation at 1000 ºC (as discussed earlier and as 

shown in the EBSD analysis in Figure 7.11). However, the fracture morphology 

reveals fine particles at the bottom of the dimple sites that are likely oxide 

precipitates, as shown in Figure 7.16d, suggesting crack propagation sites. The 

distance between the oxides is small to allow substantial ductile deformation of the 

HEA matrix, which likely lowers the tensile properties of the sample. The oxidation 

of the deposit can be eliminated or minimised if heat-treated in a protective 

environment. The present study shows that the mechanical properties of the CSAM 
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HEA deposits can be improved by annealing treatment at 1000 ºC; however, 

porosity needs to be further reduced for better mechanical performance. 

When comparing the tensile properties of the samples obtained in this thesis with 

the bulk counterpart of the HEA manufactured using other AM techniques and 

casting or forging methods, the ductility and strength of the samples are very low 

even after the annealing treatment. For instance, yield strength and elongation of 

over 500 MPa and 25% [257], and about 350 MPa and over 70% [42] have been 

reported for the HEA manufactured using AM and casting methods, respectively. 

The evaluated low tensile properties of the HEA samples in this thesis can be 

attributed to the porous microstructure of the samples. Another contributing factor 

is the brittle nature of cold-sprayed deposits due to severe work hardening of the 

deposited material in the as-sprayed condition, which may not be significantly 

relieved after the annealing treatment. To improve the structural integrity of repaired 

parts using the technique described in this chapter, an optimal deposit must be first 

obtained before annealing. Consequently, the tensile properties of the HEA deposit 

after annealing can be comparable to or greater than those manufactured using 

conventional manufacturing techniques.    

7.4.4 Mechanistic understanding of the Cr-rich phase 

strengthening effect on the annealed HEA deposit 

What is interesting is the clear difference in the mechanical properties of the HT600 

and HT800 samples. The HT800 sample shows a lower hardness, reduced 

modulus, tensile strength, and fracture strain compared to the HT600 sample, as 
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shown in Figure 7.13 and Figure 7.14. Moreover, on the corresponding fractured 

surfaces, the more dimple patterns observed in the HT800 sample in Figure 7.16c, 

on the one hand, indicate improved tensile properties compared to the as-sprayed 

sample. On the other hand, the oxides observed at the dimple sites and the porosity 

might also indicate an increased number of crack nucleation sites, resulting in lower 

tensile properties. Even though higher porosity and less dimple pattern or void 

coalescence were observed in the HT600 sample, a plausible explanation for the 

greater mechanical performance can be attributed to the presence of the Cr-rich 

precipitates. Figure 7.18 shows a schematic illustration explaining the strengthening 

mechanism of the Cr-rich phase particles in the microstructure of the HT600 sample. 

The Cr-rich precipitates are likely to contribute to the increased mechanical 

properties by partly constraining the deformation of the surrounding FCC matrix 

under mechanical loading [240]. Additionally, the fine-grained structure formed in 

the HT600 sample because of the pinning effect of the Cr-rich particles and the 

partial recrystallisation (as discussed earlier) likely contributed to the improved 

mechanical properties.  
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Figure 7.18: Shows a schematic illustration explaining the strengthening effect of 
the Cr-rich phase particles in the sample annealed at 600 ºC, under mechanical 
loading. 

Although previous studies have reported that the Cr-rich phase, being intermetallic, 

can result in low ductility [240]—a drawback to the tensile ductility of the 

CoCrFeNiMn HEA. It is likely that the small volume fraction of the Cr-rich phase 

(~7.5% as obtained by XRD Rietveld refinement) when compared to what has been 

obtained by previous studies (20-30% [254,342]) and the CALPHAD data (~35%) 

likely contributed to the improved fracture strain of the HT600 sample when 

compared to that of the HT800 sample. In addition, different elemental compositions 

of the Cr-rich phases have been reported. For instance, previous research has 

reported between 45-90 at.% of Cr [239,240,254], whereas the SEM-EDX 

measurement provided in Section 7.3.2 reveals 33 at.% of Cr. The different 
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chemical compositions can suggest different hardness and degrees of brittleness; 

unfortunately, no hardness results of the various Cr-rich phases have been 

reported, probably due to their small size. It is therefore believed that the small 

volume fraction and at.% of Cr in the Cr-rich precipitate, together with the fine-

grained structure and the partially recrystallised microstructure resulted in the 

improved mechanical properties of the HT600 sample. A similar observation has 

been reported in previous studies. For example, Bae et al. [263] reported an 

improved strength-ductility combination of the cold-rolled HEA when annealed at an 

intermediate temperature (650 ºC for 1 hr), which was attributed to the small volume 

fraction of the Cr-rich phase and partially recrystallised microstructure. This 

research is a first step towards a more profound understanding of the microstructure 

evolution and mechanical properties of the CSAM HEA deposit when subjected to 

annealing treatment at various temperatures.  

7.5 Conclusions 

In this chapter, a ~2 mm thick deposit of the CoCrFeNiMn HEA was produced using 

the CSAM process. The as-sprayed samples were heat-treated at various 

temperatures to improve the microstructure, leading to distinct microstructural 

characteristics. The effect of the microstructure on the mechanical performance of 

the deposits was analysed and discussed. The annealing treatment changes the 

tensile micro-deformation behaviour of the HEA deposit from a brittle failure to a 

ductile failure. The main findings of the present study can be summarised as follows: 
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• The annealing treatment performed for the deposited sample resulted in the 

consolidation of the deposit, increasing metallurgically bonded areas. 

Porosity decreases as the annealing temperature increases.  

• The mechanical performance of the HEA deposit strongly depends on the 

microstructure and annealing conditions after CSAM. Although greater 

hardness was obtained in the as-deposited and heat-treated sample at 600 

ºC, better tensile properties were obtained with samples heat-treated at 1000 

ºC, due to increased metallurgical bonded areas. 

• The heat-treated sample at 600 ºC exhibited a partially recrystallised 

microstructure composed of dislocation-free fine equiaxed grains at the 

particles peripheral, grains with high dislocations at the particles' interiors, 

and with a small fraction of Cr-rich phase particles. At 800 and 1000 ºC 

annealing temperature, recrystallisation and grain growth occurred with 

single-phase FCC.  

• Against the mechanical performance, the heat-treated sample at 600 ºC was 

considerably greater than the sample heat-treated at 800 ºC. The better 

mechanical performance of the heat-treated sample at 600 ºC is attributed to 

the partially recrystallised microstructure with Cr-rich phase particles. 
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8 Measurement and numerical modelling of 

residual stress formed in CSAM CoCrFeNiMn 

HEA deposit 

8.1 Introduction  

Previous chapters have revealed and demonstrated that CSAM of the CoCrFeNiMn 

HEA feedstock material can be employed to repair components made of stainless 

steels, and other metallic alloys. In addition to the repair capability is the possibility 

to manufacture components using the HEA and the CSAM process. Subsequently, 

it is desired that the repaired or manufactured components possess excellent 

structural integrity or mechanical properties for in-service applications. The 

structural integrity of the components can be influenced by residual stresses formed 

in the component likely introduced during the CSAM process. Therefore, is it crucial 

to understand the formation of residual stress in the components during the repair 

or manufacturing process. In this chapter, the residual stress of a thicker deposit of 

the HEA on the stainless steel substrate was measured and numerically analysed. 

The motivation for the study presented in this chapter resulted from what was 

observed during the CSAM process of depositing the thick deposit of the HEA on 

the substrate. Delamination of the deposit from the substrate was observed during 

the spray process and that prompted the investigation into understanding the 

stresses that may have been developed using the spraying parameters employed. 

The investigation informed the possible optimum process conditions, and hence the 



342 
 

spraying parameters for the materials and substrate combinations, for future 

investigations.   

In the open literature, residual stresses induced by CSAM have been investigated 

by several researchers for various deposit-substrate material combinations and 

spraying parameters. The outcome of the residual stresses during CSAM, 

measured using various experimental techniques and numerical or analytical 

methods, have been based on two main mechanisms: peening dominant and 

thermal mismatch dominant [159] mechanisms. The evolution of these 

mechanisms, however, depends on the thermo-mechanical effects induced by the 

CSAM process. Detailed information and discussion of the residual stress in CSAM 

deposits relevant to the work in this thesis have been provided in Chapter 2 Section 

2.7. Regardless, a brief discussion of some of the studies relevant to the work in 

this chapter is provided here.  

Luzin et al. [219] investigated the residual stress in CSAM Cu and Al deposits on 

Cu and Al alloy substrates, sprayed using Helium (He) at ≤ 200 ºC and 0.62 MPa. 

It was reported that the compressive residual stresses were largely due to kinetic 

(peening effect due to plastic deformation of microparticles) and not by thermal 

effects. Contrarily, Luzin et al. [84] demonstrated in another study that the residual 

stresses in CSAM Ti deposit on Fe and Al substrates were mainly formed through 

a thermal mismatch mechanism due to the difference in thermal expansion 

coefficients of the materials. This thermal effect was ten times larger than the 

compressive deposition (peening) stress. Similarly, Spencer et al. [220] reported a 

thermal mismatch dominant mechanism in CSAM pure Al on Mg alloy substrate 

using nitrogen (N2) at 550 ºC and 3.85 MPa. Moreover, tensile residual stresses 



343 
 

(quenching stress and thermal mismatch dominant mechanisms) in CSAM deposits 

have been reported by several other researchers [83,85,202], attributed to the gas 

temperatures and material combinations employed. Apart from the aforementioned 

spraying conditions, the nozzle transverse speed and powder feed rate have been 

reported to significantly influence the sign and magnitude of residual stresses in 

CSAM deposits. For example, Vargas-Uscategui et al. [211] have reported tensile 

residual stress formed in a CSAM hollow Ti cylinder, attributed to the slow nozzle 

transverse speed and high powder feed rate employed in the study. Meanwhile, 

Brown et al. [212] reported compressive residual stress in a CSAM CuNi deposit 

when using higher nozzle transverse speed.  

Despite these several investigations, there are, however, limited studies on the 

residual stress of CSAM CoCrFeNiMn HEA [204]. There is a wide gap in knowledge 

on the through-thickness residual stress formed in CSAM CoCrFeNiMn HEA. 

Moreover, for even other metallic CSAM deposits, there are limited reports on the 

residual stresses measured using the contour method of stress measurement,  and 

numerical modelling employed to predict and understand the evolution of stress 

during CSAM. It is therefore important to understand the nature, evolution, and 

magnitude of through-thickness residual stress formed in CoCrFeNiMn deposits for 

possible repair applications and component manufacturing. The residual stress 

formed will thus influence the fatigue and fracture performance of a repaired part or 

component [80–82], hence the mechanical integrity of the components.   
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8.2 CSAM HEA depositions 

The CoCrFeNiMn HEA powder was used to produce a thick deposit on the stainless 

steel 304 (SS304) substrate. The surface morphology, particle size distribution, and 

chemical composition of the powder are provided in Chapter 5 Section 5.3. The 

substrates had dimensions of 60 × 25 mm and a thickness of 2 mm. The substrates 

were roughened by grinding with P240 SiC paper, cleaned with industrial 

methylated spirit (IMS), and dried with compressed air before spraying. Deposits 

were manufactured using the CSAM set-up provided in Chapter 3 Section 3.2. 

Helium was used as the propellant and powder carrier gas with a stagnation 

temperature of 400 °C and a pressure of 3.3 MPa. The powder feeder was set at 2 

rpm, resulting in a powder feed rate of 38 g/min. The scanning speed (or transverse 

speed) of the CSAM nozzle was 60 mm/s, resulting in a deposit thickness of 

approximately 4.2 mm, with four passes. Three substrates were clamped side by 

side on a sample holder that was moved by a robotic arm (ABB robot, UK). The 

CSAM HEA deposit sample was prepared following the metallographic procedures 

outlined in Chapter 3 Section 3.3. The microstructure of the deposit was examined 

using the Philips XL30 scanning electron microscope (SEM), and back-scattered 

electron (BSE) images were taken to measure the porosity and thickness of the 

deposit using the ImageJ imaging analysis technique described in Chapter 3 

Section 3.6.  
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8.3 Residual stress measurement 

The residual stress of the deposited sample was measured using the contour 

method. A detailed description of the principle of the contour method is provided in 

Chapter 3 Section 3.8, along with the experimental procedures and parameters 

employed in this study. The contour method is a promising technique for residual 

stress measurement in CSAM-repaired parts or manufactured components for the 

aerospace sector. The main steps of this technique are sample cutting, surface 

contour measurement (displacement of the cut surface), data analysis, and finite-

element (FE) modelling. There are limited studies that have reported the residual 

stress of CSAM deposits measured using the contour method [85,211,217]. 

Through-thickness residual stresses can be obtained using the XRD technique with 

incremental material removal [81,207,343]; however, the technique can be labour-

intensive for thick deposits. Another technique is the neutron diffraction stress 

measurement, which can measure through-thickness residual stresses of thick 

deposits; however, it can be significantly affected by sample positioning, neutron 

beam path in the sample, and texture [83,84,344]. The contour method, on the other 

hand, is insensitive to the material microstructure [345], making it a powerful 

technique for measuring the through-thickness residual stress in thick CSAM 

deposits. 

In the present work, the contour method was employed to measure the residual 

stress in a 4.2-mm thick deposit of CoCrFeNiMn HEA on a 2-mm thick SS304 

substrate, as shown in Figure 8.1a. The figure also shows where the sample was 

cut in half, and the residual stress component of interest was measured normal to 
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the surface of the cut, which is the longitudinal stress (σx) of the sample (shown 

schematically in Figure 8.1b). Two high-quality cut surfaces were obtained without 

grinding, and special care was applied during cutting to control and optimise the 

cutting step and minimise the associated errors in stress. The residual stress 

measured with the contour method was used to validate the results of the thermo-

mechanical finite element analysis (FEA) employed in this thesis.  

 

Figure 8.1: (a) The CSAM HEA deposit on the SS304 substrate, showing the cutting 
plane at the mid-length of the specimen (A—A), (b) schematic showing the stress 
component of interest, i.e., stress normal to the cut surface, which is the longitudinal 
stress. 
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8.4 Numerical modelling of residual stress 

A sequentially coupled thermo-mechanical FE model was used to simulate the 

residual stress evolution in the thick deposit. The model combines the thermal and 

mechanical effects of the CSAM process. A 2D plane strain FE model with 

temperature-dependent material properties was employed for residual stress 

analysis. A detailed description of the thermo-mechanical model is provided in 

Chapter 4 Section 4.3. The element birth technique was employed for material 

deposition, where a progressive block of material was activated or added to the 

model, using the method described in Chapter 4 Section 4.3.2. This technique is 

simple and efficient because it captures the thermal history and mechanical 

behaviour of the model as a material is being added [225–227].  

A surface heat flux load of 1.3 W/mm2 was applied to the surface of the material 

during deposition. The surface heat flux corresponds to the thermal field from the 

hot gas impinging on the surface of the deposit during the CSAM. This was 

evaluated using the empirical equations described in Chapter 4 Section 4.3.3, 

following the experimental spraying conditions employed for the HEA deposition. 

The thermal and mechanical boundary conditions employed for the model are 

described in Chapter 4 Section 4.3.  Because of the nonlinearity associated with 

modelling the particle impacts, the contributions from the peening or deposition 

peening stress were extracted from the explicit dynamic model for the multi-particle 

impacts described in Chapter 4 Section 4.2.2, with the results provided in Chapter 

6. The average of the components of the deposition stress extracted from a region 

of 165 µm × 400 µm in the explicit multi-particle dynamic model is presented in 
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Table 8.1. These values are used as the initial stresses in the 2D thermo-

mechanical FE model. This technique or scheme of the residual stress analysis—

coupled implicit-explicit scheme–has been reported in other studies [225–227]; 

however, the deposition peening stresses from those studies were extracted from 

single particle impacts, leaving out the contributions of several particle impacts and 

different particle sizes, as is typical of the CSAM process. The temperature 

generated from the plastic deformation of the HEA particles was also extracted from 

the explicit multi-particle impact model. The temperature of the deposit from the 

explicit FE model was approximately 823 K, whereas the substrate temperature was 

approximately 323 K.  

Table 8.1: Peening deposition stresses extracted from the multi-particle impact FE 
model in Chapter 6. The stresses were implemented in the 2D thermo-mechanical 
finite element model as initial stress values. 

Stress 
(MPa) 

𝝈𝑿 𝝈𝒀 𝝈𝒛 𝝈𝑿𝒀 

Deposit -66.6 -30 -203 22.3 

Interface -70.2 -175 -343 -0.2 

Substrate -30.8 -333 -271.2 0.71 
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8.5 Results 

8.5.1 Deposit microstructure 

The microstructures of the polished cross-sectional CSAM HEA deposits are shown 

in Figure 8.2 and Figure 8.3. The average with the standard error mean of the 

measurement of the thickness and porosity of the deposit was estimated as (4.2± 

0.1) mm and (3.5±0.1) % respectively. The cross-sectioned SEM image shown in 

Figure 8.2(a) reveals a debonded interface at the edge of the deposit, which was 

also observed after EDM cutting of the deposit for the contour method of residual 

stress measurement. However, the deposit remained adhered to the substrate at 

the central region as shown in Figure 8.2b. Also, the SEM images shown in Figure 

8.3 revealed a porous top layer of the deposit and denser interfacial layers. A 

porosity of (4.7±0.5)% was measured for the top layers of the deposit, whereas the 

middle layers exhibited (3.1±0.2)% and interface layers; the layers between the 

deposit and substrate interface, exhibited (2.9±0.2)% porosity. The decrease in 

porosity suggests the effect of peening or tampering of previously deposited layers 

by subsequent layers during the CSAM deposition process [346]. 
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Figure 8.2: SEM micrographs showing CSAM deposit, substrate and the interface: 
(a) interfacial delamination at the sample edge and (b) good bonding region. The 
SEM microstructure in (c) also shows the through-thickness image of the deposit 
on the substrate. 
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Figure 8.3: SEM images of the thick CSAM HEA deposit, showing region within 
each layer in the deposit characterised by different degrees of porosity: (a) upper 
layer exhibits (4.7±0.5)%, (b) middle layer exhibits (3.1±0.2)% and (c) interface layer 
exhibit (2.9±0.2)%. 
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8.5.2 Measured residual stress and validation of the numerical 

analysis 

The contour profile of the CSAM HEA deposit on the SS304 substrate sample 

measured using a Zeiss Eclipse coordinate measuring machine (CMM) with a 

Micro-epsilon ILD2210 laser triangulation probe is shown in Figure 8.4a. The figure 

shows the displacement field normal to the cut surface, which results from the stress 

relief after cutting. Using the colour map, red indicates the relaxed outwards 

displacement, while blue indicates the inward displacement of the cut sample 

surface. The gap between the deposit and substrate shown in the figure is a result 

of the analysis procedure, performed to eliminate the influence of interfacial 

debonding on the data of the contour method. For stress analysis, the interfacial 

values were extrapolated to obtain stresses present at the interfaces. Figure 8.4b 

presents the 2D residual stress map for the CSAM HEA deposit on the SS304 

substrate produced using the contour method. The residual stress is the longitudinal 

stress component of the cut surface. The results showed tensile residual stress 

formed in the deposit, with the highest tensile stress near the deposit-substrate 

interface, reaching ~370 MPa. This region was delaminated from the substrate, 

which likely occurred during the CSAM process. Moreover, complete delamination 

of the deposit from the substrate was observed during the CSAM process, which is 

a plausible explanation for the high tensile residual stress at the debonded 

interfacial region. Peak compressive residual stresses were also observed at the 

sides of the deposit, with the highest compressive stress formed in this region, 

reaching ~580 MPa. The compressive residual stresses at the sides of the deposits 

likely balanced the tensile stresses for the equilibrium of the debonded interfacial 
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region. The residual stresses measured for the sample thus reach the material 

yielding point of about 350 MPa [42], which is not desirable for a typical repaired or 

manufactured part. 

 

Figure 8.4: (a) shows the averaged surface displacement or contour map of the cut 
surface over the transverse cut plane of the CSAM deposit. Note that the grey space 
between the deposit and substrate indicates delamination of the deposit as 
observed earlier in the SEM image of the deposit. (b) displays the two-dimensional 
longitudinal residual stress map in the cut plane of the CSAM HEA deposit on the 
SS304 substrate. The denoted region from which data was extracted is shown in 
Figure 8.6 

The explicit-implicit FEA technique was employed to analyse the residual stress 

formation mechanism during CSAM. Figure 8.5 shows a map of the residual stress 

distribution obtained from the FEA of the CSAM HEA deposit on the SS304 

substrate. An enlarged view of the central region denoted by the square on the 

figure is also displayed. The figure shows that the highest compressive stress was 

obtained in the interface layer of the deposit, reaching ~250 MPa. This high 
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compressive stress decreased from the interface layer to the top layers, changing 

to tensile stress at the top surface of the deposit. Comparing the data extracted from 

approximately the same region in the sample from the contour method and the 

numerical model (see Figure 8.6), the highest tensile stresses were obtained at the 

top of the deposit and the bottom of the substrate. Note the periodicity observed in 

the colour map is because the FE model assumed square blocks of elements are 

deposited on the substrate as the nozzle moves past the substrate surface. The 

difference in the magnitude of the residual stress in the sample obtained using the 

contour method and the FEA can be attributed to the assumptions of the FE model. 

Moreover, the contour method can be prone to errors at the cut surfaces, owing to 

outliers that can be created in the displacement profiles induced during the cutting 

[280]. Although this was minimised by using sacrificial material on all boundaries of 

the cut plane, the influence of outlier data points in the contour measuring machine 

can still affect the residual stress magnitude at the cut surfaces.    
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Figure 8.5: Residual stress map from the numerical model: shows the 2D FE model 
of the HEA deposit on the substrate along the length of the sample, and the enlarged 
view at the central region where the data in Figure 8.6 was extracted from. The 
periodicity in the contour maps is attributed to the square block of elements 
deposited as the nozzle moves past the substrate during spraying; an assumption 
made in the FE model. 

Through-thickness residual stress profile was extracted from the adhered interfacial 

region of the deposit-substrate presented in Figure 8.6. The data from the measured 

residual stress using the contour method was employed for the validation of the 

FEA. A comparison between the results of the contour method and the FEA is 

presented in Figure 8.6. The figure shows the distributions of the longitudinal 

residual stresses obtained by both the contour method and the FEA at the mid-

section of the HEA deposit-substrate sample. The residual stress presented for the 

contour method was extracted over the central 10 mm length region of the contour 

cut surface (as shown in Figure 8.4b), with the average reported, and the error bar 

represents the standard error of the mean of the measurement. In addition, the 
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average and standard error of the FEA were extracted over the central 4-mm length 

region from the 2D plane strain FE model (see Figure 8.5). It is evident from the 

data presented in Figure 8.6 that tensile residual stresses developed on the top 

surface of the deposit. These stresses gradually decrease to a region of 

approximately 2 mm in the deposit, which becomes compressive in the interior of 

the deposit towards the interfacial region. The compressive stress then changes to 

tensile stress in the substrate. There is a good agreement between the measured 

residual stress and FEA but with a slight deviation in the results, such as the 

magnitude of the residual stresses and the smoother curve of the contour method, 

which can be attributed to the assumptions made in the FE model. Another likely 

reason is the effect of residual stress redistribution due to the delamination of the 

deposit from the substrate at the interface (see Figure 8.2). The effect of 

delamination or cracking on the residual stress was not included in the FE model. 

The influence of the delamination can provide more information on the residual 

stress formed, but this is beyond the scope of this work, which can be a future 

investigation.  
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Figure 8.6: Through-thickness residual stress distributions of the HEA deposit on 
the SS304 substrate, measured using the contour method and numerically analysed 
using the coupled thermo-mechanical model. An average with the standard error of 
the mean is presented, extracted from the regions denoted in Figure 8.4 and Figure 
8.5 

It is noteworthy that the measured residual stress within the substrate shows regions 

of compressive stress in the middle of the substrate, whereas tensile stresses are 

formed away from the substrate surface and towards the substrate bottom. A 

plausible explanation is the effect of the substrate clamping or support during 

spraying, a manufacturing constraint that is yet to be explored for the CSAM 

process. Future investigations may involve varying the support or clamping 

arrangement or constraints of the substrate during CSAM and the subsequent 

effects on the residual stress formation. 
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8.5.3 Finite element analysis of the in-situ stress evolutions during 

the CSAM of the HEA 

The explicit-implicit FEA technique was employed to understand the in-situ stress 

evolution in the sample during the deposition of each layer. This technique is a cost-

effective method as compared to experimental techniques. Figure 8.7 shows the 

evolution of stress and temperature during the deposition of each layer on the 

substrate. The regions of the selected element were at the mid-length of the 

substrate surface, at the deposit mid-layer and at the surface of the deposit top 

layer, as shown schematically in Figure 8.7. Figure 8.7 (A) shows that the deposition 

of each layer on the substrate surface resulted in deformation-induced compressive 

stress, which gradually increased with the increasing number of layers being added. 

At the same time, the temperature of the substrate surface gradually increased as 

more layers were added. On the other hand, the temperature and stress evolution 

in the deposit were also analysed to understand the residual stress formation 

mechanism within the deposits. Figure 8.7 (B) presents the evolution of temperature 

and stress of the surface of the second layer of the deposit. It was observed that 

the temperature of the selected element rises to ~850 K; with the initial particle 

deposition temperature of T = 473 K, the rise in temperature during deposition 

resulted in ∆𝑇 = ~377 K. As more layers were added on the deposited layer, 

temperature decreases, while the tensile stress state changed to a compressive 

stress state upon cooling. Similarly, the initial temperature rise to ~850K was 

observed at the selected element on the surface of the top deposited layer, 

decreasing as the deposition source passed through the selected element. The 

same observation can be seen for the stress on the surface of the top layer. 
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Figure 8.7: Numerical prediction of the stresses and temperature evolutions during 
the deposition process and cooling of the deposit-substrate altogether: (A) presents 
the field variables for the substrate, (B) shows that within the deposit and (C) shows 
that on the surface of the deposit. The element selected was at the mid-length of 
the substrate and middle layer of the deposit, and the surface of the deposit as 
presented schematically. Both the deposition and cooling phases are shown in the 
figure. 

The provided field variables presented in Figure 8.7 imply that as the nozzle or 

spraying gas jet was in the proximity of the selected element of the substrate surface 

(Figure 8.7 (A)), the compressive stress which existed on the substrate surface 

owing to the peening effect of the particles, suddenly changed to tensile stress as 

the nozzle passes over the respective element. This suggests that it is likely that 

the heat input from the gas jet on the substrate surface induces a steep thermal 

gradient, resulting in thermally induced tensile stress. While the deposited layer 

thermally expands, it is also constricted by the underlying colder substrate material, 
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promoting the development of a compressive stress zone on the substrate surface. 

The compressive stress gradually increases as more layers are added, reaching as 

shown in Figure 8.7 (A). Upon cooling, tensile residual stress was, however, formed 

in the substrate. Similarly, as the nozzle moves through the proximity of the selected 

element in the deposit (Figure 8.7 (B)), tensile stress was also formed owing to the 

high thermal gradient of the deposit because of the rapid temperature rise to ~850 

K and rapid cooling to ~350 K, as shown in Figure 8.7 (B). The addition of more 

layers resulted in a decrease in the magnitude of the tensile stress, likely due to 

heat dissipation before the deposition of subsequent layers. Moreover, the 

temperature of the deposited layer remained at ~350 K during the deposition of the 

subsequent layers. Upon cooling, the tensile stress became compressive residual 

stress. It appears that the peening effect on the last deposited layer (Figure 8.7 (C)) 

is likely, not prominent, consequently, the effect of the thermal gradient on that layer 

would be dominant, resulting in a tensile stress state upon cooling. 

A schematic of the stress profiles after subsequent deposition of each layer from 

the FEA is presented in Figure 8.8.  As shown in Figure 8.8, tensile stress was 

formed after the deposition of the first layer, with the substrate in a compressive 

stress state. The deposition of the second layer led to a decrease in the magnitude 

of the tensile stress in the first layer, whereas the second layer formed a tensile 

stress state. As more layers were added, the tensile stress in the first layer further 

decreased, becoming compressive stress at the end of the deposition. The same 

trend is observed for the second layer as more layers were added, except for the 

third and fourth layers which remained in a tensile stress state even after deposition, 

with the largest magnitude observed for the fourth (or top) layer.  
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Figure 8.8: Shows the schematic diagram of stress profiles and their evolutions as 
layers of the deposit were added in the FEM: (a) after the deposition of the first layer 
on the substrate, (b) second layer, that is, after two layers have been added, (c) 
third layer and (d) fourth or top surface layer, that is, the end of the CSAM deposition 
before the cooling phase. 
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During the deposition of the layers, the substrate remained in a compressive stress 

state. The subsequent cooling of the deposit-substrate sample, altogether, resulted 

in tensile residual stresses formed in the substrate and top layers, which were 

mechanically balanced by compressive stresses formed in the first and second 

layer—interfacial layers of the deposit, as presented schematically in Figure 8.9. It 

is noteworthy that the discontinuity in the stress profiles between each layer of 

deposit layers and substrate is assumed since line profiles were used for the 

schematics. Moreover, this method of stress profile illustration is generally used in 

the open cold spray literature [206] to explain stress changes from one layer to 

another layer or material of deposit and substrate. The experimental residual stress 

profile provides smoother transitioning or curves as can be seen in Figure 8.6. 

 

Figure 8.9: Schematic illustration of the final residual stress profile after the cool-
down stage of the CSAM HEA deposited layers on the SS304 substrate.  

Although the influence of delamination at the deposit-substrate interface was not 

included in the numerical model, the shear stress (τXZ) component from the 

numerical model can describe the interface shearing effect on possible delamination 
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of the deposit [234]. Figure 8.10 shows that the interfacial region of the deposit-

substrate at the edges has more severe stress gradients owing to the stress 

concentrations. The shear stress was compressive during the deposition but 

became tensile during the cooling phase, as shown in Figure 8.10b. This is likely 

because of the difference in the coefficients of thermal expansion (CTEs) between 

the sprayed HEA and SS304 substrate. Also, the mechanical constraint on the 

substrate during the deposition may contribute to the delamination. In addition, a 

high compressive shear stress was observed within the deposit, as shown in Figure 

8.10b, to balance the tensile shear stress in the interfacial region. Similar stress 

states were also observed in the residual stress map from the contour method 

shown in Figure 8.10, showing confidence in the numerical model devised in this 

study. 
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Figure 8.10: The residual shear stress map of the FE model, showing the gradient 
of shear stress at the edge (a). The map shown is half the model. (b) shows the 
evolution of the shear stress and temperature of an element at the high tensile shear 
stress region. 

 

8.6 Discussion 

In this chapter, an explicit-implicit FEA strategy was developed, which constitutes 

the key physics and spraying parameters of the CSAM process. The FEA allows for 

investigations of the effect of CSAM process conditions on the thermal and residual 

stress fields; hence reducing the time-consuming and costly experimental tests. The 
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FEA, through accurate validations, can be employed as a quality control tool during 

the repair and manufacturing of parts in the aerospace sector. 

The through-thickness residual stress of a ~4.2 mm thick CSAM CoCrFeNiMn HEA 

deposit on an austenitic stainless steel 304 substrate was investigated. The results 

of the residual stress measured using the contour method and numerically analysed 

using the thermo-mechanical FEA revealed that tensile stresses were formed on 

the deposit surface and substrate but mechanically balanced by compressive 

stresses at the deposit interior. Interestingly, layer-by-layer induced changes in the 

residual stress distribution were observed in the deposit-substrate system as 

presented in Figure 8.6 and Figure 8.9 

8.6.1 Residual stress formation mechanism during the CSAM of 

CoCrFeNiMn HEA 

In this thesis, the residual stress build-up during the CSAM of the HEA on the SS304 

substrate can be established on two main mechanisms: temperature gradient 

mechanism (quenching stress) and cool-down stage (thermal misfit) [206,347,348]. 

The first mechanism is related to a large temperature gradient induced by the 

thermal input from the spraying process (gas jet and plastic deformation of sprayed 

particles), as revealed by the FEA presented in Figure 8.7. Consequently, thermally 

induced tensile stresses appear owing to the contraction of the thermally expanding 

deposited layers as they rapidly cool down to the temperature of the underlying 

material or substrate. The second stress formation mechanism results when the 

deposited top layers and the previously deposited layers and substrate cool down 
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together. The cooling results in the differential thermal contraction/shrinkage of the 

top layers, restrained by the colder underlying materials, leading to the top layers 

under tension balanced with compressive under layers of the deposit, and the 

substrate in tension. Figure 8.11 provides a schematic illustration that explains the 

residual stress formation mechanism during the CSAM deposition, which is akin to 

the schematic illustration presented in Figure 8.9 
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Figure 8.11: Schematic illustration of the curvature of deposited layers and 
substrates during and after the CSAM deposition process. (a) Unconstrained strains 
develop when a layer is deposited on the substrate or underlying layer because of 
temperature differences. (b) As a result of strain compatibility at the interfaces, 
bending and balance of bending moment occurred leading to deposit and substrate 
in compression. (c) After the cool-down stage, the tensile residual stress is formed 
for the deposited layers. This is the case of two layers or a layer on a substrate. The 
final residual stress state after the cool-down stage is presented with the curvature 
in (d). The interfacial layers are in compression balanced by others in tension.   

The FEA provided information that explains the mechanism responsible for the 

layer-by-layer induced changes observed in the residual stress distribution in Figure 

8.6 and Figure 8.8. Although the initial deposition stress is the same for each layer 

(as presented in Table 8.1), the magnitude of the through-thickness residual stress 

distribution appears to fluctuate with the different layers. It is clear from the second 



368 
 

mechanism discussed earlier, that the cooling phase of the deposited-substrate 

leads to differential thermal contraction/shrinkage generating thermal misfit strain 

[347,349]. The thermal misfit strain is influenced by the difference in the CTEs (or 

∆𝛼) of the materials and the drop in temperature (∆𝑇). Since the material of the 

deposited layers is the same, there is no difference in the CTEs; however, if 

successive deposit layers arrive while the deposited layers have different curvatures 

(see Figure 8.11), then a misfit strain can be generated between the layers 

[350,351]. The reason for this may be the deposit temperature and the long 

exposure time before the arrival of successive layers as a slow nozzle transverse 

speed was employed for the deposition of each layer. As a result of these factors 

involved in the spraying process, one can argue that in-situ annealing during the 

layer depositions (as observed in Figure 8.7) may play a key role in the stress 

formation mechanism [207], hence the non-uniform thermal misfit strains, resulting 

in the layer-by-layer induced changes in the magnitude and sign of the residual 

stress between each layer. A more detailed experimental residual stress 

measurement on several samples obtained with varying spraying parameters would 

be required to establish this phenomenon. There are also limitations in the 

assumption made for the FEA as clearly stated in this study, a more robust model 

can be developed for future investigations. 

8.6.2 The effect of the spraying conditions on the residual stress 

formed in the CSAM HEA 

The two mechanisms established earlier have been developed by Mercelis and 

Kruth [348] to describe the residual stress distribution in AM processes like laser 
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powder bed fusion (selective laser melting or sintering). Moreover, the residual 

stress distribution in the CSAM HEA on SS304 (He at 400 ºC and 3.3 MPa) can be 

compared to the stress distribution in a selective laser melted/sintered steel [352] 

and the CoCrFeNiMn [79] on similar substrates. Similarly, the tensile residual stress 

formed in the CSAM-deposited HEA in this thesis has been reported in other 

studies. For example, CSAM Ti64 on Ti64 substrate (N2 at 1100 ºC and 5 MPa) 

[85], CSAM high-strength duplex stainless steel on SS316L substrate (N2 at 800 ºC 

and 3.5 MPa) [83], and tensile stresses formed on Al 7075 on Mg alloy substrate 

(N2 at 400 ºC and 1.38 MPa) [353]. Furthermore, tensile residual stress has been 

reported to be formed when CP Ti was CSAM-deposited on a carbon steel substrate 

(N2 at 700 ºC and 3.5 MPa) [202].  

It appears that these studies reveal processes where quenching stress and thermal 

misfit are dominant over peening deposition stress; peening deposition stresses 

give rise to surface compressive residual stresses usually formed in CSAM 

deposition [81,202,206,207,213,354]. Several investigations have been performed 

to understand the evolution of residual stresses in CSAM deposits, with several 

authors reporting that the sign and magnitude of residual stress depend on the 

spraying parameters and material combinations. Among the spraying parameters, 

gas temperature, nozzle transverse speed and powder feed rate have been 

reported to significantly influence the residual stress formed in CSAM deposits. For 

instance, Vargas-Uscategui et al. [211] reported that slow nozzle transverse speed 

and high powder feed rate resulted in tensile residual stress formed in a CSAM-

manufactured hollow Ti cylinder. In another study by Brown et al. [212], higher 

compressive stresses were obtained in CSAM CuNi deposits when using higher 
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nozzle transverse speed (200-400 mm/s), whereas high carrier gas flow rate 

(inducing high thermal gradient) resulted in tensile residual stresses. Moreover, 

Luzin et al. [84] reported that thermal mismatch was the dominant contributing term 

to the residual stress of a thick deposit of Ti on an Al baseplate. The same dominant 

mechanism was reported by Spencer et al. [220] when pure Al was deposited on a 

Mg alloy (N2 at 550 ºC and 3.85 MPa). Apart from the aforementioned spraying 

conditions, the tensile residual stresses in CSAM deposits can also be attributed to 

the high gas temperature ≥ 400 ºC [159] employed for the spraying. In addition to 

that is the effect of different material combinations, which is due to the differences 

in their CTEs, giving rise to thermal stresses [202,220]. Since there is a small 

difference in the CTEs of the HEA (~16.2 x10-6 /K) and SS304 (~17.5 x10-6 /K) at 

the spraying gas temperature [291], it is evident therefore that the dominant 

quenching and thermal misfit strain on the residual stress of the HEA on the SS304 

substrate during the CSAM is a consequence of the spraying parameters employed. 

It is well-known that the CSAM process introduces beneficial compressive residual 

stresses in both deposited and substrate materials resulting from the peening effect 

of sprayed particles [80,81,159,206,207], similar to the shot peening process. These 

beneficial compressive residual stresses have been reported to significantly 

increase the fatigue performance of CSAM samples [80,81]. However, the presence 

of tensile residual stress in the CSAM HEA deposit and substrate can initiate crack 

and its propagation leading to reduced fatigue life and limiting the structural 

application of the repaired or manufactured component. Moreover, the presence of 

the tensile residual stress will increase the tendency of debonding at the deposit-

substrate interface, as observed in Figure 8.1a, which limits the maximum deposit 
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thickness that can be obtained [85,213]. It is therefore recommended that spraying 

strategies should be developed to minimise the build-up of tensile residual stresses 

in thick deposits of the HEA for structural applications as this is likely to occur under 

the spraying conditions employed in this study. More research is thus required in 

this area (as there is a wide knowledge gap on the residual stress formation during 

CSAM of HEAs) to understand the influence of spraying parameters and materials 

combinations on the residual stress of the CSAM HEA deposits. 

8.7 Conclusions 

In this chapter, the through-thickness distribution of residual stress in a ~4.5 mm 

thick deposit of CSAM CoCrFeNiMn HEA on SS304 substrate was measured 

experimentally using the contour method and XRD technique. A sequentially 

coupled thermo-mechanical FE model was developed to predict and evaluate the 

thermo-mechanical effects of the CSAM process. A good agreement was attained 

between the contour method and the FE model, showing confidence in the 

modelling method developed in this study. The following conclusions can be drawn 

from the work in this chapter: 

• Tensile residual stresses were present at the top surface of the deposit and 

substrate, which were mechanically balanced by compressive residual 

stresses at the interfacial layers of the deposit.  

• The residual stress formation mechanism in the deposit-substrate was 

established on two mechanisms: the temperature gradient mechanism and 
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the thermal mismatch mechanism during the cool-down stage. This was 

attributed to the thermal effects arising from the gas temperature, slow nozzle 

speed and powder feed rate employed for the CSAM deposition. These 

mechanisms dominate the peening effect from the microparticle impacts 

during deposition. 

• The stress profiles show layer-by-layer induced fluctuations in the residual 

stress distribution within the deposit. This was attributed to the in-situ 

annealing effect likely a consequence of the deposit temperature and 

exposure time of deposited layers before the arrival of subsequent layers. 

In this chapter, it is clear that deposition at a slow nozzle scanning speed, high gas 

temperature and powder feed rate would likely result in tensile stresses formed in 

cold sprayed deposits. The presence of these stresses would compromise the 

structural integrity of the repaired or manufactured parts. It is recommended that 

lower powder feed rates, faster nozzle scanning speeds, and lighter gas that can 

provide higher particle velocity without significant gas heating should be employed 

for the CSAM deposition of the HEA. The study of this chapter however requires 

further analysis and experimental investigations, for instance, a wide range of 

spraying parameters explored, and the residual stresses of the samples measured. 

The investigations of this study thus indicate that there is a wide gap in knowledge 

and the limited exploration of CSAM of the HEA for industrial applications and 

aerospace structures. This cost-effective CSAM process can be further explored for 

the repair and manufacturing of aerospace components, such as the repair of 

integrally bladed rotors or turbine blisks, impellers and nozzle guide vanes. 
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9 General conclusions and contributions to 

knowledge 

9.1 General conclusions 

The overall aim of this thesis was to investigate the feasibility of repair and 

manufacture of aerospace components or parts using the CSAM process with the 

new metallic alloys, CoCrFeNiMn HEA. The research project focused on 

experimental and numerical investigations of the HEA during CSAM deposition, the 

influence of post-deposition annealing on the microstructure and mechanical 

properties of the deposit, and the residual stress formed in the deposit.  

In general, the research demonstrated that aerospace structures can be repaired 

using the CSAM process with the HEA feedstock material. This is important for parts 

made of stainless steel, being a similar material to the HEA. This allows for 

maintaining the strength-weight ratio while improving the structural integrity of the 

parts because of the mechanical properties of the HEA and the solid-state nature of 

the CSAM process. In this thesis, the window of deposition that specifies the 

process conditions for the CSAM deposition of the HEA was established, including 

the critical velocities of the HEA on several metallic substrates. After deposition 

under optimum process conditions, the thesis also recommended the post-

deposition annealing treatment that can be performed to improve the microstructure 

as well as the mechanical properties of the HEA deposits. Annealing treatment at 

1000 ºC produces the best result in terms of the consolidation of the microstructure 
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and strength-ductility combination. It was recommended in this thesis based on the 

results obtained that annealing treatment at 600 ºC would result in a precipitate-

hardened deposit, leading to greater strength without loss in ductility but under a 

controlled annealing temperature and time. It was also found that the process 

conditions; low nozzle scanning speed during spraying, high gas temperature and 

powder feed rates can induce detrimental residual stress on the repaired or 

manufactured parts, and as such it was recommended that lower transverse speed, 

powder feed rate and gas temperature should be employed to achieve compressive 

residual stress throughout the repaired or manufactured parts/components. 

In this thesis, the Johnson-Cook (J-C) material model of the CoCrFeNiMn HEA was 

assessed and determined for the ultra-high strain rate deposition modelling typical 

for the CSAM process. The established material model parameters can be 

employed for future investigations. The technique employed in assessing the 

material model provides the researchers with a robust and cost-effective approach 

to assessing material models for deformation modelling in FEA codes. Furthermore, 

an explicit-implicit FEA technique developed in this thesis incorporates the peening 

effects of the random distributions of particles typical of the CSAM feedstock 

material on the residual stress formation during the deposition process. The 

technique provides a computationally cost-effective method for quality control of the 

CSAM process for the repair and manufacture of critical parts in aerospace.  

More specifically, the general conclusions drawn from this thesis are as follows: 

• The deposition mechanism of the CoCrFeNiMn HEA onto various substrates 

during CSAM deposition was experimentally and numerically investigated. 
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The HEA particles during deposition were observed to form metallurgical 

bonds and mechanical interlocks on four different substrates: Ti6Al4V, 

SS304, CP Al and Al6082.  

• The Johnson-Cook (J-C) material model data for the deposition modelling of 

the CoCrFeNiMn HEA particles were assessed and determined in this thesis. 

This was done by selecting a set of material data for the HEA and assessing 

with single particle impact analysis through flattening ratio as a mechanistic 

“diagnostic tool”. The most suitable J-C set of material data that best 

predicted the impact morphology of HEA particles was determined and 

presented in this thesis. This material model data can be employed for finite 

element analysis (FEA) of the impact phenomena of the HEA during CSAM 

deposition. Subsequently, the critical velocities of the 25 µm HEA particles 

on Ti6Al4V, SS304, CP Al, and Al6082 substrates were determined as 700, 

800, 563, and 618 m/s, respectively. 

• Following the determination of the critical velocities of the HEA on the 

substrates, thick HEA deposits were manufactured using a set of spraying 

parameters that lie in the window of deposition for the HEA. The deposition 

mechanism of the HEA particles during the deposit build-up was investigated 

using EBSD and FEA multi-particle deposition methods. A heterogeneous 

microstructure was observed in the HEA deposit with a distribution of 

ultrafine and coarse grains at the particle interfaces and interiors, 

respectively.  
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• The formation mechanisms of the heterogeneous microstructure were 

studied using a misorientation profile from the EBSD and FEA. It was found 

that adiabatic shear instability (ASI) and dynamic recrystallisation (DRX) 

produced by subgrain rotation (continuous DRX) dominated the particle 

interfaces during the CSAM deposition of the HEA. The particle interfaces 

were characterised by severe deformation with highly misoriented equiaxed 

ultrafine grains, whereas limited deformation and grains of LAGBs were 

observed in the particle interiors. Hence, the inhomogeneous microstructure 

formed in the HEA deposit contributed to variations in the measured 

nanohardness, with greater values measured at the particle interfaces when 

compared with the particle interiors. 

• The HEA deposit manufactured was however characterised by a porous 

microstructure attributed to the high strain hardening and resistance to shear 

localisation of the HEA material. Consequently, post-deposition annealing 

was performed to improve the microstructure of the deposit and, hence its 

mechanical properties. Annealing was performed at 600, 800, and 1000 °C 

for 5 hrs. The hardness (nano-and microhardness) and tensile properties 

(using microflat dogbones) of the as-sprayed and annealed deposits were 

evaluated.  

• The as-sprayed deposit of the HEA was measured at 5.14 GPa and 280 

HV0.3, whereas the HEA deposit annealed at 1000 °C was measured at 3.96 

GPa and 159 HV0.3. The tensile strength of the as-sprayed HEA deposit was 

~26 MPa, whereas that of the HEA deposit annealed at 1000 °C was ~152 
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MPa.  The improved mechanical performance of the annealed deposit was 

attributed to the increased metallurgically bonded areas and the reduced 

porosity of the deposit. Moreover, the lower measured hardness values are 

attributed to recrystallisation and grain growth during annealing.  

• Interestingly, in this study, the mechanical performance of the HEA deposit 

annealed at 600 °C was considerably better than that of the deposit annealed 

at 800 °C. The deposit annealed at 600 °C exhibited a partially recrystallised 

microstructure with a small volume fraction of Cr-rich precipitates. The 

partially recrystallised microstructure was composed of dislocation-free fine 

equiaxed grains at the particle interfaces and grains of high local strain at the 

particle interiors. The formation of Cr-rich precipitates was attributed to the 

large number of grain boundaries in the deposit, which served as preferential 

sites for the nucleation and growth of the precipitates when the HEA deposit 

was annealed at intermediate temperatures.  

• In this thesis, debonding of the HEA deposit on the SS304 substrate was 

observed during the CSAM deposition. This motivated the study of residual 

stress formed in HEA deposits, highlighting the importance of CSAM 

spraying conditions in the manufacturing and repair of large components with 

the HEA. With the contour method of stress measurement and the FE 

explicit-implicit scheme, the through-thickness stress profile in a ~ 4.2 mm 

thick deposit of the HEA on the SS304 substrate was evaluated. Good 

agreement was obtained between the experimental data and the FE results, 

showing confidence in the model employed in this thesis.  
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• The residual stress formed in the deposit-substrate system is based on two 

mechanisms: the temperature gradient and thermal mismatch during the 

cooling process after deposition. These mechanisms were attributed to the 

thermal impacts that arose from the gas temperature, slow transverse, and 

high powder rate employed for the CSAM deposition. These mechanisms 

dominate the peening effect of the particles during deposition. Consequently, 

tensile residual stress was formed on the top surface of the deposit, which 

was mechanically balanced by compressive residual stress at the interfacial 

layers of the deposit.  

• Interestingly, the residual stress profiles obtained for the HEA deposit on 

stainless steel substrate showed layer-by-layer-induced fluctuations rather 

than a linear profile. This layer-by-layer change in the stress sign was 

attributed to the in-situ annealing of the deposited layers before the arrival of 

subsequent layers. 

9.2 Contributions to knowledge 

The research undertaken in this thesis contributed to and advanced knowledge of 

CSAM of CoCrFeNiMn HEA. The following are the main contributions to the 

knowledge in the research area:     

• This thesis ultimately shows that CoCrFeNiMn HEA particles exhibit 

deposition mechanisms like those of other metallic materials, particularly 
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stainless steels, and nickel, during CSAM; however, a higher critical velocity 

may be required to obtain dense deposits of the HEA.  

• This thesis provided a mechanistic method of determining material model 

data that can predict more accurately the impact morphology of metals during 

CSAM. The thesis provided Johnson-Cook material model data for the HEA 

and determined the critical velocity of the HEA. 

• The thesis argues that Cr-rich precipitates formed during the post-deposition 

annealing treatment of the HEA deposit can be utilised to strengthen the 

deposit without loss of ductility. However, this can be realised under an 

optimised annealing treatment to obtain a consolidated microstructure of the 

deposit. 

• The thesis advances knowledge in residual stress measurement and 

analysis using the contour method and finite elements analysis for CSAM. 

The thesis contributed by providing a cost- and time-effective quality control 

method for assessing residual stresses of CSAM deposits, which indicates 

opportunities for the aerospace & space sector to advance the manufacturing 

and repair of components with promising end-use performance with CSAM 

of HEAs.  

• Although tensile stress was formed in the thick HEA deposit obtained in this 

thesis, which can be detrimental to the structural integrity of the components, 

there is a need for optimisation of the CSAM process to achieve beneficial 

compressive residual stress for the HEA. 
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10  Future work 

This chapter suggests potential future work relevant to this thesis that can further 

enhance our understanding of the CSAM of CoCrFeNiMn HEA for the 

manufacturing and repair of the aerospace sector. 

10.1 Development of pore-free deposits of HEA with CSAM 

Research on the CSAM of HEAs is in its early stages, and thus, there is a wide 

knowledge gap that needs to be covered, particularly for obtaining dense deposits 

of HEAs as these new alloys pose as difficult-to-spray materials for CSAM. While 

this thesis provides information on the impact phenomena and determines the 

critical velocity of a 25 µm CoCrFeNiMn HEA on different substrates using 

experimental impact tests and finite element analysis, further investigation is 

required to obtain the critical velocities of a wide range of particle sizes. With this 

information, an optimised particle size distribution that would yield pore-free HEA 

deposits can be obtained once the particle impact velocities are known. In addition 

to the particle size distribution, spraying parameters can be varied to obtain pore-

free deposits. For example, varying the gas pressure and temperature, nozzle 

transverse speed, powder feed rate, stand-off distance, and nozzle geometry yields 

pore-free deposits of the HEA for structural repair and component manufacturing. 

Moreover, most published articles in the open literature employ Helium (He) gas as 

the propellant gas for the CSAM of HEAs. The high cost of He and its unavailability 

makes CSAM of HEAs challenging; hence, low-cost Nitrogen (N2) gas is required 

for the deposition of HEAs, but this requires a gas preheater to achieve higher 
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particle velocities for developing pore-free deposits. In addition, there is very limited 

work on the laser-assisted CSAM of HEAs, which can provide additional thermal 

heat for the thermal softening of the feedstock powder and substrate, promoting 

HEAs particle deformation and hence pore-free deposits. 

While this thesis provided Johnson-Cook (J-C) material model data that were used 

for the finite element analysis of the HEA studied, further investigations are required 

to develop other material model data that best predict the impact morphology of the 

HEA. High strain rate (typical of CSAM) material model data for HEA should be 

determined experimentally.  

A coupled Eulerian-Lagrangian (CEL) finite element model for predicting the 

porosity of HEA deposits during CSAM could not be completed in this study; hence, 

further work is required to employ the model to predict the porosity of HEA deposits 

under varying spraying parameters and particle size distributions. A Python script 

for the CEL model was developed during this research project and can be 

implemented in future work.  

In this thesis, the contour method and explicit-implicit finite element technique for 

residual stress measurement and analysis of the CSAM HEA deposit were studied, 

and good agreement was obtained. A set of spraying parameters was studied; 

however, the residual stress was tensile in nature because of the spraying 

parameters employed. Therefore, further investigation is required to optimise the 

spraying process to yield pore-free deposits with beneficial compressive residual 

stresses.  In addition to the contour method, further investigations can employ other 
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methods, such as neutron diffraction, for residual stress measurements of HEA 

deposits. 

10.2 Deposit characterisation and annealing treatment 

In this study, the deposition mechanism of CoCrFeNiMn HEA during CSAM was 

investigated. Although electron backscattered diffraction (EBSD) was employed to 

characterise the microstructure of the HEA, other material characterisation 

techniques such as focused ion beam (FIB) lift-out of the deposit could be performed 

and analysed using transmission electron microscopy (TEM). These techniques can 

be employed to understand microstructural evolution, such as deformation twinning 

and grain refinement of the HEA during CSAM. This would provide useful 

information about the microstructural features of the bonding regions and insights 

into the characteristics of the alloy that can result in its extensive particle 

deformation and pore-free deposit formation. Furthermore, although ex-situ EBSD 

and nanohardness were employed in this thesis, further investigation can employ 

in-situ characterisation of the HEA deposit to understand the influence of the 

deposition mechanism and microstructure of the HEA on the nano-mechanical 

properties of the deposits. 

While this study reported improved microstructure and mechanical properties of 

HEA deposits following post-deposition annealing treatment, more work needs to 

be done to investigate the influence of annealing temperature and time on the 

development of the microstructure, particularly the precipitate formation, volume 

fraction, and nucleation mechanisms in the sprayed particles. EBSD and energy-
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dispersive X-ray spectroscopy (EDX) were employed to investigate the Cr-rich 

precipitates formed in the deposits. Further investigation is required to elucidate the 

detailed formation mechanism of the precipitates and any other precipitates that can 

be formed, depending on the annealing temperature and time. Techniques such as 

TEM and EDX can be employed for such investigations. In this thesis, a small 

volume fraction of Cr-rich precipitates was argued to provide excellent strength 

without loss of ductility. However, an optimised annealing treatment is required for 

better mechanical performance, whereby consolidated microstructures are obtained 

with a small volume fraction of the precipitates. 

Although tensile tests using microflat dogbone samples were performed in this 

thesis, further investigation of the tensile properties of as-sprayed and annealed 

deposits of the CSAM HEA is needed. Few samples could be employed for the 

tensile test in this study; however, to obtain better statistical data for the tensile 

values, more tests need to be performed. Larger tensile test samples can be 

employed for such analyses because of the challenge of testing very small samples. 

Other micro-mechanical tests can be performed to evaluate the mechanical 

performance of CSAM HEA deposits suitable for structural repair and component 

manufacturing in the aerospace sector. 
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