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Abstract 

Laser Powder Bed Fusion (LPBF) is characterised by high design flexibility and no 
tooling requirement. This makes LPBF attractive to many modern manufacturing 
sectors (e.g. aerospace, defence, energy and automotive). Nickel-based superalloys 
are crucial materials in modern engineering and underpin the performance of many 
advanced mechanical systems. Their physical properties (high mechanical integrity 
at high temperature) make them difficult to process via traditional techniques. 
Consequently, manufacture of nickel-based superalloys using LPBF has attracted 
significant attention.   

 

However, components manufactured by LPBF are currently limited by their 
performance for use in critical applications. LPBF materials have microstructural 
defects, such as suboptimal grain size and morphology, and macroscale anomalies, 
such as lack of fusion. This results in LPBF materials performing below their wrought 
counterparts for various mechanical properties, such as creep, which has seldom 
been researched. Consequently, heat treatment of products post additive 
manufacture is now considered hugely important and the development of 
appropriate heat treatment is required to ensure material performance. 
Furthermore, the build time of LPBF can be slower than traditional manufacturing 
processes, especially for higher volumes of parts. Multi-laser machines, which have 
the potential to significantly reduce process time do exist, but there is currently little 
understanding of how interlaced scan strategies impact mechanical properties.  

Therefore, to permit a wider application, a deeper understanding of the mechanical 
behaviour, particularly of creep properties, of LPBF nickel-based superalloys needs 
to be achieved. Hence, the aim of this work is to establish process-structure-property 
relationships for the creep properties of LPBF nickel-based superalloy, to benchmark 
it against wrought equivalents and to provide insights on how to improve the creep 
performance.  

 

To do this, LPBF alloy 718 parts were fabricated using various scan strategies, build 
orientations and both single and multi-laser strategies, before being heat treated and 
creep tested. Results confirmed the necessity for heat treatment, which increased the 
creep life by a factor of 5. The build orientation, and its effect on the grain orientation 
as well as the stress state of the material were shown to be determining factors in the 
creep failure mechanisms. The meander scanning strategy resulted in a 58% increase 
in creep life compared to the stripe strategy, due to the detrimental effects of the 
numerous laser overlapping regions in the stripe strategy. There are numerous 
parameters, such as the fraction area of solidified layer, the fraction of powder 
underneath the layer and the interlayer rotation of the scan strategy that vary for 
each layer and means the layers themselves as well as the samples were 
heterogenous. Despite this, the creep life for any given sample was within 73h 
(i.e.17%) of its repeats, giving confidence in the results.  

 

The results also showed that multi-laser scan strategies have no adverse effects on 
the creep properties of LPBF alloy 718 at different build orientations, demonstrating 
the potential of using multi-laser strategies for faster build rates without 
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compromising the mechanical properties. Indeed, it is shown that for samples built 
vertically (i.e. where the build direction is parallel to the loading direction), multi-
laser samples outperformed their single-laser counterparts and had a similar creep 
life and secondary creep rate to wrought alloy (1% difference). The presence of 
numerous large globular carbides in the wrought alloy 718 were also identified as the 
reason for the material’s curtailed creep life, compared to its LPBF counterpart, 
despite having a similar creep rate. Finally, for a given strategy, a 24% increase in 
creep life compared to wrought alloy 718 was observed. This specimen was explored 
under thermomechanical and thermal exposure conditions for the purpose of 
illustrating textural and microstructural evolution and inform a potential heat 
treatment to improve creep performance.  

The results showed the instability of the LPBF microstructure in terms of grain size, 
precipitate density and crystallographic orientation during creep and thermal 
exposure, proof of the need for an appropriate heat treatment. The texture increased 
throughout creep testing for the wrought and LPBF alloy 718, reaching a maximum 
at the time of fracture. This contrasted with the thermal exposure only, where the 
instability of the LPBF alloy 718 microstructure was evident as the texture increased 
with time before decreasing and almost disappearing at the time of fracture. This 
also highlighted the different roles of the build and loading directions on the texture 
creation and evolution during creep. Finally, an ideal microstructure for improved 
creep performance was identified and recommendations on how to heat treat LPBF 
alloy 718 to reach this microstructure were given.  

 

Overall, this thesis shows that LPBF components can become more performant than 
wrought and conventional equivalents by developing an appropriate heat treatment 
and provides an insight into process-structure-property relationships for the creep 
properties of LPBF alloy 718. The results are promising, despite future work being 
required and this work demonstrates the applicability of using LPBF for critical high 
temperature applications. 
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Nomenclature 

AB – As-Built 

AM – Additive Manufacturing 

BCT – Body Centred Tetragonal 

BD – Build Direction (will be aligned with the Z-axis in figures, unless otherwise 
specified, see Figure 4.1) 

CAD – Computer Aided Design 

DA – Direct Ageing 

EBM – Electron Beam Melting 

EBSD – Electron Back Scatter Diffraction 

EDM – Electrical Discharge Machining 

EDS - Energy Dispersive X-Ray Spectroscopy 

FCC – Face Centred Cubic  

HCP – Hexagonally Closed Packed 

HD – Hatch Distance  

HIP – Hot Isostatic Pressing 
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LCF – Low cycle Fatigue 

LD – Loading Direction 

LPBF – Laser Powder Bed Fusion 

LVDT – Linear Variable Differential Transformer 

OM – Optical Micrography 

PBF – Powder Bed Fusion  

PREP - Plasma Rotated Electrode Process 

SEM – Scanning Electron Microscopy 

ST – Solution treatment 

STA – Solution treatment and Ageing 

TCP - Topologically Close Packed 

TEM – Transmission Electron Microscope 

WEDM – Wire Electrical Discharge Machining  

XCT – X-ray Computed Tomography 

 

 
Figure 4.1: Layout of the build directions and principal planes commonly used when 
highlighting anisotropy in PBF specimens. Noting the orientation of this primitive is 

commonly considered to align with the machine coordinate system. 
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1 Introduction 

Critical engineering applications, such as turbine blades and discs within aero-
engines, require components to operate under extreme conditions [1]. Performance 
of these components is often limited by the mechanical properties of the material 
and by the geometric design of the part being constrained by conventional 
manufacturing methods. AM can be defined as “a process of joining materials to 
make objects from 3D model data, usually layer upon layer, as opposed to subtractive 
manufacturing methodologies” [2]. This technique has drawn significant attention 
due to its flexibility in design and fabrication as well as its potential to modify 
microstructures, and hence properties, through control of process and post-
processing techniques, which may be different to wrought equivalents [1]. AM offers 
a potential solution to these limitations and to widening the design envelope into 
spaces previously unachievable, which can achieve greater part lightweighting and 
efficiency. Powder Bed Fusion (PBF) is a type of AM technology, typically used to 
process metals, which is composed of two sub-processes: LPBF and Electron Beam 
Melting (EBM). Commercially, AM has the potential to save both money and time 
by delivering enhanced functionality with respect to conventional subtractive 
manufacturing techniques [1]. This becomes apparent when highly customised parts 
with high value and low volume are required. Several researchers have previously 
reviewed the potential advantages of AM, as well as its positive impact on society [3]. 
These studies concluded that this process is driving a revolution to manufacturing 
technology.  

 

Nickel-based superalloys are a family of modern aerospace engine materials [4, 5] 
which possess a combination of high-temperature strength, toughness, creep and 
oxidation/corrosion resistance. They have the highest temperature and strength 
combination of all cast and wrought superalloys, which makes them ideal for 
applications requiring creep resistance - which is resistance to deformation over time 
at elevated temperatures. For these reasons, this class of alloys has been widely used 
in components operating in critical environments [6]. These include land-based gas 
turbines, nuclear power plants and chemical containers. A summary of some 
common applications for nickel-based superalloys are reported in Table 1.1. 

 
Table 1.1: Common applications of nickel-based superalloys [7]. This shows the numerous 

areas where additively manufactured nickel-based superalloys could be used. 

Applications Examples Typical alloys 

Aerospace 
Industry 

Aircraft gas turbines: disks, 
combustion chambers, bolts, 
casings, shafts, exhaust 
systems, blades, vanes, burner 
cans, afterburners, thrust 
reversers,  
 
Space vehicles: 
aerodynamically heated skins, 
rocket engine parts 

Inconel 600, Inconel 601, 
Inconel 617, Inconel 625, 
Inconel 706, Inconel 718, 
Inconel 738, Inconel 754, 
Inconel X-750, Nimonic 115, 
Nimonic 75, Nimonic 80, 
Nimonic 90, Rene 41, 
Waspaloy, Hastelloy X 
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Chemical and 
petrochemical 
industries 

bolts, fans, valves, reaction 
vessels, tubing, transfer 
piping, pumps 

Inconel 600, Inconel 625, alloy 
690, alloy 718, Inconel 725, 
Inconel 925, Rene 41, 
Waspaloy 

Pulp and paper 
mills 

tubing, doctor blades, 
bleaching circuit equipment, 
scrubbers 

Hastelloy G, Inconel 600,  
Inconel 671, Inconel 706, 
Inconel 718, Rene 41, 
Waspaloy 

Nuclear power 
systems 

control rod drive mechanisms, 
valve stems, springs, ducting 

Hastelloy G, Inconel 600, 
Inconel 625, Inconel 706, 
Inconel 718, Rene 41, 
Waspaloy 

Marine 
architecture 

ships, submarines Inconel 600, Inconel 625, 
Inconel 718, Rene 41, 
Waspaloy 

Electronic 
Parts 

resistors Inconel 706, Inconel 718, 
Nichrome, Waspaloy  

Steam turbine 
power plants 

bolts, blades, stack gas 
reheaters 

Inconel 706, Inconel X-750 

Metals 
processing 
mills 

ovens, furnace, afterburners, 
exhaust fans 

Inconel 600, Inconel 625, 
Inconel 706, Inconel 718, 
N06008, Nichrome, Rene 41, 
Waspaloy 

Heat-treating 
equipment and 
Metal 
processing 

trays, fixtures, conveyor belts, 
baskets, fans, furnace 
mufflers, hot-work tools and 
dies 

Inconel 600, Inconel 706, 
Nimonic 80, Rene 41, 
Waspaloy, Waspaloy 

Automotive 
industry 

spark plugs, glow plugs (in 
diesel engines), catalytic 
converters, combustion 
systems 
Reciprocating engines: 
turbochargers, exhaust valves, 
hot plugs, valve seat inserts 

Inconel 625, Waspaloy 

Medical 
applications 

dentistry uses, prosthetic 
devices 

Vitallium, Ni-Cr and Ni-Ti 
alloys 

Pollution 
control 
equipment 

scrubbers, flue gas 
desulfurization equipment 
(liners, fans, stack gas 
reheaters, ducting) 

Inconel 718 

Coal 
gasification 
and 
liquefaction 
systems 

heat exchangers, repeaters, 
piping 

Inconel 690 
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The first generation of nickel-based superalloys, designed for high-temperature 
applications in jet engines, included Nimonic 75, developed by Henry Wiggin Ltd, 
UK, in the 1940s [4]. Since then, nickel-based superalloys have been continuously 
produced, studied and used in building turbine blades, turbine discs, seals, rings, and 
other components in gas turbines. Nowadays, there are nearly 1.8 tonnes of nickel-
based superalloys in a typical jet engine. These materials have greatly contributed to 
the increase of the continuous operating life of jet engines to above 20,000 h [8]. 
While coating technologies (e.g. Zirconia based thermal barrier coatings) have also 
served to enhance high temperature performance, the role of the substrate nickel-
based superalloy cannot be overstated. 

 

However, given the characteristic excellent mechanical properties of nickel-based 
superalloys, these parts are difficult to machine with conventional machining 
techniques [9]. As a result, particular attention must be paid to the selection of 
tooling, coolants, and processing parameters, leading to increasing production costs 
[10]. PBF’s ability to manufacture complex geometries may allow the incorporation 
of new and additional functionalities to components, highlighting the potential of 
using AM for critical applications. Figure 1.1 shows the weldability and therefore the 
utility of nickel-based superalloys in fabrications. This is a useful indicator of how 
challenging high integrity AM will be for a given material. Effectively, the process 
window becomes greatly reduced above the broken red line and thus, Inconel 718, 
Inconel 625 and Hastelloy X are some of the more promising alloys for LPBF use. 

 

 
Figure 1.1: ‘Weldability’ diagram for a range of nickel-based superalloys as a function of their 

Ti and Al alloy element composition. Figure from Catchpole-Smith et al. [11]. Weldability is 
considered poor above the dashed line and deteriorates with increasing Ti and Al content. 

This work will inform future research on alloy compositions. 

https://www.sciencedirect.com/topics/engineering/ni-alloy
https://www.sciencedirect.com/topics/engineering/al-alloy
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In the last two decades there has been a dramatic increase in the number of 
publications associated with nickel-based materials in AM, as shown in Figure 1.2. 
This increase in publications shows the interest of the research community for this 
topic.  

 

 
Figure 1.2: Number of publications on AM of nickel-based superalloys (from Scopus 

database) with major milestones [12-18].This shows an increase in publications associated 
with nickel-based materials in AM. 

 

The aerospace industry represents a significant prize for AM machine producers, 
since a significant amount of components have a high part value and are produced 
using high value materials [10]. Indeed, nickel-based aerospace components are 
characterised by complex geometries and low production volumes. Furthermore, 
given the characteristic excellent mechanical properties of nickel-based superalloys, 
designed to work in safety critical applications, these parts are difficult and expensive 
to machine with conventional machining techniques [9, 19-21]. As a result, particular 
attention must be paid to the selection of tooling, coolants, and processing 
parameters, leading to increasing production costs [10]. On the contrary, PBF’s ability 
to manufacture complex geometries allow the incorporation of new and additional 
functionalities to components. Hence, this area is an appropriate way to demonstrate 
the potential of using PBF in conjunction with nickel-based superalloys. 

Work by Yadroitsev et al. [22] demonstrated the capability of LPBF in producing 
complex filters constituted of free-form structures from alloy 625. The parameters of 
the unit cell, or even of individual cells, can be easily modified at the modelling stage 
and optimised for specific applications with features below 1 mm (Figure 1.3). This 
demonstrates an immediate opportunity for AM technologies which cannot be 
achieved through conventional machining methods. 
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Figure 1.3: Inconel 625 filter with placement specific pore orientation and cross-sectional 

area. These samples were manufacture by powder bed fusion, demonstrating the ability of 
powder bed fusion to manufacture highly optimised geometries with features < 1 mm. This is 

an exemplary use of LPBF technology [22]. 

 

A further advance was demonstrated by Bernstein et al. [20], who developed and 
built a prototype turbine blade characterised by a leading edge with inbuilt cooling 
channels obtained via LPBF (Figure 1.4). The measured average cooling hole size 
(0.3945 mm) was slightly smaller than the nominal size (0.5 mm), highlighting 
tolerancing challenges remaining to be conquered in LPBF. The standard deviation 
for these hole diameters was small (0.0206 mm), indicating LPBF has potential as an 
accurate and effective technique to produce these features. Despite some promising 
results, this process cannot yet compete with the feature resolution obtained by laser 
processes or electrical discharge machining (EDM), which are common methods for 
cooling hole introduction. Indeed, Li et al. [23], amongst others, have demonstrated 
that by using a laser or EDM drilling process it is possible to obtain holes with a 
diameter <150 μm. However, common industrial processes for civil aircraft require 
cooling hole diameters in the range 300-500 μm. This is a fundamental technology 
limitation which governs turbine blade and nozzle guide vain thermodynamic 
performance. However, focus on AM research for aerospace applications has so far 
been focused on static components. The reasons behind this becomes evident with 
exploration of the mechanical properties exhibited by AM materials, a topic explored 
in more detail later in this review. 

 

 
Figure 1.4: Example of novel cooling channels in a leading edge. a) the overview. b) 

Computer Aided Design model of the internal structure of the cooling channels [20]. The 
average measured cooling hole size (0.39 mm) was slightly smaller than the nominal size (0.5 

mm), highlighting tolerancing challenges still to be conquered in LPBF. 

 



  Introduction 

34  Salomé Sanchez 
 

Since LPBF has shown promising initial results in realising complex structures in 
aero-engine components, more and more companies are expressing intentions to 
invest in this technology. A review of metal AM use in the commercial aviation 
industry was written by Gisario et al. [24] and a review of the material characteristics 
of AM alloy 718 for high temperature applications was written by Yong et al. [25]. As 
an example, NASA  has tested some LPBF built rocket injectors, demonstrating that 
these parts can withstand heat and pressures generated during space rocket launches 
[26]. MTU Aero Engines also announced that the borescope bosses for their 
PurePower PW1100G-JM engines will now be produced using LPBF [27]. Further, the 
Netherlands Aerospace Centre together with the University of Twente developed a 
novel micro-pump assembly for space application, composed of no moving parts, 
such as hydraulic valves [28]. The manufacture of this micropump was only possible 
using LPBF, due to the complex internal features which could not be obtained by 
other means. GE Aviation played a fundamental role in the introduction of AM to 
the aerospace industry, through the acquisition of both SLM Solutions and Arcam, 
two major AM companies specialising in LPBF and EBM, respectively. As a proof of 
principle, GE Aviation built a working miniature version of a jet engine using entirely 
LPBF [29]. Even though the scale was far smaller than commercial engines, this 
prototype was able to reach 33,000 RPM in functional testing and marks a significant 
step towards a more widespread use of LPBF in aero-engine manufacturing. They 
also created a sensor housing using only LPBF, which made it the first 3D printed 
part to be approved for use by the FAA [30]. Other demonstrators, such as turbine 
blades, were printed using EBM Inconel 738LC and were  assembled onto a disk for 
spin pit testing to validate the mechanical integrity and design of the blades [31]. 

 

In summary, AM is a promising technique for the manufacture of nickel-based 
components. However, the knowledge gaps, which currently restrain LPBF from 
wider scale exploitation, remain significant. Failure to fully understand the 
microstructural and functional response of AM nickel-based superalloys will severely 
limit the applications for this technology/material combination. As such, we must 
obtain a fundamental understanding of the origin of defects in both material and 
process. 

 

Indeed, components manufactured by LPBF are currently limited by their 
performance for use in critical applications. LPBF materials have microstructural 
defects, such as suboptimal grain size and morphology, and macroscale anomalies, 
such as lack of fusion. This results in LPBF materials performing below their wrought 
counterparts for various mechanical properties, such as creep. Creep is one of the 
leading causes of failure in high temperature, high stress components such as turbine 
blades. Creep resistance is therefore essential for such critical engineering 
components but the lack of understanding of the creep behaviour of LPBF nickel-
based superalloys means there is a need and scope for further analyses and 
improvements. From the various nickel-based superalloys, alloy 718 has excellent 
creep resistance and one of the best LPBF manufacturability. This material is thus an 
excellent candidate to investigate the creep behaviour of LPBF nickel-based 
superalloys. 
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Figure 1.5. This is due to alloy 718’s LPBF manufacturability (Figure 1.1) as well as its 
excellent mechanical integrity at high temperatures. Therefore, this work will focus 
on alloy 718. 

 
Figure 1.5: Pie chart showing the nickel-based superalloys studied in powder bed fusion 

research to date, from 290 studies (IN = Inconel). Inconel 718 and Inconel 625 are the most 
studied alloys given their level of usage primarily in the aerospace markets where there are 

immediate opportunities for aerospace. 

 

Figure 1.6 shows the mechanical properties of PBF nickel-based superalloys studied 
to date. At the current stage, studies have mainly focused on tensile and hardness 
performance and less on shear, toughness, fatigue and creep properties.  

 

 

Figure 1.6: Pie chart summarising the mechanical properties investigated in PBF nickel-
based superalloys research, across 290 papers. Almost half of the studies investigated 

tensile properties, while a third studied hardness properties. Other properties, especially 
shear and toughness, have been the subject of limited studies. 

 

It is clear that there has been a limited number of studies on the creep behaviour of 
LPBF alloy 718, compared to other mechanical properties like tensile and hardness 
[32]. These studies have investigated the effects of some LPBF process parameters 
(build orientation [33] and scan strategy [34]) and some post-processing techniques 
(thermal treatment and machining [35]) on creep properties. There is a need for a 
deeper understanding to be reached, to establish process-structure-property 
relationships. Furthermore, the build time of LPBF can be slower than traditional 
manufacturing processes, especially for higher volumes of parts. Multi-laser 
machines have the potential to significantly reduce process time, but the process is 
currently poorly understood, particularly the impact of the interlaced scan strategies 
upon mechanical properties. Being able to reduce build time would make LPBF even 
more appealing to industry. Thus, the effect of multi-laser strategies should also be 
investigated. Additionally, research on developing appropriate heat treatments for 
LPBF materials is currently being undertaken as the standard heat treatments, 
designed for wrought and cast superalloys, lead to suboptimal microstructures. 
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However, to develop a LPBF specific heat treatment, an understanding of the 
microstructure and how it evolves during mechanical performance is required. 

 

Overall, using LPBF to manufacture performant nickel-based superalloy components 
for critical engineering applications could result in significant increases in system 
efficiency and reduce material waste. However, the current lack of understanding of 
process-microstructure relationships and the resulting mechanical properties makes 
LPBF currently unsuitable for such applications. Furthermore, at the time of writing, 
there are no LPBF specific heat treatment standards, which leads to suboptimal LPBF 
microstructures and hence, mechanical properties. The aerospace industry 
represents a significant prize for LPBF as the parts in aero engines, such as turbine 
blades, which operate under high temperature and high stress conditions, have 
complex designs, low production volumes and utilise nickel-based superalloys. Creep 
is one of the main causes of failure of turbine blades and is also one of the properties 
least investigated by the AM research community. Thus, there are opportunities to 
establish process-structure-property relationships and appropriate post-processing 
techniques, such as heat treatments, to understand and improve creep properties. 
There are challenges in terms of isolating and understanding the individual effects 
of the various LPBF process parameters and to understand the behaviour of LPBF 
nickel-based superalloy under creep.  

 

Therefore, the overall aim of this work is to establish process-structure-property 

relationships for the creep properties of LPBF alloy 718, to benchmark it against 

wrought alloy 718 and to provide insights to improve creep performance in LPBF 

materials. To accomplish this aim, the research will focus on the following 

objectives: 

1. Understanding the effects of LPBF process parameters – build orientation, 
scan strategies, the use of multi-lasers – on the resulting microstructure of 
alloy 718. 

2. Performing creep tests using appropriate loading conditions and 
benchmarking the performance of LPBF alloy 718 to its wrought counterpart. 

3. Analysing the effects of LPBF process parameters on the creep behaviour of 
LPBF alloy 718. 

4. Analysing the effects of heat treatment on the microstructure and creep 
behaviour of LPBF alloy 718. 

5. Recommending a desired microstructure and heat treatment to improve 
creep performance by investigating the microstructure evolution during 
creep of LPBF alloy 718. 

 

Fulfilling these objectives will result in an enhanced understanding of process-
structure-property relationships, which will aid the development of future process 
parameters and thermal treatments to improve creep performance of LPBF alloy 718. 
This will increase the appeal of using AM for critical engineering applications. 

 

To achieve these aims and objectives, LPBF alloy specimens will be built using 
different build orientations and scan strategies. Some specimens will be heat treated, 
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while others will remain as built, and all specimens will be creep tested before being 
analysed using electron microscopy and fractography. Interrupted creep tests will 
also be conducted to observe the evolution of LPBF specimens during creep before 
an appropriate heat treatment is suggested. Overall, this work will lead to a 
significant advance in knowledge regarding the creep behaviour of LPBF alloy 718 
and how it can be improved through process parameters and heat treatments. 

 

The following sections will provide a review of the literature which will highlight the 
current knowledge on the topic, then present the experimental methods used to 
carry out the work (Chapter 3) before going to the results and discussion. Chapter 0 
will present the microstructure of the LPBF alloy 718 specimens and the effects of the 
heat treatment and process parameters will be discussed. Chapter 5 will focus on the 
creep performance of the materials and how process parameters and heat treatment 
affect creep properties. Chapter 6 will then investigate the microstructural evolution 
of the best performing creep specimen to deepen the understanding of the effect of 
LPBF microstructure on the creep properties and inform a beneficial heat treatment. 
Lastly, conclusions and recommended future work will be presented in the final 
chapter.  
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2 Literature review 

The following sections of this literature review will provide a review of PBF processes, 
nickel-based superalloys (specifically alloy 718) and mechanical properties of LPBF 
alloy 718, with a focus on creep. The findings will then be summarised and used to 
justify the aims and objectives of this project. 

 

2.1 Powder bed fusion  

PBF is one of the most common AM techniques for metal part fabrication. LPBF and 
EBM processes and microstructures will now be explored.  

 

2.1.1 Process 

The PBF process consists of two stages: firstly, the powder is spread uniformly on the 
working area, then an energy source (a laser beam for LPBF and an electron beam 
for EBM) selectively melts the powder bed according to a 3D model and hence build 
the final component [36]. The two main differences between these fabrication 
methods are their power sources and power transmission systems. Two diagrams 
representing typical LPBF and EBM systems are presented in Figure 2.1 [37]. Both 
methods have been reviewed previously and Table 2.1 summarises the relevant 
differences between the two systems [36-38]. PBF can be used to process a variety of 
materials, ranging from metals to ceramics, for many applications, such as aerospace, 
biomedical and automotive.  

 

 
Figure 2.1:  Diagram of the two main PBF processes.  a) LPBF. b) EBM. The two main 
differences, power sources and power transmission systems, are visible. After [37]. 

 

 

 

a) b)



  Literature review 

40  Salomé Sanchez 
 

Table 2.1: The major differences between LPBF and EBM. This provides an insight into 
process characteristics [36-38]. 

Aspects LPBF EBM 
Power source Laser Electron beam 

Power range 20 W ~ 1 kW 
Several kW, much higher 
than the laser power 

Energy beam 
spot size 

50 μm ~ 180 μm 50 μm ~ 200 μm 

Power 
transmission 
system 

High-frequency scanning 
mirrors 

Electromagnetic lenses and 
magnetic scan coil 

Scan speed 
range 

Up to 15 m/s Up to 10 m/s 

Powder bed 
thickness 
range 

20 μm ~ 100 μm 50 μm ~ 200 μm 

Powder bed 
temperature 
range 

Significant substrate heating is 
not usual but can range from 
20℃ [39] to 975℃ [40] 

Can be very high, slightly 
below the materials’ melting 
temperature 

Build chamber 
condition 

Normally filled with protective 
gases, with an oxygen content 
less than 0.1% 

Vacuum, <102 Pa 

 

2.1.2 Microstructure 

Typical PBF microstructures have specific process defects. Reviews on these defects 
and how process parameters affect them have been presented by Malekipour et al. 
[41] and Grasso et al. [17]. Figure 2.2 shows some of the typical defects in PBF 
processes. For more details, the reader is referred to the papers aforementioned. 

 
Figure 2.2: Summary of defects present in PBF processes. This can serve as reference for 

commonly used terminology by practitioners [41]. 

 

Figure 2.3 presents an overview of the microstructures observed in as-built (AB) LPBF 
alloy 718 specimens [42]. The morphology of melt pools can be clearly observed in 
the plane parallel to the build direction (Figure 2.3a), while the laser scan tracks are 
recognisable in the  plane perpendicular to the build direction (Figure 2.3b) [42]. 
Figure 2.4 shows an Electron BackScatter Diffraction (EBSD) image with individual 
laser scan tracks with a width of ~75 μm on the plane perpendicular to the build 
direction [43]. AB samples have a strong <100> crystallographic texture in the build 
direction [44]. Small equiaxed grains with an average size of 10 μm can be recognized 
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at the track the overlapping regions between the tracks [43]. These microstructural 
differences in the two directions are responsible for the mechanical anisotropy of 
PBF nickel-based superalloys components, which represents a tremendous challenge 
to researchers. 

 

 
Figure 2.3: Images of as-built LPBF Inconel 718 specimens.  a) Side view. b) Top view. c) The 
melt pool boundaries between layers. d) The melt pool boundaries between adjacent tracks 
from the side. The arrow in a) indicates the build direction (BD) and the circle in b) indicates 
the plane is perpendicular to the build direction. Melt pools in a) and laser scan tracks in b) 
are clearly visible. The yellow arrows in c) and d) represent the dendrite growth direction. 

They follow the build direction in c) and have no preferred direction in d) [42]. These images 
illustrate the particular anisotropic microstructure resulting from the PBF processes. 

 
Figure 2.4: EBSD maps of an as-built LPBF Inconel 718 specimen [43]. This shows the 

dominant direction of grain growth and strong <100> crystallographic texture in the build 
direction, which is characteristic of PBF processes. Individual laser scan tracks with small 

equiaxed grains track the overlapping regions can also be seen in the XY plane 
(perpendicular to the building direction). 
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The dendritic growth directions (yellow arrows in Figure 2.3c) follow the build 
direction (z). However, the growth of dendrites on both sides of the track interfaces 
does not show any preferential direction (Figure 2.3d) [42]. In contrast, another study 
found that the newly-formed crystals grow into cellular dendrites in a direction 
which is either parallel to the original direction or rotated by 90° [45]. This allows 
the grains to interpenetrate from one layer to another. Chlebus et al. [46] 
investigated the features in the dendritic (Figure 2.5a) and interdendritic (Figure 
2.5b) regions of AB LPBF alloy 718 specimens. The fast heating and cooling cycles 
produced during PBF, results in small interdendritic regions (in the range of nm). 
Microsegregation of some alloying elements, such as Nb, Mo and C, are also 
produced during the dendrite formation, because of the rapid cooling rate. Some 
chemical composition inhomogeneities can be observed in Figure 2.5a, indicated by 
arrow 2 [46]. This segregation promotes the formation of NbC carbides and Laves 
phase in the interdendritic region, as shown in Figure 2.5b [46]. 

 

 
Figure 2.5: Typical examples of SEM images of phenomena in AM nickel-based superalloys. 
a) An overview of the interface between adjacent layers. b) The interdendritic region. Mark 1 

indicates the layer-layer melt pool boundary, 2 indicates the dendritic cell tips, 3 and 4 
highlight some γ + Laves phase eutectic, 5 points a MC carbide  [47]. These features are 

caused by the rapid heating and cooling during the LPBF process. 

 

EBM specimens show slightly different microstructures compared to the LPBF 
equivalents. Kirka et al. [48] analysed the microstructure and chemical compositions 
of EBM alloy 718 specimens. Different phases were identified using Energy Dispersive 
X-Ray Spectroscopy (EDS), their chemical compositions are reported in Table 2.2. 
The micrographs of AB EBM specimens Figure 2.6 show that EBM specimens have a 
lower dislocation density than LPBF materials, Laves phase and MC carbides in AB 
state, and large disk-shaped γ’’ particles (average size of 80 nm).  
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Figure 2.6: As-built EBM Inconel 718 microstructure and EDS results (quantified in Table 2.2) 
[48]. This shows that Laves phases and MC carbides are present in the as-built state, as well 

as large disk-shaped γ’’ particles. 

 
Table 2.2: Chemical composition of phases marked in Figure 2.6 (wt %) [48]. This provides 
further proof of the present of Laves phase and MC carbides in the as-built state of EBM 

Inconel 718. 

Items Phase Ni Nb Ti Fe Cr Mo Si C 
1 MC Carbide 0.43 89.91 6.01 0.15 0.62 - - 2.73 
2 Laves phase 42.20 22.87 0.11 13.54 11.24 9.53 0.5 - 
3 MC Carbide 0.4 90.38 6.31 0.17 0.7 0.71 - 0.99 
4 Laves phase 38.8 28.55 0.23 11.70 9.40 11.19 0.77 - 
5 γ matrix 56.19 4.14 0.68 18.99 15.91 3.80 0.04 - 

 

Sames et al. [49] observed a variation in microstructure along the build direction of 
the AB EBM alloy 718 specimens (Figure 2.7). The needle-shaped δ particles at the 
top were much coarser than those at the bottom. Additionally, the material in this 
area showed a greater contrast upon etching, indicating a more severe secondary 
element segregation. Deng et al. [50] provided more detailed information about the 
precipitate morphologies as well as the microstructural variations occurring during 
EBM of alloy 718. All these results indicated that thermal cycling varied during the 
build, influenced by the number of layers already deposited. Hence localised heat 
treatments (HT) are a common phenomenon in PBF and should be considered in-
process optimisation. 
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Figure 2.7: SEM micrographs of an as-built EBM Inconel 718 sample. a) The top of the sample 

(few thermal cycles). b) The bottom of the sample (many thermal cycles) [49]. This shows a 
variation in microstructure along the build direction, particularly regarding δ particles which 

are coarser at the top a). 

 

Polonsky et al. [51] studied the presence and morphology of fusion defects in EBM 
alloy 718 specimens. Columnar grains, with a primary aspect ratio smaller than 0.2 
and oriented in the build direction, were found to surround the defects on the XY 
plane (Figure 2.8a). Instead, the regions above the defects had small equiaxed grains 
with almost no discernible texture. This shows that defects drive the recrystallisation 
phenomena and influence the resulting microstructure.  

 

 
Figure 2.8: EBSD data of grains surrounding a defect. a) The columnar grains surrounding 

the fusion defect. b) The equiaxed grains above the defect [51]. This shows that defects also 
affect the build process and resulting microstructural morphology in PBF processes. 
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Table 2.3 summarises the commonly observed differences in microstructure between 
LPBF and EBM and Figure 2.9 illustrates some of these differences. 

 
Table 2.3: Summary of common microstructural differences between LPBF and EBM 

material. The reader is advised to use this with caution as process technology evolves. This 
table is intended as a broad guide only and observations will vary between process 

configurations. 

Characteristics LPBF EBM 

Porosity Both have similar densities in AB or post-processed conditions 
(~99.9 % with appropriate processing parameters) 

Grain 
morphology 

Elongated grain parallel to the 
build direction with ill-defined 
grain boundaries and very fine 
columnar cellular structures at 
higher magnifications.  

Some equiaxed grain 
formation perpendicular to 
the build direction which can 
be recognized at overlapping 
regions between tracks. 

More columnar grain 
formation than LPBF parallel 
to the build direction. 

Perpendicular to the build 
direction, grains have a more 
uniform and equiaxed pattern.  

 

 

Precipitates Microsegregation of some 
alloying elements (e.g. Nb, Mo 
and C) promotes the formation 
of NbC carbides and Laves 
phase in the interdendritic 
region and precipitates on the 
grain boundaries. 

Laves and MC carbides 
present in AB condition. Disk-
shaped γ’’ particles, much 
larger than those found in 
LPBF, exhibit a directional 
growth parallel to the build 
direction. Microstructural 
variation along the build 
direction is also present (with 
δ precipitates much coarser at 
the top than near the 
substrate). 

Texture AB samples have a strong 
<100> crystallographic 
texture in the build direction. 

Texture in the <100> planes 
along the build direction.   

 

The majority of PBF research has focused on LPBF. EBM microstructures are slightly 
more anisotropic than LPBF counterparts – more columnar grains and variations in 
microstructure with the build height – and therefore, LPBF was selected for this 
project. The fact that this method has also been more researched will allow more 
comparisons to literature, resulting in a better understanding of mechanical 
behaviour of nickel-based superalloys. 
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Figure 2.9: Microstructural cubes of hot isostatically pressed Inconel 625. a) Processed by 
EBM. b) Processed by LPBF. Showing the differences in microstructure produced by the 

different processes [52], such as grain morphology and size. 

 

Compared to conventional manufacturing, the AM layer-by-layer approach can lead 
to residual stresses that are both directionally and spatially heterogeneous [53]. 
Indeed, residual stresses are usually accumulated in PBF parts because of the rapid 
heating and cooling which results in high dislocation density and acts as strain 
hardening [54-56]. Usually the first portion of the part to cool is left with compressive 
residual stress whereas the last portion to cool is left with a tensile residual stress 
[57]. So PBF materials are usually leftover with a tensile residual stress on the top 
surface of the build. Unfortunately, tensile residual stresses are detrimental to creep 
and fatigue performance. The most common way to counteract PBF induced residual 
stresses is through post-processing [55]. Thermal treatments can reduce or eliminate 
residual stresses while other treatments, such as shot peening, induce a compressive 
residual stress on the surface of the material, which is beneficial for mechanical 
properties, such as fatigue [57]. However, residual stresses can also be reduced 
through the use of appropriate process parameters. Indeed, studies have found that  
base plate heating, beam/laser power and scan speed are some of the key parameters 
affecting residual stresses [55].  

 

Since powder fusion and recrystallisation of the melt pool are the central 
phenomenon in PBF, different building parameters and post-processing techniques 
will lead to different characteristics, which can be quantified using the different 
methods. Exploration of these in more detail is a key concern. 

 

2.2 Alloy 718 

This section will highlight the characteristics of nickel-based superalloys, specifically 
of alloy 718, why they are appropriate for PBF use and examples of their applications, 
particularly in the aerospace sector. For further information on materials science and 
nickel-based superalloys, the reader is referred to these textbooks: [58-61]. 

 

Alloy 718, like other alloys has multiple phases which are responsible for the 

material’s different properties. The microstructure of superalloys is very complex. It 
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contains a large number of dispersed intermetallics and other phases that modify the 

alloy’s behaviour by their composition, morphology and location [62]. Alloy 718’s 

main phase is the γ-phase – NiCr Face Centred Cubic (FCC) solid solution – which 

contains multiple secondary phases. These include: 

• γ’ → Ni3(Al, Ti) FCC strengthening phase [62];  

• γ’’ → Ni3Nb Body Centred Tetragonal (BCT) strengthening phase [62];  

• δ phase → Ni3Nb orthorhombic needle-shaped precipitate [62];  

• Laves phase → (Ni, Fe, Cr)2 (Nb, Mo, Ti) Hexagonally Closed Packed (HCP) 

brittle intermetallic phase [63]; 

• Carbides → square or spherical particles rich in Ti and Nb [64, 65]; 

• Topologically Close Packed (TCP) phase → undesirable σ phase which has a 

hexagonal symmetry 

• Other phases → borides, nitrides, sulfocarbides 

 

The size, morphology and type of these phases evolve with time and temperature. 

Figure 2.10 shows the transformation of the different phases of alloy 718 with time 

and temperature.  

 

 
Figure 2.10: Transformation-time-temperature diagram of alloy 718 [66]. Copyright American 

Welding Society, 1986. 

 

From the phases aforementioned, γ’’ is the main strengthening phase of alloy 718. 

This phase mainly controls the tensile, fatigue [67] and creep properties of the alloy. 

Indeed, Chaturvedi et al. [68] have observed that the steady state creep rate 

decreased with an increase in γ’’ precipitates, up until an optimum precipitate size. 

This study also observed an increase in room temperature tensile strength with the 

increase of γ’’ precipitate size [68]. It is therefore clear that γ’’ is a key strengthening 

phase in alloy 718 and responsible for its excellent mechanical properties. However,  

above 650℃, γ’’ transforms into δ phase, which has the same elemental composition. 

This transformation has a significant impact on the mechanical properties of the 
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alloy 718 as studies have observed  a rapid decrease in strength [62], an increase in 

creep damage [69] and a reduction in elongation at fracture [70]. Thus, in theory, the 

fewer the number of δ-precipitates, the higher the number of γ’’ precipitates which 

results in better mechanical performance. Therefore, the dynamics between γ’’ and δ 

phase are key to alloy 718 properties, especially for creep. 

 

Material microstructure, and hence, mechanical properties, in superalloys are highly 

dependent on the manufacturing method [62]. For example, wrought nickel 

superalloys are used when high toughness is needed, while cast nickel superalloys - 

which have a relatively large grain size (ASTM 0 or greater) - are used for high 

strength and creep resistance in high temperature applications [62]. Despite this, the 

industry standard is wrought alloy and so wrought alloy 718 will be used to 

benchmark the performance of the LPBF alloy 718 in this project.  

2.2.1 Process parameters driven phenomena 

LPBF process parameters naturally affect the print quality and the resulting 
microstructure. The use of optimised process parameters can suppress the formation 
of voids and build defects, such as micro-cracks [71-73]. Review papers on the 
process-microstructure relationship for LPBF of metallic materials have been 
presented previously [74-76] and Kumara et al. [77] also investigated phase 
transformations of PBF alloy 718. An overview of the different effects of build 
parameters on PBF of nickel-based superalloys microstructure is given below. 

 

Powder characteristics driving build quality 

Powder quality plays a key role in determining LPBF components’ final quality. 
Powders can be rotary, gas or water atomised and exhibit different morphologies, 
particle size distributions, flowability, surface roughness and chemical composition. 
These can vary from supplier to supplier [78]. Sutton et al. [79] reviewed the most 
commonly used powder characterisation techniques, paying attention to the impact 
of powder quality on final material properties. A similar review by Tan et al. [80] also 
focused on powder characterisation techniques, with a particular emphasis on 
powder granulometry. This was identified as a key method to ensure a high 
performance of the feedstock, leading to high quality and, importantly, dense parts.  

Studies have found that chemical composition had the strongest impact on the 
microstructure, as higher content of certain elements resulted in the precipitation of 
detrimental elements and prevented recrystallisation during heat treatment, which 
decreased mechanical performance, particularly fatigue [78]. Another work found 
that the segregation of alloying elements in LPBF Hastelloy X during solidification 
resulted in variations in composition which caused cracking in the build direction 
[81]. By investigating four powders with different contents of various alloying 
elements, Mancisidor et al. [81] achieved a defect free material.  

 

The recyclability of nickel-based powders has been studied by several researchers 
[82-85]. These generally observed that, as long as the recycled powder is well sieved 
and stored, little or no difference in properties was found between the specimens 
manufactured using recycled and fresh powder over ~10 build cycles. However, it was 
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found that the presence of minor alloying elements in the metal powder, can 
influence the crack formation mechanism in PBF specimens [86]. 

 

Sames et al. [87] evaluated the properties of components manufactured using 
powders obtained from various production methods, namely gas atomiser, rotary 
atomiser, and plasma rotated electrode process (PREP). From the SEM observations, 
PREP powder showed a smoother surface and almost no internal trapped gas, 
compared to the others (Figure 2.11a-c). These voids in the starting powder particles 
may lead to increased porosity in the final PBF part, which is the case for the powders 
obtained with the first two methods (Figure 2.11d,e). 

 

 
Figure 2.11: Powders and corresponding laser powder bed fused specimens [87]. a) Gas 
atomized powder at 100 μm scale. b) Rotary atomized powder at 100 μm scale. c) Plasma 
rotated electrode processed powder at 100 μm scale. d) Gas atomized powder at 200 μm 

scale.  e) Rotary atomized powder at 200 μm scale.  f) Plasma rotated electrode processed 
powder at 200 μm scale. The plasma rotated electrode processed powder showed a 

smoother surface and almost no internal trapped gas, compared to the others, illustrating 
the importance and effect of powder types on the resulting microstructure of PBF materials. 

Another study compared powder atomisation methods and found that LPBF parts 
made using water atomised powder resulted in higher sample porosity than gas 
atomised powder. This was thought to be caused by the more irregular morphology 
of water atomised powder and hence better packing density but this observation is 
far from conclusive [88]. However, there are still  limitations to gas atomised powder, 
such as hollow and/or satellite balls [89]. It was also found that the laser absorption 
rate can be increased by increasing the surface roughness of powder particles [89]. 

 

In terms of particle size, work has found that the presence of powder particles smaller 
than 10 μm resulted in severe agglomeration and impeded LPBF process through 
spreading problems [90]. Additionally, a method of rapidly characterising powders 
(morphology, flowability and size distribution) was developed in order to evaluate 
the influence of different alloy compositions on LPBF processability [91].  

 

It is evident that many parameters combine to define powder quality, which in turn 
affects the LPBF process and the resulting mechanical properties. Hence, it is 
essential to understand and control powder quality to produce adequate parts. 
Therefore, the role of the powder is critical in determining both the interaction with 
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the incident energy beam but also in assuring spread-ability upon the powder bed. 
Furthermore, the recyclability of powder and its effects on mechanical properties and 
in-situ alloying [92, 93] are emerging topics and should be investigated. There is 
significant opportunity to explore this space further as in many cases the economic 
viability of PBF processes is driven by new powder cost but also how easily it may be 
recycled. 

 

Controlling the build environment  

A review of the build environment in PBF was written by Poorganji et al. [94]. PBF 
build chambers usually operate under vacuum or an inert gas (e.g. Argon or 
Nitrogen) in order to avoid oxidation of the part and powder. Traore et al. [95] 
researched the influence of gas atmosphere on nickel-based superalloys. However, 
despite processing in an Argon atmosphere with <0.2%, oxidation may still occur, 
resulting in oxide inclusions in built parts and oxide spatter particles, which were in 
the size range to be recycled [96]. Zhao et al. [97] investigated the role of the build 
environment on melt pool dynamics in EBM and LPBF.  The LPBF build 
environment, which has high atmospheric pressure and multiple laser reflections, is 
the source of more build quality issues, such as vapor recoil pressure on the melt 
surface, than the EBM build environment. Furthermore, an investigation was 
conducted on the differences in surface morphology and composition during 
multicycle EBM with alloy 718 powder reuse and there was a significant change after 
exposing the powder to the build chamber environment [98]. A study confirmed 
Al2O3 particles were formed in alloy 718 alloys during PBF, which act as nucleation 
sites for the precipitation of Nb/Ti carbides, leading to the formation of unique core-
shell composites with Al2O3 in the centre and Ti/Nb at the periphery [99]. 

 

Energy beam driven phenomenon  

Laser parameters, such as the laser power, scan speed, hatch distance and scan 
strategy, are some of the main factors influencing PBF microstructures. ‘Stripe’, 
‘Meander’, ‘Total fill’ and ‘Chessboard’ (also known as ‘Island’) strategies are some of 
the main scan strategies used in LPBF currently (Figure 2.12). Different and 
customised strategies, including multi-laser [100], residual heat factor [101] and ‘unit-
cell’ strategies [102], are also being developed in order to obtain and control 
microstructural characteristics, such as grain morphology, density, defects, cracking, 
and surface quality.  
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Figure 2.12: Typical scan strategies as demonstrated in the Renishaw ‘QuantAM’ material 

editor. These result in markedly different microstructures and mechanical properties. 

 

In a study on EBM by Helmer et al. [103], the area energy density E [J mm-2] was used 
as a comparison parameter to evaluate the overall effects of laser power P [W], scan 
speed v [m s-1] and hatch distance h [μm] on grain morphology. To allow a 
comparison, the energy density applied to two specimens was similar, respectively 
1.8 J mm-2 for the first and 1.9 J mm-2 for the second specimen [94]. As expected, 
different values of scan speed and hatch distance produced two clearly distinct grain 
morphologies, as shown in Figure 2.13. Additionally, in another study by Karimi et al. 
[104], it was found that the electron beam focus offset also directly affected the grain 
morphology. Fernandez-Zelaia et al. [105] also showed that the morphology and 
texture of the mesoscale can be controlled by the melting sequence. Similar results 
were found for LPBF processes [106]. Indeed, in a LPBF study, using a flat top laser 
beam changed grain morphology to a wide and planar geometry with a 150% increase 
in grain size, compared to 200 W Gaussian beam [107]. Sow et al. [108] also compared 
a 80 μm diameter Gaussian laser spot and a 500 μm diameter top-hat laser beam and 
found that the 500 μm diameter top-hat laser beam increased productivity, 
suppressed spatter and produced fully dense alloy 625 parts. 
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Figure 2.13: EBSD maps of EBM specimens manufactured with different parameters. a) 

Parameters: E1= 1.8 Jmm-2, v=2.2 ms-1, h=150 μm. b) Parameters: E2=1.9 Jmm-2, v=8.8 ms-1, h= 
37.5 μm [103]. Varying process parameters result in different microstructures and textures. 

 

Figure 2.14 compared the features of two LPBF alloy 718 specimens, produced with 
different laser power (250 W and 950 W) [109]. The shape and size of melt pools can 
be easily recognised in the OM, highlighting a clear influence of the laser power. 
Indeed, lower power generates smaller melt pools and results in a reduced heat 
treatment of underlying layers. This, combined with a consequent faster 
solidification, leads to smaller grains. For LPBF alloy 738LC, using higher laser power 
increased the depth of keyholes, causing instability and increasing pore formation 
due to the periodic collapse of the keyholes [110]. Furthermore, laser volume energy 
density was found to be the main parameter affecting cracking and porosity. For 
example,  increasing the laser volume energy density resulted in an increase in 
number and size of cracks in the SRR99 nickel-based superalloy [111] and minimal 
solidification cracking was observed in alloy 738LC with narrow melt pools with a 
strong melt pool overlap [111]. In LPBF René 104 superalloy was built with 3 different 
strategies (meander, stripe, chessboard) and these were found to have a significant 
effect on cracking and relative density [110]. The scan strategies with more partitions 
were shown to increase the emergence of cracks while the overlapping zone 
increased the size, number and frequency of cracks [110]. Likewise, residual stresses 
were shown to be caused by scan-strategy induced microstructure [112] and it was 
found that a more uniform scan strategy resulted in lower residual stresses [113]. 
Marchese et al. [114] also confirmed that high thermal residual stresses resulted in 
hot cracks during LPBF of Hastelloy X. 

 

 
Figure 2.14: Optical micrographs of etched LPBF Inconel 718 specimens manufactured with 

varying laser power [109].  a) Power = 250 W. b) Power = 950 W. The melt pools across layers 
can be clearly observed and show that a difference in laser power can significantly affect the 

melt pool shape. 
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Part density is also influenced by the laser parameters. Indeed, a study found that 
the relationship between density and laser input energy during LPBF of GH3536 was 
found to comply with a quadratic function and presented an inverted U-shaped 
distribution [113]. Furthermore, results showed that in a given scanning strategy, the 
density decreased as the scanning speed increased  for a fixed energy density [115].  

Insufficient laser overlap (large hatch spacing) can deteriorate the surface of 
materials [116]. Indeed, the laser energy input improved density and surface quality 
of Ni-Cr-B-Si, with a fine grain microstructure and strengthening precipitates [117]. 
Attard et al. [118] investigated these effects and produced a controlled functionally 
graded microstructure by varying the process parameters. 

 

It is apparent that the combination of scan strategies, laser power and other process 
parameters affect the microstructure and final mechanical properties of PBF 
components. In order to optimise PBF process parameters, some researchers are 
using the Taguchi regression method [119, 120] and Artificial Neural Networks [121]. 
Even with optimised process parameters, it is still necessary to post-process LPBF 
parts. 

 

2.2.2 Post-processing for component performance 

Given the microstructural anisotropy and the defects generated during 
manufacturing, post-processing is necessary to improve the properties of most AB 
LPBF components. Post-processing, which includes thermal treatments, surface 
treatments and machining processes, is a prime method to create more favourable 
microstructures.  The purpose of post-processing is to enhance both the form and 
integrity of the bulk and surface of a component to elevate performance 
characteristics. While the intent in all AM processes is to create a component within 
a single step, it is inevitable that, where shortfalls are apparent, additional measures 
must be taken. This is not entirely inconsistent with established manufacturing 
routes. For example, it is a common activity in modern manufacturing to machine a 
casting. However, in the case of AM where subsequent processing is required the 
business and design case for this technology will be undermined. Hence, while often 
currently essential, the research community must endeavour to achieve close 
geometrical tolerance and material condition in-process as possible. However, Lim 
et al. [122] wrote a review on reducing residual stress in metal PBF parts  which 
informs us that while stresses may be substantially reduced by process optimisation 
they cannot be removed entirely within the PBF process itself. 

 

2.2.2.1 Heat treatments for enhancing mechanical properties 

In industry, almost all functional AM parts in mission critical applications are post-
processed using heat treatment. Heat treatment allows the modification of the 
microstructure through controlled heating and cooling of materials. By modifying 
the microstructure, materials can obtain enhanced mechanical properties. Indeed, 
performance of AB material is poor because of surface integrity defects and 
unfavourable microstructural formation [64] with secondary phases such as Laves 
phases that embrittle grain boundaries and are detrimental for mechanical 
properties [47]. Hence, HTs are used to increase grain size [123], obtain a more 
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equiaxed microstructure, dissolve detrimental phases, such as Laves [124],to form 
strengthening precipitates such as δ phase, γ’ and γ’’ [64, 125], and to remove defects 
[126] to improve mechanical properties. Although sometimes the AB microstructure 
is more beneficial for certain properties, as in the case of Parizia et al.  [127] who 
found that AB alloy 625 presented better oxidation resistance than its heat treated 
counterpart. There are different types of heat treatment, each giving different 
microstructures. Usually, samples are first stress relieved, which reduces texture and 
residual stress in samples [128]. Then, solution treatment (ST) is used to enhance the 
mechanical properties [54] by dissolving detrimental phases [129, 130].  Subsequently, 
samples are sometimes aged (single or double ageing) to favour the precipitation of 
strengthening phases [124]. Samples can be Solution treated then Aged (STA) or 
Directly Aged (DA). Thermal techniques, such as homogenisation and HIP 
treatments are also used. Homogenisation is usually used prior to HIP and is similar 
to stress relief as it reorients columnar grains [123].  Zhao et al. [131] observed that 
during homogenisation of LPBF alloy 718, the grains would continue recrystallisation  
whereas the suction-cast alloy showed abnormal grain growth, which showed the 
potential of engineering the microstructure of AM materials through heat treatments 
to obtain superior mechanical properties than in conventionally manufactured 
alloys. HIP results in recrystallisation, grain coarsening and change from highly 
textured columnar grains to randomly oriented equiaxed grains which are larger 
than after homogenisation [123, 132-134]. Moreover, a slightly weaker texture is 
obtained, compared to STA [133], although it is still strong [132]. HIP was also found 
to be effective at closing defects, resulting in a higher density [135]. 

 

Heat treatment standards exist for conventionally manufactured material, however, 
as no PBF-specific heat treatment standards have been defined at this time, 
significant research has gone into exploring the effects of wrought heat treatments 
and modified heat treatments on PBF microstructure  

The Standard Specification for Additive Manufacturing Nickel Alloy (UNS N07718) 
with Powder Bed Fusion [136] gives guidelines for thermal processing of PBF nickel-
based superalloys. For HIPing, components should be processed in an inert 
atmosphere at no less than 100 MPa, within the range of 1120°C and 1185°C within ± 
15°C, and held for 240 min ± 60 min followed by cooling under and inert atmosphere 
below 425°C [136]. For heat treatment, it states that components should be solution 
treated and aged following the AMS2774 standard for Heat Treatment of wrought 
nickel alloy and cobalt alloy parts [137]. This standard gives the range of possible heat 
treatments to use for different geometries of nickel-based superalloys. It should be 
noted that none of these heat treatments are specific for AM, but rather are for 
conventional manufacturing processes. This highlights the need for the development 
of PBF specific microstructures. Some practitioners, such as Huang et al. [54] and 
Aydinöz et al. [138], have started to research this area.  For example, Huang et al. [54] 
investigated the effect of solution time, solution temperature, cooling method and 
ageing process on the mechanical properties of LPBF alloy 718 and identified that 
there was a minimum solution time for a given temperature to obtain similar 
microstructures and mechanical properties than materials with a longer solution 
time (Figure 2.15). 
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Figure 2.15: Variation of required solution time for solution temperature for LPBF Inconel 718  

[54]. This shows that there is a minimum solution time for a given solution temperature 
which results in similar microstructures and properties.  

 

Grain structure 

Although grain boundaries normally occupy a small fraction of material volume, they 
play a crucial role in controlling material properties. The sensitivity associated with 
this behaviour drives significant efforts in optimising processes. Figure 2.16a,b 
compared the microstructures of a heat treated and HIP+HT LPBF alloy 718 
specimens [139]. Obvious evidence of the scan strategy used is eliminated in both 
cases [139]. From the measurements, it was found that the average grain size for heat 
treated specimens was 15.5 ± 2.0 μm, which was 30% smaller than HIP+HT 
equivalents.  

 

Holland et al. [140] investigated the evolution of the grain boundary network in AB 
and heat treated LPBF alloy 718 specimens. It was observed that non-specific grain 
boundaries dominated in the AB specimens, whereas after heat treatment, the 
number of specific grain boundaries increased significantly from 9% to around 60%. 
This second class of grain boundaries includes twin boundaries and twin-related 
grain boundaries, able to improve material strength and resistance to intergranular 
degradation. Another study on LPBF alloy 625 provided similar results [141]. It was 
also found that above a certain annealing temperature (1150°C), these grain 
boundaries developed in prevalence significantly. 
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Figure 2.16: Microstructure of LPBF Inconel 718 specimens with varying thermal 

treatments[139]. a) Heat treated sample microstructure with EDS results of the section 
squared in a). b) HIP+ HT.  This shows obvious evidence of the elimination of scan strategy 

effects through thermal treatments. 

 

“Grain boundary misorientation” is defined as the difference in crystallographic 
orientations between adjacent grains of the same phase. This microstructural feature 
can be characterised through EBSD. Gribbin et al. [142] evaluated the misorientation 
angle (Figure 2.17) in some heat treated and HIP+HT LPBF alloy 718 specimens. The 
distribution of the misorientation angles for heat treated specimens was broad, 
indicating no preferential growth direction. On the other hand, for HIP+HT 
specimens, the distribution showed a prominent peak at 60°, indicating an equiaxed 
grain structure with a high twin content caused by annealing. The detrimental effect 
on fatigue performance previously observed by Zhang et al. [143] correlates well with 
the misorientation effect.  
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Figure 2.17: EBSD maps of LPBF Inconel 718 specimens showing grain morphology and 
misorientation angle distributions [142]. a) Heat-treated sample. b) HIP and heat treated 
sample. The broad distribution in the heat treated sample indicates no preferred growth 

direction as compared to the HIP and heat treated sample. 

 

In a further study by Chauvet et al. [144], it was found that grain boundaries with a 
high misorientation angle were prone to crack propagation in AB and heat treated 
EBM samples (Figure 2.18). Han et al. [145] obtained similar results in this regard. 
Research also concluded that the difference in interdendritic liquid pressure between 
the dendrite tip and root, as illustrated in Figure 2.19, would cause an insufficient 
feeding of molten material at the dendrite root, promoting void generation and 
therefore highly affecting the part hot cracking behaviour. 

 

a)

b)
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Figure 2.18: This figure demonstrates that grain boundaries with a high misorientation angle 
are prone to crack propagation in as-built and heat treated EBM samples [144]. a) An EBSD 

map showing the cracked grain boundary along the high angle grain boundary 
(misorientation > 15˚). b) The distribution of grain boundary misorientation and cracked grain 

boundaries.  

 

 
Figure 2.19: Illustration of the hot cracking mechanism in the LPBF process [145], 

demonstrating crack formation and growth within a single melt pool. This shows that the 
difference in interdendritic liquid pressure between the dendrite tip and the root causes an 
insufficient feeding of molten material at the dendrite root, promoting void generation and 

therefore highly affecting the hot cracking behaviour of the part. 

 

Tomus et al. [146] compared the grain morphology of LPBF Hastelloy X specimens 
processed with various post-processing techniques. The heat treatment consisted in 
a single solution step (1175˚C / 2h), while HIP was performed using the same time 
and temperature, with an applied stress of 150 MPa. Figure 2.20a,c,e,g display a series 
of EBSD images illustrating the grain morphology in the XZ plane for AB, heat 
treated, HIP and HIP+HT specimens, respectively. Heat treated and HIP effectively 
reduced the strong texture in the build direction in the AB specimen [147]. Another 
study found that HIP of LPBF Hastelloy X ‘closed’ internal cracks, reduced porosity 
and generated equiaxed grains [148]. This was also observed in CMSX-4 [77]. Figure 
2.20b,d,f,h illustrates the grain morphology perpendicular to the build direction (XY 
plane). HIP specimens showed a smaller gran size, because of recrystallisation. 
Similarly to previous results, individual laser scan tracks and small equiaxed grains 
were also observed in the XY planes [43]. Further studies on post-processing 
techniques indicated that HIP cannot be considered as an efficient tool to heal EBM 
induced cracks [149].  

a) b)
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Figure 2.20: Grain morphology of planes parallel (XZ) and perpendicular (XY) to the build 
direction with varying thermal treatments [146]. a) As-built specimen parallel to the build 

direction. b) As-built specimen perpendicular to the build direction. c) Heat treated specimen 
parallel to the build direction. d) Heat treated specimen perpendicular to the build direction. 

e) HIP specimen parallel to the build direction. f) HIP specimen perpendicular to the build 
direction. g) HIP and heat treated specimen parallel to the build direction. h) HIP and heat 

treated specimen perpendicular to the build direction. Heat treatment and Hot isostatic 
pressing effectively reduced the strong texture in the build direction in as-built specimens.  
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Precipitate formation 

Figure 2.21a,b compare the microstructures of a heat treated and HIP+HT LPBF alloy 
718 specimens and shows that ‘white’ precipitates are clearly visible at grain 
boundaries [139]. EDS observations indicated that these are rich in Mo, Nb, W and 
Si, with stoichiometric ratios of (MoNbW)5Si3  [139]. However, the precipitates in 
both specimens were similar in size (~2.5 μm) [139]. Similarly, Sames et al. [150] 
investigated the effects of in-situ heat treatment on γ’/ γ’’ phases in EBM alloy 718 
specimens. The γ’/ γ’’ phases in the AB specimen showed an elongated disk shape, 
with a diameter of ~20 nm and a thickness of ~10 nm (Figure 2.21a). From the 
micrographs comparison in Figure 2.21, both the diameter and thickness of these 
strengthening particles increased during the in-situ heat treatment. Since 
strengthening phases have an optimal size range and corresponding mechanical 
properties, this process was found to be effective in improving material strength [150] 
by impeding the dislocation movement at the grain boundaries  [139].  

 

 
Figure 2.21: TEM visualisation of γ’’ precipitates in EBM Inconel 718 specimens [150]. a) As-
built samples (low cooling rate). b) In-situ heat treated samples. This illustrates the effect of 

heat treatment on the size of strengthening precipitates, γ’’ in this case. 

 

Furthermore, Divya et al. [151] investigated the heat treatment effects on dislocations 
and strengthening particles in LPBF CM237LC specimens. In the AB specimens 
(Figure 2.22a), dislocations entangled and tended to accumulate at the grain 
boundaries. As shown in Figure 2.22d, the heat treatment decreased the dislocation 
network density, especially at the grain centre. These observations are in accordance 
with results by Tucho et al. [152]. At the same time, the heat treatment significantly 
increased the size of the γ’ phase. In fact, before heat treatment, two distinct types of 
γ’ phase could be observed: one with a size of ~5 nm (Figure 2.22b) and another, 
much larger, with a size ~50 nm (Figure 2.22c). After the heat treatment (Figure 
2.22d,e), the primary γ’ particles reached a size of over 500 nm, while the secondary 
γ’ particles, characterised by a cuboidal morphology, had a size of ~200-400 nm. Fine 
tertiary γ’ particles were spread in the region between the secondary γ’ particles. The 
influence on γ’ particles size may the basis of the strengthening mechanisms caused 
by heat treatment. During a 3-step heat treatment on LPBF Haynes 282, γ’ 
precipitation was found at 950˚C during TEM in-situ heat treatment [153]. After heat 
treatment, the morphology and size of γ’ precipitates were comparable to powder 
metallurgy samples and annealing twins were present [78]. Heat treatment was also 
optimised for LPBF CMSX-4 to obtain segregation of γ/γ’ microstructure [52]. 

a) b)
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Figure 2.22: Dislocations and γ’ phases in LPBF CM247LC [151]. a)- c) As-built. d), e) Heat 
treated. Dislocations are entangled and tend to accumulate at the grain boundaries. Heat 

treatment decreases the dislocation network density, especially at the grain centre. 

 

Kuo et al. [42] evaluated the effects of different heat treatment strategies on the δ 
phase in LPBF alloy 718 specimens. In the AB specimen, δ phase was found 
distributed parallel to the build direction, segregated in the interdendritic region due 
to the Nb segregation during the build process (Figure 2.23a). This was hypothesized 
to be a consequence of Nb segregation which occurred during the LPBF process. 
Specimens which underwent a solution treatment and aging (980˚C / 1h then 718˚C 
/ 8h + 621˚C / 10h) possessed a much coarser δ phase than their non-solution-treated 
equivalents (Figure 2.23b,c, respectively). This difference can be related to the 
dissolution of γ’’ phase and the consequent formation of needle-shaped δ phase 
during this first thermal treatment. However, these elongated particles are 
undesirable since they degrade material mechanical properties, causing “δ phase 
embrittlement”.  

 

 
Figure 2.23: δ phases in the interdendritic region of LPBF Inconel 718 specimens [42]. a) As-
Built. b) Solution + ageing treated. c) Direct aged. The solution treated and aged specimen 

contained much coarser δ phase than their non-solution-treated equivalents due to the 
dissolution of γ’’ phase and the consequent formation of needle-shaped δ phase during this 
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first thermal treatment. This shows that thermal treatments affect the presence, size and 
morphology of precipitates in PBF materials. 

Stoudt et al. [154] presented a time-temperature-transformation diagram for the δ 
phase in LPBF and wrought alloy 625 specimens. The formation of δ phase during a 
LPBF process was found to be much faster than in the conventional wrought process. 
Moreover, it was observed that the stress-relief heat treatment, normally used in 
industry for alloy 625 (870°C / 1h, red dot in Figure 2.24), would promote the 
formation of δ phase during LPBF and not for wrought equivalents. Zhang et al. [155] 
also proved that conducting this same heat treatment at 800°C can lead to the 
nucleation and growth of δ phase. The calculated activation energy for the growth of 
the δ phase was found to be (131 ± 0.69) kJ mol-1. Another study also designed a two-
step ST with a two-step aging treatment which facilitated the precipitation of δ phase 
at the grain boundaries [156]. These results highlight the fact that heat treatment 
conditions for LPBF processes need to be re-evaluated and distinguished from those 
used for conventional manufacturing methods. 

 

 
Figure 2.24: A time-temperature-transformation diagram for the formation of δ phase in LPBF 

and wrought Inconel 625 components. The red dot indicates the industry recommended 
stress-relief Heat Treatment conditions [154]. This shows that the formation of δ phase is 

much faster during LPBF than for the wrought process. The stress relief heat treatment (red 
dot) was shown to promote the formation of δ phase during LPBF but not for wrought 

equivalents. 

 

Laves phases are another common precipitate which are known to be detrimental to 
the mechanical properties of nickel-based superalloys. Laves phases subtract Nb 
from the two main strengthening phases, namely γ’’ and δ phase. Pröbstle et al. [157] 
explained that, in agreement with other studies, only the Laves phases were visible 
on TEM of AB LPBF alloy 718 (Figure 2.25) because of the rapid heating and cooling 
cycles, which suppressed other secondary phase precipitation. Hence, heat 
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treatment is necessary to dissolve these and create more wrought-like 
microstructures.  

 

 
Figure 2.25: TEM images showing the laves phase in the as-built LPBF Inconel 718 [157]. a) 
Bright field. b) Dark field. Only Laves phases are visible due to the fast heating and cooling 

cycles, which suppressed other secondary phase precipitation during LPBF. 

 

TEM micrographs and diffraction patterns of LPBF specimens post-processed with 
different techniques are shown in Figure 2.26. In the solution treated specimen 
(Figure 2.26a), the associated diffraction pattern (Figure 2.26b) indicated that there 
were no secondary phases. This means that the Laves phases, which are commonly 
observed in AB specimens (Figure 2.26), were fully dissolved during the solution 
treatment. In the HIP specimen, intense recrystallisation occurred (Figure 2.26c,d) 
due to the high temperature and deformation induced, dissolving all substructures 
present after build. As for the previous case, no secondary phases were revealed from 
the diffraction patterns, suggesting a complete dissolution during HIP. As stated, a 
combination of solution treatment and ageing represents one of the most used heat 
treatment strategies for alloy 718. Both TEM micrographs and diffraction patterns for 
this strategy (Figure 2.26e,f) revealed the presence of γ’’ particles with a size ~30 nm. 
Similarly, for HIP + ageing treated specimens, reflections of γ’’ phases were observed 
in the diffraction pattern (Figure 2.26i). From the TEM micrographs (Figure 2.26g,h), 
needle-shaped δ particles were individuated at the grain boundaries. These 
observations were similar to those made by Kuo et al. [42]. However, in this case, the 
needle-shaped δ precipitates were also found to lower the specimen strength. These 
results confirmed that the precipitation of δ particles reduced the amount of γ’’ 
present in the surrounding area (Figure 2.26h).  

 

Despite the general consensus that Laves phases are detrimental to mechanical 
properties and need to be dissolved, recent studies have found that certain 
combinations of size, morphology and distribution of Laves phases can prove 
beneficial to the mechanical properties of PBF nickel-based superalloys [158-160]. For 
example, Sui et al. [158] managed to dissolve the sharp corners and grooves of the 
Laves phase through heat treatment, causing it to change from a long-striped to a 
granular shape. They then found in another study that granular Laves phases were 
more beneficial to the plastic deformation of PBF alloy 718 than long-striped Laves 
phases and that a certain amount of Laves phase was the best match between 
strength and ductility of the sample [159]. Similarly, Xiao et al. [160] found that fine 
discrete Laves phase improved the tensile properties of LPBF alloy 718, even 
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outperforming wrought alloy 718, and had good elongation, whereas, the presence of 
long-chain-like Laves phase resulted in a more brittle nature and suboptimal 
properties.  

 

Overall, an optimised heat treatment can control the size, shape and distribution of 
precipitates to engineer the mechanical properties desired. More work should be 
undertaken to explore this aspect of the PBF processing of nickel superalloys. 

 

 
Figure 2.26: TEM images and diffraction pattern of LPBF specimens [138]. a), b) Solution 

treated. c), d) HIP. e), f) Solution treated and aged. g)-i) HIP and aged. After solution 
treatment, diffraction shows the dissolution of Laves phases usually present in as-built 

condition. Following HIP, grains are recrystallised, and secondary phases dissolved. After 
solution and ageing treatment, the TEM images and diffraction patterns reveal the presence 
of secondary phases, such as γ’’. This demonstrates that solution and ageing treatments are 

able to precipitate secondary phases. 

 

Residual stress 

Tucho et al. [152] demonstrated that thermal cycling during the building process 
induced residual stresses in the material (a common observation in energy beam 
processes), producing plastic deformation and dislocation networks (Figure 2.27a). 
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However, since these are caused by internal stresses, the dislocation networks can be 
removed using an appropriate heat treatment, as shown in Figure 2.27b. 

 
Figure 2.27: Bright field TEM images showing dislocations in LPBF alloy 718 specimens 

[152]. a) As-built. b) Heat treated. This reveals the presence of Laves phase. 

 

Overall, with the appropriate heat treatment, it is possible to obtain a microstructure 
which resembles that of a cast nickel-based superalloy, as was the case for LPBF high-
strength alloy VZhL21 after progressive stages of post-treatment [161] and Hastelloy 
X after solution annealing [148]. However, a combination of ductility dip cracking 
and strain age cracking mechanisms were identified as the primary causes of cracking 
in LPBF CM247LC following post-build thermal treatments [162].  This shows that 
heat treatment still requires optimisation to obtain a defect free LPBF material. 

 

Surface integrity following machining 

Machining is often required to obtain the desired geometry following LPBF. AM 
components present new machining challenges given material inhomogeneity and 
intricate geometries. Given the implicit part-to-part variation traditional datum 
acquisition challenges associated with casting are apparent. However, given the 
limitations of current class LPBF systems it is likely that additional value add to AM 
components will be derived by machining processes. 

 

Machining processes affect materials’ microstructure, surface quality and induce 
residual stress. As stated previously, PBF materials have different microstructures, 
surface roughness and residual stresses than conventionally cast or wrought nickel-
based superalloys. A review on the machinability of conventionally manufactured 
nickel-based superalloys was conducted by Ezugwu et al. [163] and discusses the 
issues with the machining of nickel-based alloys and the cause of tool wear and 
failure.  Hence, the effects of machining will be different and it is important to 
understand their impact in order to control part quality. A study compared the effect 
of different post-processing techniques - namely barrel finishing, ultrasonic shot 
peening, ultrasonic impact treatment and shot peening – and their effects on surface 
roughness, hardness and residual porosity [164]. Ultrasonic impact treatment had 
the best reduction in surface roughness (by 57.4%) and in residual porosity (by 84%), 
while shot peening improved hardness the most (by 66.5%) [164]. A different study 
also showed that shot peening and ultrasonic impact treatment improved the surface 
texture parameters and residual stresses of HIP LPBF alloy 718 [165].  

a) b)
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Furthermore, the use of electropolishing surface treatment with anhydrous 
electrolyte solution was studied to improve the surface quality of LPBF alloy 718 [166]. 
The results clearly indicated the potential benefit of introducing highly regulated 
electrolyte flow in the polishing of AM metal parts [166].  

 

 
Figure 2.28: This shows the effect of the PBF build orientation on the subsequent machining. 

The greatest cutting force is generated when the feed direction is parallel to the build 
direction, which gives rise to anisotropy at machined faces. 

 

Studies have shown that the PBF microstructure of nickel-based superalloys has 
implications for the machining process as well. For example, there are peculiar 
interactions between build orientation and machining strategy [167]. It has been 
shown that the surface topography and integrity of LPBF alloy 625 was affected by 
the relative orientation of cutting direction to the build direction and scan strategy 
orientation [168]. Indeed, Patel et al. [168] showed that machining with the feed in 
the build direction generated the greatest cutting force (as shown in Figure 2.28) of 
the orientations tested. Similarly, another study found that feeding the cutter against 
the build direction resulted in lower peak forces with larger deviations while feeding 
along the build direction resulted in higher peak forces with lower deviations [169]. 
Further, LPBF alloy 718 with HIP and heat treatment were found to have better 
minimum specific cutting energy, minimum tool wear and minimum surface 
roughness during milling than wrought alloy 718 [170]. The peak milling cutting force 
was found to be dependent upon the feed direction as well as the layer-wise scan 
rotation employed in fabricating LPBF alloy 625 [169]. Hence, these studies reveal 
that, in a similar theme as “Design for Manufacture”, the need to select PBF build 
parameters for post-processing needs to be considered [167].  

 

A development area is the use of hybrid machines which build and machine the part 
during the same process [171, 172]. For example, using a new hybrid method which 
combines LPBF and Laser Shock Peening, a 95% decrease in CM247LC cracks was 
obtained [72]. Hence, more research should be conducted on hybrid machines as 
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they have the potential to further control the microstructure and mechanical 
properties of PBF materials. 

2.3 Creep properties 

The characterisation of mechanical properties is essential before AM components 
can safely be used in beyond static applications. A review of the mechanical 
properties of metal AM parts was written by Lewandowski et al. [14] should the 
reader require broader context. 

 

2.3.1 Fundamentals of creep 

Creep is a time-dependent continuous deformation which occurs at high 
temperatures (above 0.3-0.4 Tm (in Kelvin)) and stresses [57, 58, 173]. Therefore, the 
creep strain (ϵ) depends on stress (σ), time (t) and temperature (T), resulting in the 
following relationship: ϵ=f(σ,t,T) [58]. A brief overview of the different creep 
mechanisms and micro-mechanisms is discussed below.  

 

There are two main creep mechanisms: diffusional creep and dislocation creep. The 
creep rate of both mechanisms is limited by diffusion [57, 58]. These mechanisms 
occur at different temperature and stress ranges and in the intermediate temperature 
regime, creep deformation can be a mix of the both mechanisms [57]. The 
deformation mechanism diagram (Figure 2.29) summarises the competition between 
the two mechanisms [58]. 

 
Figure 2.29: Creep deformation mechanisms at different stresses and temperatures (τ is the 

equivalent shear stress and G is the shear modulus). From [58]. 

Diffusion creep mostly occurs at high temperatures (above 0.6Tm) and low stresses 
and causes creep fracture [57, 173]. Under stress, crystals extend and grains elongate 
[58]. Hence, voids appear on the grain boundaries that lie normal to the tensile stress. 
Then, atoms at these boundaries diffuse, coming from the boundaries parallel to the 
stress (Figure 2.30b) [58]. What’s more, boundaries with voids also act as sources of 
atoms. The voids cannot support the load and so the stress increases on the 
boundaries. Grain boundary sliding happens and voids grow more and more quickly 
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and finally link and cause fracture [58]. The diffusional flow is more important when 
grains are small, thus single crystals are the best to avoid diffusional creep [58], which 
is why turbine blades are directionally solidified as a single crystal. Furthermore, at 
the end of the creep regime (0.5-0.99 Tm), bulk diffusion inside the crystal is 
dominant [58] and the creep rate is controlled by lattice diffusion [57]. There are 
different types of diffusional creep mechanisms, such as the Nabarro-Herring and 
Cobble creep mechanisms. 

 

 
Figure 2.30: Creep Mechanisms. a) Dislocation creep. b) Diffusion creep. From [58]. 

 

Dislocation creep mostly occurs at low temperatures (inferior to 0.4Tm) and high 
stresses [57, 173]. The deformation is controlled by dislocation glide, as diffusion is 
negligible [57, 173]. The stress required to make crystalline materials deform 
plastically is the one needed to make the dislocations move [58]. Their movements 
are restricted by the intrinsic lattice resistance and the obstacles present in the 
lattice. The low temperature also impedes dislocation motion as they need diffusion 
(which can only happen above 0.3Tm,) to be able to “climb” over atoms [58]. Climbing 
unlocks dislocations from the precipitates and hence further dislocations are started 
(Figure 2.30a) [58]. Furthermore, in dislocation creep, the diffusion of atoms can 
“unlock” dislocations from obstacles, and hence, the movement of dislocations under 
the applied stress leads to dislocation creep [58]. Indeed, at the lower temperatures, 
core diffusion seems to be the dominant mechanism [58]. Creep rates in dislocation 
creep are much higher than in diffusional creep [173]. There are also different types 
of dislocation creep, such as solute drag creep and Harper-Dorn creep. 

 

Regardless of the mechanism, creep damage, which is material degradation that gives 
rise to tertiary creep, occurs in specimens [174]. There are four different types of 
damage: damage by loss of external section, by loss of internal section, damage by 
degradation of microstructure and damage by environmental attack [174]. One of the 
most common type of damage is by loss of internal section with cavitation 
perpendicular to tensile stress or the growth of a dominant crack, which reduces the 
section and accelerates the creep rate [174].  Figure 2.31 illustrates this type of 
cavitation damage and how it corresponds to the creep curve, particularly to the 
tertiary region. 
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Figure 2.31: Illustration of creep damage due to cavitation and the effects on the creep curve, 

mainly in the tertiary region. From [58]. 

 

It is possible to model creep using various models. Commonly used models include 
the Norton Power Law, the damage models and microstructure models. 

One of the simplest models is the Norton Power Law model which can model the 
steady state creep rate of materials. This model is dependent mainly on stress and 
shows close correlation between experiments in prediction for secondary creep rates. 
However, this model greatly deviates from experiment results for tertiary creep rates. 
So other models may be better fit, as was the case for Hayhurst et al. [175] who found 
that a sinh function of stress, rather than the power law was best to describe the 
strain rate and rupture behaviour of an aluminium alloy.  

 

Damage models take into account damage sustained by the material prior and during 
creep. The Liu-Murakami model works on the assumption that creep strain rate 
depends not only on the applied stress, but also takes into account the amount of 
damage sustained. This model shows a very high correlation in the primary and 
secondary creep between the experiments and predictions, and a slight deviation is 
noticed when the material gets into the tertiary creep stage. Therefore, the Liu-
Murakami model can be satisfactorily applied across the whole range of creep 
damage of materials. 

Continuum damage models are used to describe damage in materials, such as 
microvoids or microcracks initiation and propagation until failure. The Kachanov 
model takes into account the continuous degradation of a material during creep by 
using a ratio of intact area over original area, to predict creep failure times. This type 
of model can be very useful in modelling creep where microvoid initiation and 
coalescence occurs. This can also be even more applicable to PBF materials which 
have higher porosities than their conventionally manufactured equivalents. 

Damage models can have a number of variables, which can result in better 
predictions. For example, Hayhurst found that a 2-state variable theory was able to 
describe the shape of the tertiary curve [175] and was used to describe softening 
mechanisms, damage initiation and growth for a low alloy ferritic steel within 
continuum damage mechanics framework [176]. Similarly, Hyde et al. [177] found 
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that single-state variable and three-state variable creep damage constitutive models 
were appropriate to model uniaxial and notched bar creep tests of P91 steels, using 
Finite Element Analysis. 

 

Other models have used the physical properties and microstructure of materials to 
model creep. Spigarelli developed a microstructure-based model - which took the 
presence and evolution of different types of precipitates, subgrain recovery process 
and strengthening mechanisms into account - to assess the long-term creep strength 
in 9Cr steels [178]. Other studies have also combined microstructure-based 
modelling with damage models, such as Murchú et al. [179] who developed a 
physically-based creep model which used precipitate coarsening continuum damage 
mechanics. These types of models could become very useful for modelling LPBF as 
their starting microstructure is different from that of conventionally manufactured 
materials. 

 

Although modelling will not be in the scope of this thesis, this is still a very important 
element that needs to be researched if PBF nickel-based superalloys are to be used 
in real-life applications. 

 

It is very important to be able to extrapolate creep data as it is usually not possible 
to undertake creep tests which will last as long as real service conditions. Therefore, 
some models are needed. One of the most common models are the Larson-Miller 
[180] and Monkman Grant models [181]. 

The Larson-Miller relation, is a parametric relation that takes both time and 
temperature into account used to extrapolate experimental creep data. Modified 
versions of the Larson-Miller parameter exist and take into account various types of 
materials. 

The Monkman-Grant relationship can characterise the interrelationships between 
steady state creep rate (𝜖̇𝑐), time to fracture (𝑡𝑓) and elongation at fracture (𝜖𝑓) as: 

�̇�𝑐𝑡𝑓

𝜖𝑓
= 𝑐𝑜𝑛𝑠𝑡𝑎𝑛𝑡 [181]  

The Monkman-Grant relationship also has numerous variations and modifications 
to better suit different materials and conditions. 

 

For more information about the fundamentals of creep, the reader is directed to the 
following textbooks: [58, 60, 173, 182].  

 

Alloy 718 has long been used for creep performance and hence, its creep behaviour 
is well documented. Studies have investigated the creep deformation of 
conventionally manufactured alloy 718 at different temperatures, loads, after 
different heat treatments etc [183]. During these studies, γ’’ has been shown to 
control the steady creep rate and cavities formed on grain boundaries during tertiary 
creep, which is a typical creep mechanism [183].  

Due to the specific PBF process which melts metal to build parts layer-upon-layer, 
PBF metals have long since been compared to welds. PBF and welded metals also 
have higher number of cavities than base metal counterparts [184].  The creep of 
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welds has previously been studied by numerous authors. For example, the creep 
strength of P91 welds was found to be slightly below lower bound values for P91 
[185] .Other studies also found significant differences in creep performance between 
base metal, weld metal and heat affected zone material [186]. The microstructural 
changes in welded joints were also studied and found that carbides coarsened faster 
in the heat affected zone compared to the base metal [184]. Therefore, it is clear that 
welded joints and PBF metals have similar aspects, however, the PBF process 
parameters are capable of changing and controlling the metal microstructure of parts 
and hence, there are many aspects of creep performance that are PBF specific. 

 

2.3.2 Creep of PBF materials 

Creep is one of the main causes of failure in aero-engine turbine blades and hence, 
it is important to study this mechanical property if nickel-based AM components are 
to be used in critical engineering applications. However, the creep performance of 
LPBF nickel-based superalloys has not yet been fully researched yet. Studies have 
focused mainly on alloy 718 (Figure 2.32a) and on the effect of thermal treatments 
and build orientation (Figure 2.32b) on the creep properties. Figure 2.32 also 
highlights the areas which require more research, such as the effect of surface 
condition and complex geometries on the creep properties of PBF nickel-based 
superalloys.  Investigations to date also report significant shortfalls with respect to 
counterparts machined from wrought material. Table 2.4 summaries the creep 
studies to date for LPBF alloy 718 which is of interest in this work. 

 
Figure 2.32: Pie chart of the materials and the PBF parameters investigated in the creep 
studies to date, from 21 papers. a) The materials studied. b) The parameters studied (the 

label “Basic” refers to studies which only tested the material in one condition, focusing on 
performance without looking into the effect of a certain parameter.) Inconel 718 is the main 

material investigated and the effect of thermal treatments and build direction have been 
studied the most. 

 

 

 

a) b)



  Literature review 

72  Salomé Sanchez 
 

Table 2.4: Summary tables of LPBF alloy 718 creep studies. 

Parameters 
tested 

Creep 
conditions 

Observations Ref 

Build 
orientation 

650℃, 550 
MPa 

90° samples performed better than 0° ones 
in terms of creep life and elongation at 
fracture by a factor of 8. Creep rupture lives 
and elongation at fracture were lower than 
wrought alloy 718 for both LPBF specimens 
by a factor of 2 and 5, repsectively. 

[33] 

Build 
orientation; 

Heat 
treatment 

700℃  

250-375 
MPa 

90° samples heat treated following 
AMS5664 had creep properties, equivalent 
to a cast alloy 718 master curve, with a 
creep life of up to 2500h when creep tested 
at 250 MPa. 

[187] 

Heat 
treatment 

Compressive 
creep 

630℃, 725 
MPa 

With solution treatment + ageing, the creep 
rate obtained (~10-8 s-1), was thought to be 
equivalent to wrought alloy 718. 

[188] 

Heat 
treatment 

Compressive 
creep 

630℃  

900-1100 
MPa 

Irrespective of heat treatment, LPBF had 
superior creep strength than cast and 
wrought alloy 718 by one order of 
magnitude. 

[157] 

Post-
processing 

650℃, 550 
MPa 

HIP + direct ageing was found to be the best 
post-process for creep rupture life, which 
approached 800h. 

[35] 

Post-
processing 

650℃, 747.5 
MPa 

WEDM heat treated material, with a creep 
life of 48.27h, performed 4 times better that 
As-built creep samples, but both had a 33% 
lower creep life than wrought material 
(~150h of creep life). 

[64] 

Scan 
strategies 

650℃, 690 
MPa 

Meander scan strategy resulted in enhanced 
creep performance (24% increase in 
ductility and 22% increase in time to 
fracture) compared to the Island strategy. 

[34] 

N/A 650℃, 550 
MPa 

300h creep life for LPBF alloy 718, inferior 
to wrought material which had a life of 
~1200h. 

[189] 

N/A 700℃, 560 
MPa 

24.4h creep life for LPBF alloy 718, inferior 
to forged material, which had a life of 63.9h. 

[69] 
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This table shows that the build orientation, scan strategy, heat treatment and post-
processing are the main parameters which have been studied to this date for creep 
of LPBF alloy 718. Few creep studies have been conducted to date for LPBF processed 
metals, and some of the tests reported were too short in duration for true creep 
mechanisms to occur [190]. Other parameters, such as laser power, scanning speed, 
additional build orientations, hatch spacing, scan strategy, etc., and the effect that 
these have on the creep behaviour of the material, have not so far been investigated. 
One of the most recent build parameter options to be added to modern LPBF 
machines is the use of multiple lasers, which can significantly decrease build time, 
and hence cost. Wong et al. [100]evaluated the effects of using a single-laser per part 
with the machine’s 4 lasers operating at the same time, for various parts. It was 
observed that the build time was reduced by 63% and that the mechanical properties 
under consideration (tensile strength and hardness) were not compromised in 
comparison to those measured from samples built on single-laser machines. They 
state that future work should consider the effect of using multiple lasers for a single 
part, which will be undertaken here. 

 

The two most common types of creep tests are tensile loading tests [190-197] and 
compressive loading tests [157, 188, 198]. The former can provide information on 
creep fracture. For example, Brodin et al. [191] observed the creep fracture surface of 
LPBF Hastelloy X tested at 815˚C with a tensile load. Unlike tensile tests, compression 
creep tests are usually interrupted when a predetermined plastic deformation is 
achieved. Some non-standard creep specimens, such as two bar specimens have also 
been used [190]. Small punch creep specimens are another commonly used specimen 
geometry, these tests are shown schematically in Figure 2.33. 

 

 

 
Figure 2.33: Schematic showing tests on two non-standard specimens. a) Small Punch test. 

b) Two Bar Specimen test. This illustrates the potential of small and non-conventional 
specimen testing in PBF. 

 

 

a) b)
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Wang et al. [199] used a small punch creep test to compare the creep performance of 
forged, cast and LPBF material. The results (Figure 2.34) indicated that the AB LPBF 
specimens possessed similar creep lifetime to the forged ones, but far lower than the 
cast specimen. Laves phase at the grain boundaries may have led to poor creep 
performance in the LPBF specimens. Moreover, the local tensile stress induced by 
the experimental loading in the fracture region also the reduced time to rupture. 
Another study also found that LPBF alloy 718 had a lower creep ductility than its 
wrought equivalent due to oxide contamination from the powder surface [200]. 

 

 
Figure 2.34: Creep deflection vs creep time results for specimens in different conditions 
(Forged-N: loading direction parallel to the forging direction; Forged-P: loading direction 
perpendicular to the forging direction) [199]. Indicating that the as-built LPBF specimens 
possessed similar creep lifetime to the forged ones, but far lower than the cast specimen. 

 

New AM ‘specific’ approaches for creep testing inspection have been investigated. 
Xu et al. [190] conducted a new staged thermal-mechanical testing method which 
looked at the defect evolution in the LPBF alloy 718 specimens during creep. The idea 
was to interrupt the testing and characterise the defects using X-ray computed 
tomography. For example, Figure 2.35 shows the porosity distribution along the 
specimen length at different stages: before testing, at 7.3% strain, at 11.5% strain and 
after failure, showing the increase in porosity during creep. This also allowed the 
characterisation of the porosity accumulation during creep and the localisation of 
the position of the weakest point (Peak 1’). 
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Figure 2.35: Porosity distribution in the specimen at different stages of creep testing [190]. 

Showing the potential of using X-ray Computed Tomography (XCT) to determine where 
failure will occur in a specimen and for investigating evolution during tests. 

 

2.3.3 Effect of laser powder bed fusion process parameters  

The effect of LPBF build orientation on creep performance has been widely studied 
[191-195]. Rickenbacher et al. [192] considered the creep performance of horizontally 
and vertically built LPBF alloy 738LC specimens. The results indicated that the 
vertically built specimens had better creep resistance than cast equivalents.  
Hautfenne et al. [187], Kuo et al. [195] and Kunze et al. [193] obtained similar results, 
explaining that vertical samples had the stress applied parallel to the columnar 
elongated grains, behaving similarly to the creep resistance strengthening 
mechanisms in directionally solidified and single crystal superalloys [201]. Small 
Punch Creep testing of LPBF CM247LC with different process parameter (beam 
power, layer thickness and energy density) and build orientations (30° and 90°) 
found that 90° samples performed better for creep deformation [202]. Shassere et al. 
[203] also studied the influence of microstructure on creep performance of EBM alloy 
718 specimens. The results indicated that specimens with columnar grains possessed 
better minimum creep rate and longer creep rupture lives than the ones with 
equiaxed grains, especially when the loading direction was parallel to the columnar 
grain growth direction. In fact, having the grain boundaries transverse to the loading 
direction was found to be particularly detrimental to creep resistance.   

 

Laser power is also an important factor which can affect creep performance. 
Popovich et al. [196] investigated the creep performance of LPBF alloy 718 specimens 
manufactured with two different laser powers, namely 250 W (59.5 J/mm3) and 950 
W (59.4 J/mm3). In general, ductile fracture (Figure 2.36a) dominated in specimens 
produced with lower power, except in some regions rich in brittle precipitates 
(Figure 2.36b) [196]. On the other hand, specimens manufactured using higher power 
failed before reaching the required testing conditions. This was mainly due to the 
presence of a large number of built-in defects (Figure 2.36c,d) caused by the excessive 
power.  
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Figure 2.36: Creep fracture surfaces of LPBF Inconel 718 specimen built with varying laser 

power [196]. a),b) Laser power of 250 W (59.5 J/mm3). c),d) Laser power of 950 W (59.4 
J/mm3). This highlights the catastrophic failure associated with lack of fusion. 

 

Assessing functional performance of functionally graded materials produced by AM 
is an interesting emergent research area. Popovich et al. [196] analysed and compared 
the performance of post-treated LPBF alloy 718 specimens and functionally graded 
specimens [196].  

 

2.3.4 Heat treatment for enhanced creep performance 

To improve LPBF specimens creep performance, post-processing is still necessary at 
the present. Multiple studies compared the effects of heat treatment on LPBF alloy 
718 specimens [157, 188, 195, 204, 205]. Pröbstle et al. [157] characterised the creep 
performance of cylindrical specimens subjected to different HTs, including direct 
ageing and STA. The post-treated specimens showed an improved creep strength. As 
a confirmation, Hautfenne et al. [194] proved that the use of a solution temperature 
higher than 1000˚C could contribute to better creep performance. Using a solution 
temperature of 1000˚C followed by a two-stage ageing treatment resulted in better 
creep resistance than specimens directly aged [157, 188]. However, when the solution 
temperature was decreased below 1000˚C, direct aged specimens performed better 
[157, 195]. Two possible reasons were identified to explain these results [157]. The first 
might be related to the strengthening phases composition. In nickel-based 
superalloys, Nb content is critical since it forms the main strengthening precipitates. 
When solution treated at 1000˚C, δ phase dissolves, releasing Nb in the surrounding 
matrix and hence allowing more γ’’ precipitation. On the contrary, when treated at 
930˚C, more δ phase is formed at the expense of γ’’ phase. But since these precipitates 
contribute more to creep resistance than the δ particles, specimens treated at 1000˚C 
perform better. The second possible reason might have been the size of γ’’ (Figure 
2.37), with the largest average size of these precipitates was found in specimens 
treated at 1000˚C (13.4 ± 5.8 nm), followed by direct aged ones (9.4 ± 3.2 nm) and 
lastly the 930˚C treated ones (9.1 ± 5.8 nm) [157]. Wang et al. [206] however, noted 
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that using STA resulted in a shorter creep life than using homogenisation ad ageing 
treatments. Another study found that creep life and ductility was improved after heat 
treatment by adding Y (yttrium) as Y-oxide (yttria) precipitated around the δ phase 
instead of Al-oxides, which impeded δ phase precipitate growth and improved creep 
properties [205]. 

 

 
Figure 2.37: TEM images showing the γ’’ phase after different thermal treatments [157]. a) 
Direct aged. b) Solution treated at 1000 ˚C then aged (SHT1000˚C). c) Solution treated at 

930˚C then aged (SHT930˚C) conditions. Using a solution temperature of 1000˚C followed by 
a two-stage ageing treatment resulted in better creep resistance than specimens directly 

aged, but when the solution temperature was decreased below 1000˚C, direct aged 
specimens performed better. 

 

Similarly, Davies et al. [207] tried two heat treatment strategies with different 
solution temperatures (1150˚C and 1275˚C) to improve the creep performance of LPBF 
C263 and found that the higher solution temperature increased creep resistance. This 
was because a higher solution temperature generated a more equiaxed 
microstructure, smaller average local misorientation, shorter random grain 
boundary network segment length and carbides (MC and M6C) precipitation at grain 
boundaries. It was concluded that shorter random grain boundary network segment 
length, meant shorter potential intergranular crack paths. In turn carbides could 
hinder grain boundaries deformation, further improving creep resistance.  

There is only limited understanding of the creep performance of LPBF materials due 
to the low number of papers published and the difficulty to creep test LPBF materials, 
which resulted in premature failure in some studies. The effect of build parameters 
and heat treatment on creep performance of LPBF nickel alloys is also poorly 
understood. It is therefore necessary to evaluate the sensitivity to build orientation 
effects, which gives rise to anisotropic behaviour, scanning strategies, multi-laser 
strategies and the role of post-build heat treatment. 

 

2.4 Summary of findings 

Overall, this literature review highlighted the potential of using LPBF to manufacture 
nickel-based superalloy components for critical engineering applications. This area 
of research is rapidly expanding and is the subject of numerous studies. However, 
the lack of understanding and the sometimes poor performance of LPBF materials 
(e.g. ductility, fatigue, creep) means that components are not yet suitable for “real-
life” applications. Alloy 718 is the main material used in nickel-based superalloys 
research as it has excellent LPBF processability and mechanical integrity at high 
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temperatures. The mechanical properties of this alloy have been researched, 
however, most of the studies focused on tensile and hardness properties, leaving a 
knowledge gap in terms of other properties such as fatigue and creep. Understanding 
creep properties is vital if LPBF alloy 718 is to be used in critical engineering 
applications, such as turbine blades, where creep is one of the main causes of failure. 
The limited amount of creep studies to date have investigated some LPBF process 
parameters, such as build orientation, as well as the effect of thermal treatments. 
However, these investigations were limited and, in most cases, LPBF alloy 718 
components performed well below their conventionally manufactured counterparts. 
It is hence necessary to provide a deeper understanding of the effect of process 
parameters, such as build orientation and scan strategy, and heat treatment on the 
creep behaviour of LPBF alloy 718 and comparing it against wrought alloy 718. 
Further, the use of multi-laser scan strategies, which can increase process speed, 
would make the use of LPBF more appealing to more industries and applications. 
Hence, it would be beneficial for this aspect to be researched. Finally, to allow a 
deeper understanding of creep properties, the evolution of microstructure during 
creep can also be investigated, especially since this has not been done for LPBF alloy 
718. This in turn will give a clearer idea of what microstructural features are desired 
for creep performance and a heat treatment to obtain such features will be proposed. 
By investigating the formerly mentioned aspects, a deeper understanding of the 
creep behaviour of LPBF alloy 718 can be achieved which will serve as a steppingstone 
for future research on microstructural engineering, heat treatment and other high 
temperature properties. This will allow LPBF to become more attractive and one step 
closer to real life applications.   
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3 Experimental methods 

To investigate the creep behaviour of LPBF alloy 718, the effect of heat treatment and 
process parameters on the creep performance were investigated. Specimens were 
LPBF with varying build orientation, scan strategies and number of lasers per part 
before being, post-processed, creep tested and analysed (Figure 3.1). From these 
results the best performing specimen in terms of creep life and minimum creep rate 
was chosen to undertake interrupted creep testing to investigate the textural and 
microstructural evolution of LPBF alloy 718 during thermomechanical testing.  

 

 
Figure 3.1: Flowchart of the methodology followed in the project. 

 

3.1 Laser powder bed fusion 

All specimens were built using a Renishaw© and commercially available alloy 718 
powder, whose composition is shown in Table 3.1.  

 
Table 3.1: Renishaw© alloy 718 powder composition. 

 

 

 

 

 

 

 

 

 

 

 

Laser Powder Bed Fusion

(various process parameters)

Post-processing

(heat treatment and machining)

Creep testing

(normal and interrupted)

Analysis and data processing

(microscopy and fractography)

Element Weight % Element Weight % 

Ni 52.5 Co 0.04 

Cr 19.1 C 0.03 

Fe Bal. Mn 0.02 

Nb + Ta 4.89 N 0.01 

Mo 3.2 Cu 0.01 

Ti 0.86 P < 0.01 

Al 0.42 S 0.001 

Si 0.04 B < 0.001 
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Single and multi-laser built parts were manufactured in 3 build orientations (0°, 45° 
and 90°), using 2 different scan strategies (Stripe and Meander), as shown in Figure 
3.3. Optimised process parameters (schematically shown in Figure 3.2), developed to 
reduce build uncertainty and defects caused by phenomena such as powder 
spattering [208], were employed for the creep specimens and are shown in Table 3.2. 

  
Table 3.2: List of process parameters employed for the build of all specimens. 

Parameter Value 

Layer thickness 60 μm 

Laser power 212.5 W 

Exposure time 20 μs 

Hatch point distance 17 μm 

Scan speed 0.85 m/s 

Hatch distance 90 μm 

Stripe size 10 mm 

Stripe offset -0.2 mm (-0.4 mm for 0° creep 
specimens only) 

 

It should be noted that the 0° Creep specimen has a different Stripe offset than its 
90° and 45° equivalents as the parameters were not optimised at that time. The 
results and discussion will be presented with this in mind. 

 

 
Figure 3.2: Schematic representation of the Stripe scanning strategy showing the different 

parameters used. With the build direction (BD) indicated. 
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The uniaxial creep specimen blanks - 14 mm diameter 100 mm long cylinder - were 
built on a Renishaw© RenAM 500Q quad-laser machine. The machine is equipped 
with four 500 W lasers (which can be used in continuous or modulated modes), that 
can be fired simultaneously. All four lasers have the same power so when two lasers 
are firing at the same cross-section at once, the power input on the build plate is 
doubled at that time. The overlap between two different laser is the same as the 
overlap selected for the scan strategy. This gives the freedom to either assign one 
laser per part or assign multiple lasers to melt a single specimen cross section. The 
slicing software, QuantAM, was used to assign build parameters, scan strategies and 
the number of lasers per part. To have multiple lasers build a single part, each laser 
needs to be assigned a segment of the cross section. Here, the Stripe strategy (shown 
in Figure 3.2) was used for multi-laser parts as it is one of the most common strategies 
currently employed and multi-lasers cannot be employed to melt the same layer for 
the Meander strategy (as there is only one segment). Hence, the number of lasers 
melting each cross section was dependent on the number of standard 10 mm stripe 
segments that could be fitted onto the dimensions of the layers.  

 

Figure 3.3 shows a schematic of how the different creep specimens were built. 90° 
specimens were built by melting 14 mm diameter circles; hence it was possible to fit 
2 stripe segments, as shown in Figure 3.3. This means that during the 90° build, two 
lasers worked simultaneously on the same layer. For most layers, one stripe segment 
occupied a much smaller fraction area of the cross section than the other. The 45° 
specimen cross section was an ellipse of about 20 mm major diameter and 14 mm 
minor diameter, as well as support structures. There were 2 stripe segments within 
the ellipse, but multiple segments in the support structures, as shown in Figure 3.3. 
This means that 2 lasers melted the ellipse and the main cross section although all 
four lasers were employed in melting the full layer, including the supports. 90° and 
45° specimens may have had their contour melted by a third laser, depending on 
laser availability. 0° creep specimens had a 100 mm long rectangular cross section 
and hence all four lasers participated in the cross section melting, as over 4 Stripe 
segments could be accommodated. Hence, it is important to understand that each 
layer of each specimen, even for the same build angle, is different and therefore each 
specimen is unique. This was taken into account when analysing the results.  
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Figure 3.3: Schematic representation of the different build orientations, scan strategies and 
number of lasers used for this research. The differences in surface area being melted are 

visible. 

 

A summary of all the test cases investigated for creep experiments can be found in 
Table 3.3. 
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Table 3.3: Summary of the different test cases investigated in this project. 

Specimen Build 
orientation 

Scan 
Strategy 

Number of 
lasers 

Heat 
treatment 

90° single-laser 
Meander AB 

90° Meander 1 AB 

90° single-laser 
Meander HT 

90° Meander 1 HT 

90° single-laser 
Stripe HT 

90° Stripe 1 HT 

90° multi-laser 
Stripe HT  

90° Stripe 4 HT 

45° single-laser 
Stripe HT 

45°  Stripe 1 HT 

45° multi-laser 
Stripe HT  

45°  Stripe 4 HT 

0° single-laser 
Stripe HT 

0°  Stripe 1 HT 

0° multi-laser 
Stripe HT  

0°  Stripe 4 HT 

Wrought N/A  N/A  N/A  HT 

 

3.2 Post-processing 

Once the specimens were built, they were heat treated on the build plate. As the 
wrought alloy 718 obtained from Carpenter Technology Corporation (Reading, UK) 
was heat treated following the AMS 5662 [209] standard, the LPBF specimens were 
also solution treated and aged according to the same standard (980℃/1h/Gas 
quench, 720℃/8h/Furnace cooling to 620℃/8h/Gas quench), with the exception of 
AB specimens. Although this heat treatment was not developed specifically for LPBF 
material, and hence is not optimised for its microstructure, it was used to allow 
comparison between the LPBF and wrought specimens.  

Post heat treatment, Wire Electrical Discharge Machining (WEDM) was used to 
remove specimens from the build plate and supports from the 45° specimens were 
removed manually. The creep specimens were then turned using a slant lathe to 
ASTM E8/E8M standard [210] dimensions shown in Figure 3.4, which are 
recommended for creep testing. Knife edges were included in the specimen geometry 
to facilitate the use of LVDTs (linear variable differential transformers) for the 
measurement of specimen elongation. The creep specimen gauge length of 22 mm 
was then ground using a P46 grit aluminium oxide grinding wheel mounted on a 
Jones & Shipman Hardinge Ltd (Rugby, UK) 1302 cylindrical grinder to obtain a 
surface finish value of Ra=0.3 μm, which plays a major role in creep life.  
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Figure 3.4: ATSM E8/E8M [210] uniaxial specimen after turning and grinding.  

 

3.3 Creep testing 

Uniaxial creep testing and interrupted creep tests were undertaken on the specimens 
at 600 MPa and 650℃ on a Denison Mayes Group Ltd (Leeds, UK) constant load 
creep machine (T45A3), which outputs time and extensometer voltage (1 V = 1 mm), 
according to the ASTM E139 standard  [211]. Contact thermocouples, attached at the 
top, centre and bottom of the specimen gauge length, were used to monitor the 
temperature of the furnace and ensure a uniform specimen heating throughout the 
test. Each type of specimen was tested 3 times.  

The creep test temperature of 650℃ was chosen as it is the highest temperature that 
alloy 718 can withstand before its mechanical properties deteriorate. Following this, 
initial tests were performed with a load of 747.5 MPa, which had previously been 
used by a similar study on the creep of alloy 718 [64]. The load was progressively 
lowered until a minimum creep life of 100h was obtained, this was the case for a load 
of 600 MPa. 

 

To investigate the defect and microstructure evolution during creep interrupted 
creep tests were conducted. For this experiment, the LPBF specimen with the best 
minimum creep rate and creep life will be selected, alongside wrought alloy 718. The 
creep testing conditions will be the same as for the previous creep tests: 600 MPa 
and 650℃. 

 

To observe specimen microstructural evolution, interrupted creep tests were 
conducted for both the LPBF and wrought alloy 718 specimens at mid-secondary and 
mid-tertiary breakpoints. At each breakpoint, the specimens were taken out of the 
creep test furnace and prepared for microstructural analysis. The specimens were not 
put back in the creep testing machine after analysis as they were cut in the process 
of sample preparation for SEM and EBSD analysis. Hence different specimens were 

10 mm

10 mm

10 mm

10 mm
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used and stopped at the mid-secondary and mid-tertiary breakpoints. To minimise 
variability, specimens from the same build were used. These interrupted creep tests 
allowed the observation of the microstructural evolution undergone by specimens 
during creep.  

 

To identify the separate effects of load and temperature during creep, more LPBF 
specimens were thermally exposed at 650℃ in the creep furnace with no load and 
interrupted at the breakpoints mentioned previously before being analysed with 
SEM and EBSD. For this experiment, the specimens were mounted as usual in the 
creep testing machine to keep the heating and cooling down procedures as similar 
as possible to uniaxial creep testing.  

 

3.4 Analysis and data processing 

Microscopy and fractography were undertaken to understand the mechanisms 
leading to the failure of the material and how the different process parameters 
affected the microstructure and creep behaviour. 

 

3.4.1.1 Sample preparation 

Specimens were first cut in the required planes with a silicon carbide disk and 
mounted in conductive resin from Metprep Ltd (Coventry, UK) called Conducto-
Mount. Then, the specimens followed the recommended Buehler polishing 
procedure for nickel-based superalloys [212].  

 

3.4.1.2 Microscopy 

Thereafter, reference cubes (from the same build as the creep specimens), fracture 
surfaces and sections just below the fracture surfaces (Figure 3.5) were analysed with 
a Philips XL30 SEM. These images were used to analyse the microstructure of the 
specimens (e.g. Figure 4.3). An Energy Dispersive X-Ray Spectroscopy (EDS) 
microanalysis system by Oxford Instruments (Abingdon, UK) was used in 
conjunction with the SEM system to perform chemical characterisation of the 
material and its different phases by using Point & ID in the INCA software by ETAS 
(Stuttgart, Germany). An example of this is shown in Table 4.2. Pre-creep 
microstructure (reference cubes) were also analysed with a Nikon Eclipse LV100ND 
Optical microscope and a Jeol JSM-7100F EBSD to investigate porosity and the effect 
of processing parameters on the crystallography, respectively. EBSD maps and 
Inverse pole figures were obtained from the EBSD data (e.g. Figure 4.4). A G5 Infinite 
Focus, focus variation microscope from Alicona Imaging GmbH (Raaba, Austria) was 
used to image 3D maps of the tested specimens’ fracture surfaces. The microscopy 
images presented in this paper are all oriented parallel with respect to the creep test 
loading direction (LD) for easy comparison (i.e., the vertical axis of the 2D images 
corresponds to the loading axis). The build direction (BD) of the specimens is also 
indicated where relevant.  
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Figure 3.5: Schematic representation of specimen sections used for microscopy analysis. a) 
Fracture surface and cross section analysis. b) General microstructure section analysis from 

cubes. 

 

3.4.1.3 Noise reduction and obtaining minimum creep rates 

A Mathworks (Natick, Massachusetts, USA) commercial software, MATLAB, and its 
curve fitting toolbox, which uses regression, interpolation and smoothing to fit 
curves to data, was used to reduce the noise in the output creep curves data. For the 
noise reduction, the curves were fitted to follow the following curve equation: 

 

𝑦 = 𝐴 ∗ (1 − exp(𝐵𝑥)) + 𝐶𝑥 + 𝐷 

 

Where A, B, C and D are curve coefficients which were obtained from the curve 
fitting tool in MATLAB. This allowed a noise-free curve to be plotted (e.g. Figure 5.1) 
and used to determine the minimum creep rate. 

 

The secondary creep region was identified by finding the parts of the creep curve 
data where the gradient was constant, i.e. where the double derivative of the curve 
was 0 (in this case, the value 9.6 x 10-6 was used instead of 0). Then, the straight line 
was plotted, and the gradient of that straight line was reported as the minimum creep 
rate. 

 

3.4.1.4 Processing Alicona images 

MountainsMaps, a commercial software by Digital Surf (Besançon, France) was used 
to post-process the Alicona images, of which an example is visible in Figure 5.6.  
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3.4.1.5 Measuring porosity 

An image processing programme was used to determine the porosity data on the 
commercial software, MATLAB from Mathworks (Natick, Massachusetts, USA) from 
the optical microscope images. An illustration of how this was performed is given in 
Figure 3.6. Although techniques such as the Archimedes method provide more 
precise porosity data, an image processing programme was used as the intent was 
not to communicate absolute values but rather to provide comparison between 
specimens. The minimum detectable void size was 5 μm. 

 

 
Figure 3.6: Detection of porosity using MATLAB image processing. a) Original image with 

porosity as black voids. b) Black and white image with porosity labelled as white pixel. 

 

X-ray Computed Tomography (XCT) was also employed in order to determine the 
porosity size, distribution and morphology in the gauge length of the specimen. A 
ZEISS Xradia Versa XRM-500 XCT was used with the highest resolution possible and 
the scan parameters are given in Table 3.4. These values were considered adequate 
to detect all critical defects, and were also based on the similar study by Xu et al. [54]. 

 

Table 3.4: XCT Scan parameters used. 

Parameter  0, II and III  

Voxel resolution (μm)  15 

Source Voltage (kV) 160 

Source Current (μA) 63  

Exposure time (ms) 1.2·104 ms 

 

All measurements were performed along the sample gauge length. Analysis of XCT 
data was performed on TIFF images outputted in the arrangement, shown in Figure 
3.7.  

 

a) b)
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Figure 3.7: Schematic of XCT scan images obtained. 

 

3.4.1.6 ImageJ use 

ImageJ, an open-source image processing programme developed by the National 
Institutes of Health and the Laboratory for Optical and Computational 
Instrumentation (University of Wisconsin, Wisconsin, USA), was used to obtain 
crack length, crack density and precipitate density. The densities were found by 
varying the Contrast/Brightness threshold and using the maximum entropy 
(MaxEntropy) function with some minor manual adjustments if/when defects had 
been erroneously considered. The image was then turned into a binary image (Figure 
3.8) and the “Measure” command outputted the percentage area (%Area) occupied 
by the cracks or precipitates. The precipitate density and part density were acquired 
in the planes perpendicular and parallel to the loading direction and averaged for 
each test case.  

 

 
Figure 3.8: Processing a SEM image of 90° single-laser Meander HT specimen with ImageJ, 
by modifying the contract/brightness threshold, to obtain precipitate density (δ, carbide and 
laves phase). a) original SEM image with precipitates in white. b) Processed ImageJ image 

with precipitates in black. 

 

a) b)
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3.4.1.7 Obtaining grain size 

Grain size in the loading direction plane was obtained through the HKL Channel 5 
software by Oxford Instruments (Abingdon, UK) which was also used to remove 
noise in the EBSD scans and plot Inverse Pole Figures. The grain size was measured 
as an area rather than a diameter to allow for comparisons to be made, due to the 
elongated aspect of LPBF grains (but an equivalent diameter is still given in the 
results, e.g. Table 4.1). The average grain size was taken for complete grains (not 
touching the border and/or corner of the image) and the standard error was 
calculated from the standard deviation and is indicated for all measurements in the 
results.  

 

3.4.1.8 Analysis of interrupted creep tests 

The specimens in the interrupted creep tests were analysed in a similar manner to 
the pre-creep microstructures. The samples were cut, ground and polished then 
analysed using SEM, EDS, EBSD as well as MATLAB, ImageJ, INCA and Channel5 
software. 

 

The following chapter will first look at the microstructure of the different specimens 
before creep.  
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4 Microstructure 

In this chapter, the microstructure of wrought and LPBF alloy 718 specimens will be 
observed and analysed. This chapter will permit the understanding of the effect of 
LPBF alloy 718 microstructure on subsequent creep properties. First, the 
microstructure of wrought alloy 718 will be presented, followed by the 
microstructure of LPBF alloy 718. The latter will present the microstructure of as-
built and heat treated specimens, followed by a comparison between specimens built 
with Meander or Stripe strategies. Then, the microstructure for the different build 
orientations will be shown, followed by the differences in microstructure between 
multi-laser and single-laser specimens. After this, a discussion of the effects of heat 
treatment and process parameters on the microstructure will be presented. 

 

In this section, different microstructural parameters, such as grain size and 
precipitates will be observed and analysed. For the analysis of precipitates, it should 
be noted that this work will focus on δ-precipitates, Laves and carbides. γ’’ 
precipitates are not part of this study but their effects have been 2.3.1in the literature 
review (Section 2.3.1) and will be mentioned in future discussions as well. 

 

4.1 Wrought alloy 718 

The microstructure of wrought alloy 718, which is the industry standard, is 
investigated to allow comparison with the LPBF equivalent and understand how the 
microstructures result in different creep performances. The LPBF alloy 718 
microstructure will then be presented, highlighting the differences between the 
microstructures of the different parameters investigated. 

 

Figure 4.1 shows the microstructure and crystallographic texture of wrought alloy 
718. From this figure, it can be observed that the wrought material is composed of 
small equiaxed grains, which were measured to be 82 ± 2.45 μm2 in area on average, 
in planes parallel and perpendicular to the loading direction (Figure 4.1a,b). This 
illustrates the isotropic nature of the material. Figure 4.1c reveals the precipitation of 
δ phase on the grain boundaries of the material. These precipitates are present in 
great quantity, with a density of 2.97 ± 0.15 %Area. The δ-precipitates in the wrought 
specimens also had a significant size range (particles size ranged from 1 μm to 12 μm 
in length and had an average radius of 0.64 ± 0.17 μm). Laves phases and carbides 
were also present as large globular precipitates (with an average diameter of 4.28 ± 
1.93 μm) in the material, but in small numbers. The wrought specimens were fully 
dense, as observed from Optical and SEM images and in other studies [213]. Table 4.1 
recaps the microstructural features of the wrought alloy 718. 
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Table 4.1: Part density, precipitate (δ, Laves and carbides) density (± 0.15 %) and grain size 
comparison for the Wrought specimens (Loading Direction = LD). 

Specimen 

Part 
Density 

(%) 

Average 
Precipitate 
Density 

(%Area) 

Grain 
Size 

(μm2) 

Equivalent 
grain diameter 

(μm)  

Wrought 100.00 2.97 82 ± 2.45 10 

 

 

Figure 4.1d,e, further reveals that there is no strong texture in the material and 
exposes the presence of annealing twins. The overall weak texture and isotropy in 
the wrought material could be a consequence of forging in hot conditions [213] and 
the texture in the <111> plane in the Y direction probably corresponds to the 
extruding direction of the material. The presence of annealing twins, which are 
highlighted in Figure 4.2, may also explain the presence of slight texture in the <111> 
direction observed in Figure 4.1e, as annealing twins tend to align parallel to the <111> 
plane.  

 

 
Figure 4.1: Microstructural observations for wrought alloy 718. a) Microstructure parallel to 

the loading direction. b) Microstructure perpendicular to the loading direction. c) 
Microstructure at higher magnification where precipitates are visible. d) EBSD map of 

wrought alloy 718. e) Inverse Pole Figure of the EBSD scan. The microstructure of wrought 
alloy 718 is composed of small equiaxed grains in perpendicular planes, showing the 

isotropic nature of the material. The precipitates on the grain boundaries are large and there 
is little texture in the material. 
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Figure 4.2: Annealing twins (in red) present in wrought alloy 718 before creep. 

 

Overall, the microstructure of wrought alloy 718 is isotropic with small equiaxed 
grains and very little texture. A large number of δ-precipitates are present on the 
grain boundaries with some carbides and Laves phases throughout the specimen as 
well. This microstructure will be used as a point of reference to allow comparison 
with LPBF microstructures which will now be presented. 

 

4.2 Laser powder bed fused alloy 718 

This section will introduce the microstructure of LPBF alloy 718. As-built and heat 
treated microstructures will initially be compared, followed by a comparison of 
microstructures resulting from Stripe or Meander strategies. Thereafter, 
microstructures manufactured with the different build orientations will be presented 
and finally, multi-laser and single-laser microstructures will be evaluated. 

 

4.2.1 As-built and heat-treated  

Figure 4.3 compares the microstructure of the 90° single-laser Meander AB and 90° 
single-laser Meander HT specimens. Both have elongated grains parallel to the build 
direction (Figure 4.3a,d) and smaller equiaxed grains perpendicular to the build 
direction (Figure 4.3b,e). This is caused by epitaxial growth triggered by the direction 
of heat flux and is similar to microstructures observed in other studies on LPBF alloy 
718 [42]. Some lines of small equiaxed grains perpendicular to the build direction 
correspond to laser overlapping areas (Figure 4.3b,e). The HT specimen has partially 
recrystallized grains while the AB specimen has ill-defined grain boundaries and sub-
micron sized cell structures (Figure 4.3c,f) similar to results seen in other studies 
[214]. The heat treated specimen also has precipitates at the grain boundaries (Figure 
4.3f), which were identified as carbides, laves and δ-precipitates from their globular 
and needle morphologies, and from EDS analysis (Table 4.2), with compositions 
closely resembling those found by Xu et al. [64]. EDS analysis of Laves phase, as noted 
in Table 4.2, showed a high weight% of Nb and Ti which, combined with the globular 
morphology, are all signs pointing to the presence of Laves. But due to the small size 
of these particles and the presence of carbides (which have similar indicators to Laves 
phase when viewed in SEM and EDS), the identification of Laves phase was 
inconclusive without recurring to TEM   However, according to Chlebus et al. [47], 

100 µm
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Laves phases are formed on grain boundaries and layer interfaces by the 
microsegregation of Nb and Mo at high cooling rates, which is the case during LPBF. 
Tucho et al. [152] also identified Laves phase in LPBF alloy 718 in both as-built and 
heat treated specimens. Hence, it can be surmised that Laves phase are present in 
the specimens. For clarity, the globular precipitates in LPBF alloy 718 SEM images 
will be labelled as Laves/carbides and their effects on creep addressed separately. 
Similarly, γ’’ precipitates, although not visible using SEM, are likely precipitated in 
the grain, as observed in other studies [134].  

 
Table 4.2: EDS analysis of the different phases present in LPBF material (Figure 4.3). (All 

values within ± 2 wt%) 

 Element composition (weight%) 

Elements γ matrix δ phase Carbide Laves phase 

Al 0.53 0.36 - 0.31 

Ti 1.03 1.72 5.49 1.75 

Cr 19.13 11.82 5.77 12.07 

Fe 18.54 11.33 5.37 11.06 

Ni 52.04 56.43 13.29 56.70 

Nb 5.63 16.12 67.37 15.92 

Mo 3.10 2.22 - 2.04 

Os - - 2.71 - 

 



  Microstructure 

95  Salomé Sanchez 
 

 
Figure 4.3: SEM images of the microstructure of 90° single-laser Meander AB and HT 
specimens. a)-c) 90° single-laser Meander AB. d)-f) 90° single-laser Meander HT. Both 

specimens had elongated grains parallel to the build direction and more equiaxed grains 
perpendicular to the build direction where the laser overlapping paths can be seen. At higher 
magnification, the AB specimen had more ill-defined grain boundaries and less precipitates. 

 

Table 4.3 shows the porosity data, the number of precipitates and the grain size for 
the AB and HT specimens.  

 

From Table 4.3, it can be observed that the difference in porosity for the AB and HT 
specimens was 0.02%. This is negligible and shows that the heat treatment did not 
affect the porosity of the LPBF specimens. This agrees with other studies where, 
unlike HIP, heat treatment was not shown to close porosities and defects [215].  

Furthermore, the XCT data obtained showed no signs of defects or pores which 
means that most porosities and defects present in the specimen were below the 
minimum detectable feature in XCT, which was 15 μm.  
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Table 4.3: Part density, precipitate (δ, Laves and carbides) density (± 0.15 %) and grain size 
comparison for the 90° single-laser Meander AB and HT specimens (Loading Direction = LD). 

Specimen 

Part 
Density 

(%) 

Precipitate 
Density 

Parallel to 
LD (%Area) 

Precipitate 
Density  

Normal to 
LD (%Area) 

Average 
Precipitate 
Density 

(%Area) 

Grain 
Size 

(μm2) 

Equivalent 
grain 
diameter 

(μm)  

90° 
single-
laser 
Meander 
AB 

99.962 0  0  0  
193 ± 
20 

16 

90° 
single-
laser 
Meander 
HT 

99.943 0.29  0.15  0.22 
129 ± 
13 

13 

 

In the HT specimen, δ-precipitates were present at the grain boundaries (Figure 4.3f). 
The wrought specimens had the highest density of δ-precipitates in this study, 12 
times more than the 90° single-laser Meander HT specimen (Table 4.3). This is in 
contrast to Gribbin et al. [213] who found that LPBF alloy 718 had more δ-precipitates 
than wrought alloy 718, by a factor of two. This may be due to the different heat 
treatment and process parameters used. The 90° single-laser Meander HT specimens 
had the lowest density of δ-precipitates of all the LPBF specimens. However, all LPBF 
specimens had similar lengths and diameters of δ-precipitates, ranging about 0.5 μm 
to 1 μm in length, with an average diameter of 0.29 ± 0.12 μm. The smaller  size of δ-
precipitates in LPBF compared to wrought was also observed in another study by 
Gribbin et al. [213]. All LPBF specimens also had similar diameters for the globular 
carbide/Laves precipitates, which was on average 0.45 ± 0.19 μm.  

 

Figure 4.4 shows the crystallographic orientations for both AB and HT specimens. 
Both specimens have a predominantly <001> texture in the Z direction, which 
corresponds to their build direction. The 90° single-laser Meander AB specimens had 
a stronger <001> crystallographic orientation parallel to the build direction, which 
was observed in other studies [216], and a slight texture perpendicular to the build 
direction (Figure 4.4a). The EBSD map clearly shows elongated and ill-defined grains 
in the build direction as well (Figure 4.4a). In comparison, the 90° single-laser 
Meander HT specimen had a weaker <001> texture in the build direction and more 
defined and recrystallised grains, although melt pools were still apparent (Figure 
4.4b), which shows that there is a reduction in texture after heat treatment, which is 
in agreement with other studies [217].  
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Figure 4.4: EBSD maps and Inverse Pole Figures of 90° single-laser Meander AB and HT 

specimens. a) 90° single-laser Meander AB. b) 90° single-laser Meander HT. The AB 
specimen has a much stronger texture in the Z direction, which corresponds to the build 

direction, compared to its heat treated counterpart.  

 

Despite having similar processing parameters, the AB and HT specimens had a 
difference in grain size, shown in Table 4.3, due to their difference in thermal 
treatment. Although grain size usually increases after heat treatment [128] or HIPing 
[218], the 90° single-laser Meander AB specimens were found to have larger grains, 
by a factor of 1.5, than their heat treated counterparts. This observation is explained 
by the very long and elongated columnar grains in the AB specimen, which although 
have smaller diameters, represent a larger grain area than the slightly bigger 
diameter grains in the HT specimen.  

Figure 4.5 further illustrates the grain size distribution for the AB and HT 90° 
Meander specimens and for wrought alloy 718. This shows that the majority of the 
grains were between 0 μm2 and 50 μm2 for all 3 specimens. However, both LPBF 
specimens also had a significant number of grains larger than 500 μm2, with the 
largest ones reaching over 6000 μm2. Also, it is logical that for a set area there would 
be a lesser number of larger grains than smaller ones, as you need many small grains 
to fill an area, compared to only a few larger grains. This explains the larger average 
observed in Table 4.3 for both specimens. These large grains probably correspond to 
the columnar grains present in the LPBF specimens, while the smaller ones may be 
caused by the laser overlapping areas. This distribution was also observed for the 
remaining LPBF specimens and hence will not be presented again. 
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Figure 4.5: Histogram of grain size distribution. a) Wrought alloy 718. b) 90° single-laser 

Meander AB. c) 90° single-laser Meander HT. This shows that the majority of the grains in all 
three specimens had an area between 0 and 50 μm2. 

 

From the observations made in this section, it is fair to conclude that the LPBF alloy 
718 specimens used in this study are representative of the larger LPBF alloy 718 
population. 

 

Overall, heat treating LPBF specimens resulted in more defined and partially-
recrystallised grains, the partial dissolution of Laves phase and the precipitation of 
strengthening phases like δ-precipitates and γ’’ phase. The texture was also reduced, 
and the porosity did not change with heat treatment. These numerous benefits 
justify why the remaining specimens were heat treated. 

 

4.2.2 Meander and stripe scan strategies  

Figure 4.6 compares the microstructure of 90° single-laser Meander HT and 90° 
single-laser Stripe HT specimens. The 90° single-laser Stripe HT specimen had a 
similar microstructure to its Meander counterpart, with elongated grains in the build 
direction. On the plane normal to the build direction, some lines of small equiaxed 
grains (≤ 150 μm2) can also be observed, which correspond to laser overlap regions 
since they are on average 18 μm in width, which corresponds to the 20 μm Stripe 
offset, and about 77 ± 10 μm apart, which is close to the 90 μm hatch spacing.  

a) Wrought

c) 90 single-laser Meander HTb) 90 single-laser Meander AB
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Figure 4.6: SEM images of the microstructure of 90° single-laser HT specimens with different 

scan strategies. a)-c) Meander strategy. b)-d) Stripe Strategy. Both microstructures are 
similar and laser overlapping areas (labelled) can be observed in the plane normal to the 

build direction. 

 

Table 4.4 quantifies the differences in grain size, porosity and precipitate density.  
The 90° single-laser Meander HT specimen had the lowest concentration of δ-
precipitates, 43% less than 90° single-laser Stripe HT. The porosity difference 
between the Stripe and Meander specimens is negligible while Stripe specimens had 
grains 20% larger than the Meander specimens. Grain size plays a critical role in 
creep performance so this observation can have key implications for the subsequent 
mechanical properties. 

 

Figure 4.7 shows the EBSD mapping and the inverse pole figures of the two different 
strategies. Both the Stripe and Meander strategies resulted in a <001> texture parallel 
to build direction, but the Meander strategy had a stronger texture. Geiger et al. 
showed that different scan strategies resulted in different texture strength for LPBF 
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alloy 738LC [219] and Newell et al. [217] also found that Stripe specimens retained 
less texture than Meander equivalents, which was also observed here.  

 
Table 4.4: Part density, Precipitate (δ, Laves and carbides) density (± 0.15 %) and grain size 

comparison between 90° single-laser HT Meander and Stripe specimens (LD = Loading 
Direction). 

Specimen 

Part 
Density 

(%) 

Precipitate 
Density  

Parallel to 
LD (%Area) 

Precipitate 
Density  

Normal to 
LD (%Area) 

Average 
Precipitate 
Density 

(%Area) 

Grain 
Size 

(μm2) 

Equivalent 
grain 
diameter 

(μm) 

90° single-
laser 
Meander 
HT 

99.943 0.29 0.15  0.22 
129 ± 
13 

13 

90° single-
laser 
Stripe HT 

99.947 0.90 0.95 0.93 
156 ± 
9 

14 

 

 
Figure 4.7: EBSD maps and Inverse Pole Figures of 90° single-laser HT specimens with 

different scan strategies. a) Meander strategy. b) Stripe strategy. This shows that the Stripe 
strategy results in weaker texture than the Meander strategy. 

 

Overall, the Stripe and Meander scan strategies resulted in similar microstructures. 
There was no difference in porosity and a stronger texture was observed in the 
Meander strategy. The Stripe strategy was used for the remaining of the specimens 
as it allows the comparison with specimens built with multiple lasers. The Stripe 
strategy is also one of the most common strategies used in practice and allows 
comparison with other studies.  
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4.2.3 Build orientations 

Figure 4.8 shows that all specimens had elongated grains in the build direction and 
a more equiaxed microstructure perpendicular to the build direction with some 
traces of laser overlapping areas, distinguishable as lines of small equiaxed grains. 
This anisotropic microstructure has been observed in many studies, e.g. [220]. The 
grain size for the different build orientations can be found in Table 4.5. The 45° 
specimen had the largest grains, by a factor of 1.8, compared to the 90° specimen 
which had the smallest. 

 

 
Figure 4.8: SEM images of the microstructure of single-laser Stripe specimens with different 

build orientations. a)-c) 90°. d)-f) 45°. g)-i) 0°. The images are oriented with respect to the 
loading direction. This shows elongated grains parallel to the build direction for all 

specimens with equiaxed perpendicular to the build direction. At higher magnification, δ 
phase precipitates can be observed on the grain boundaries with some pores. 

 

Table 4.5 shows that the difference in porosity between the different build 
orientations is 0.03%, which is negligible. Therefore, it is acceptable to conclude that 
the build orientation does not significantly affect the porosity in the LPBF specimens.  

 
Table 4.5: Part density, precipitate (δ, Laves and carbides)  density (± 0.15 %) and grain size 

comparison for the single laser Stripe specimens with different build orientations (LD = 
Loading Direction). 
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Specimen 

Part 
Density 

(%) 

Precipitate 
Density  

Parallel to 
LD (%Area) 

Precipitate 
Density  

Normal to 
LD (%Area) 

Average 
Precipitate 
Density 

(%Area) 

Grain 
Size 

(μm2) 

Equivalent 
grain 
diameter 

(μm) 

90° 
single-
laser 
Stripe HT 

99.947 0.90 0.95 0.93 
156 ± 
9 

14 

45° 
single-
laser 
Stripe HT 

99.977 0.58 0.67 0.63 
287 ± 
35 

19 

0° single-
laser 
Stripe HT 

99.973 0.43 0.45 0.44 
196 ± 
19 

16 

 

At higher magnification, δ phase precipitates, carbides, Laves phase and pores can 
be observed (Figure 4.8c,f,i). The δ phase precipitates were oriented in line with the 
build direction due to the elongated grains in that direction. Furthermore, the size, 
quantity and orientation of the δ-precipitates varied for each test case and can be 
observed in Table 4.5. The 90° specimens had the highest δ-precipitate density for 
the different build orientations, however, this amount was 3 times smaller than 
wrought alloy 718 (Table 4.3).  

 

Figure 4.9 shows the EBSD maps oriented according to the loading direction (with 
individual build directions specified for the different cases). The inverse pole figures 
were processed so that the Z direction corresponds to the build direction of the 
different specimens, except for the 45° single-laser Stripe HT specimen which is 
oriented so that Z is the loading direction. The 90° specimen had very little texture 
but still a local maximum in the <001> direction parallel to the build direction (Figure 
4.9a). The 45° single-laser Stripe HT also presented a very small <111> texture slightly 
perpendicular to the loading direction, which likely corresponds to its build direction 
(Figure 4.9b). The 0° specimen had a <001> texture in line with its build direction 
(Figure 4.9c) which was the strongest out of the other Stripe HT orientations (but 
still less than the 90° Meander strategy). Watring et al. [221] and Bean et al. [222] also 
observed a predominant <001> texture in the build direction in specimens with 
different build orientations. Compared to the wrought specimen, which clearly 
presented small equiaxed grains and very little texture (Figure 4.1d,e), the anisotropy 
of the LPBF specimens with elongated grains and strong texture parallel to the build 
direction is evident.  
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Figure 4.9: EBSD maps and Inverse pole figures for LPBF alloy 718 single-laser Stripe 

specimens built with different build orientations. a) 90°. b) 45°. c) 0°. This shows a <001> 
texture parallel to the build orientation for each test case. 

 

Overall, the build orientation affects the orientation of the grains as well as their size. 
However, the build orientation does not seem to affect the porosity or precipitation 
of strengthening phases in the specimen. A <001> texture was present parallel to the 
build direction for each specimen, which likely causes anisotropy in mechanical 
properties. 

 

4.2.4 Multi-laser scan strategies 

Figure 4.10 shows the microstructure of the 90°, 45° and 0° heat treated specimens 
for single and multi-laser scan strategies, in line with the loading direction. The 
microstructure of the different build orientations clearly shows elongated grains in 
the build direction, regardless of the number of lasers. Pores were also visible in all 
specimens, as well as precipitates such as Laves phase, carbides and δ-particles, 
indicated in Figure 4.10. 

 

Despite having a similar microstructure morphology, multi-laser built specimens 
had different grain sizes and precipitate densities when compared to same 
orientation single-laser built counterparts, as shown in Table 4.6.  
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Figure 4.10: SEM images of the pre-creep microstructure of LPBF specimens with Stripe 

strategy, different build orientations and single or multi-lasers. a)-c) 90° single-laser. d)-f) 90° 
multi-laser. g)-i) 45° single-laser. j)-l) 45° multi-laser. m)-o) 0° single-laser. p)-r) 0° multi-laser. 

Showing elongated grains parallel to the build direction, equiaxed grains perpendicular to 
build direction and some δ and Laves precipitates. All specimens aligned with the loading 

direction. 
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Table 4.6: Part density, precipitate (δ, Laves and carbides) density (± 0.15 %) and grain size 
comparison between single and multi-laser Stripe specimens at different build orientations 

(LD = Loading Direction).  

Specimen 

Part 
Density 

(%) 

Precipitate 
Density 

Parallel to 
LD (%Area) 

Precipitate 
Density  

Normal to 
LD (%Area) 

Average 
Precipitate 
Density 

(%Area) 

Grain 
Size 

(μm2) 

Equivalent 
grain 
diameter 

(μm) 

90° 
single-
laser 
Stripe HT 

99.947 0.90 0.95 0.93 
156 ± 
9 

14 

90° 
multi-
laser 
Stripe HT 

99.984 0.21 0.58 0.40 
177 ± 
21 

15 

45° 
single-
laser 
Stripe HT 

99.977 0.58 0.67 0.63 
287 ± 
35 

19 

45° 
multi-
laser 
Stripe HT 

99.980 0.42 0.66 0.54 
200 ± 
14 

16 

0° single-
laser 
Stripe HT 

99.973 0.43 0.45 0.44 
196 ± 
19 

16 

0° multi-
laser 
Stripe HT 

99.960 0.68 0.41 0.55 
252 ± 
25 

18 

 

The grain size for the various specimens, shown in Table 4.6, reveals that 45° single-
laser Stripe HT specimens had the biggest grains, at 287 μm2 with a 35 μm2 standard 
error, followed by 0° multi-laser, with grains 14% smaller. The 45° single-laser Stripe 
HT specimens’ grains were also 71% larger than those of the wrought specimen. The 
90° and 0° multi-laser specimens had larger grains than their single-laser counterpart 
by 12% and 29%, respectively.  

 

Table 4.6 also presents the porosity data obtained which was similar to other single-
laser studies [223, 224]. The 90° multi-laser Stripe HT Specimens had the highest 
density, however this was only 0.04% different from 90° single-laser Stripe HT 
specimens which had the lowest density. The density for the 90° and 45° multi-laser 
Stripe specimens was slightly higher than their single-laser counterparts, and slightly 
lower for the 0° specimens, but the differences were insignificant. Hence, it can safely 
be assumed that multi-laser scan strategies play a negligible role in porosity 
formation.  
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The precipitate density, both parallel and perpendicular to the loading direction, is 
shown in Table 4.6. From observations, these precipitates should mostly be δ 
particles, although they could also be Laves or carbides. Parallel to the build 
direction, 90° single-laser Stripe HT specimens had the highest precipitate density, 
24% more than the 0° multi-laser specimens, which had the second highest amount 
and 76% more than the 90° multi-laser specimens, which had the lowest amount.  
Perpendicular to the build direction, 90° single-laser Stripe HT specimens still had 
the highest density of precipitates, but 0° multi-laser specimens had the lowest 
amount. The 0° and 90° components show significant difference in precipitates 
between single and multi-laser strategies, however, the 45° specimens had a similar 
density regardless of the number of lasers. This shows a difference in precipitate 
density between the single and multi-laser scan strategies for a given orientation.  

 

Figure 4.11 shows the EBSD maps and inverse pole figures of the single and multi-
laser specimens. As previously observed in former sections, all the specimens had a 
<001> texture in line with their build direction. From Figure 4.11a,b it seems that for 
the 90° orientation, the multi-laser specimen had more texture than their single-laser 
counterpart. For the 45° build orientation, the texture does not seem to vary 
significantly between the single and multi-laser components, where both have very 
little texture (Figure 4.11c,d). Whereas there seems to be a decrease in texture in the 
0° multi-laser specimen Figure 4.11e,f).  From these results it can be surmised that 
multi-laser scan strategies also affect the crystallographic orientation of specimens 
for a given orientation. 

 

Overall, using a multi-laser scan strategy resulted in a similar microstructural 
morphology to that seen in the single-laser specimens and similar porosity. However, 
the grain size, precipitate density and texture strength varied between multi and 
single-laser scan strategy specimens.  

 

 

The wrought and LPBF microstructures of alloy 718 have been found to be different 
in almost every way. Where wrought alloy 718 had an isotropic microstructure with 
small equiaxed grains and very little to no texture, LPBF alloy 718 had an anisotropic 
microstructure with long elongated columnar grains and texture parallel to the build 
direction. Grain size, precipitate density and porosity were also varied with the 
different process parameters. The reason for these differences will be explained in 
the following discussion sections.  
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Figure 4.11: EBSD maps and Inverse Pole Figures of LPBF Stripe specimen with different 
build orientations and single or multi-laser strategies. a) 90° single-laser. b) 90° multi-laser. 
c) 45° single-laser. d) 45° multi-laser. e) 0° single-laser. f) 0° multi-laser. Showing a <001> 

texture parallel to the build direction. The use of multi-laser affects the texture strength for 
the 90° and 0° specimens, while it has a negligeable effect on the 45° specimens. 

 

4.3 Effect of heat treatment 

Appropriate heat treatments result in the precipitation of strengthening precipitates 
such as γ’’ and δ phases [225], as well as the dissolution of detrimental phases such 
as the Laves phase. Since AB specimens were not heat treated, inter-dendritic Laves 
phases were present. Gribbin et al. [213] observed that carbides were absent in AB 
specimens, but present after HIP. They were also observed in other studies with 
different powder compositions [124] and build orientations [214]. Laves have been 
shown to result in a lack of ductility, as shown by Schirra et al. [226], which may 
impact creep performance. Huang et al. [54] states that when the solution 
temperature is below 1130°C (which was the case for the present study), the original 
dendritic microstructure is replaced by partially recrystallised grains that retain their 
orientation and that Laves phases are not fully dissolved. Another possible reason 
why the wrought specimens had a higher percentage of precipitates is that the heat 
treatment standard used was developed with a wrought microstructure in mind as a 
starting point. The fact that LPBF materials have an anisotropic microstructure of 
elongated columnar grains and equiaxed grains in different directions, dissimilar to 
wrought or cast materials which have an almost isotropic microstructure, means that 
the heat treatment is not optimal as it was not designed specifically for this starting 
microstructure. Huang et al. [54] researched new heat treatments for LPBF alloy 718 
and found that reducing the cooling rate contributed to the precipitation of 
strengthening precipitates and that a lower solution time is required, compared to 
alloy 718 ingots. Furthermore, they found that LPBF materials have a faster ageing 
response compared to wrought material which led to the dissolution of Laves phases 
and allowed a higher precipitation of strengthening phases, resulting in higher 
tensile strength and ductility [54].  

 

Heat treatment also affected the grain size of specimens. 90° single-laser Meander 
HT specimens were found to have smaller grains than their AB counterpart. A reason 
for this is that while the heat treatment partially-recrystallised the grains and 
resulted in more defined grain boundaries in the HT specimen, it did not necessarily 
result in grain growth. Zhao et al. [227] also showed that grain size did not vary 
significantly after a solution treatment at 1080℃  and hence, due to the different 
starting microstructures between LPBF and conventional nickel-based superalloys, 
the heat treatment does not yet result in larger and fully recrystallised grains in LPBF 
specimens. This shows that further work on heat treatment optimisation for LPBF 
alloy 718 could result in better control of the mechanical properties of the material. 
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4.4 Effect of laser powder bed fusion process 

parameters 

The literature review highlighted that the process parameters affect the resulting 
LPBF microstructure. This discussion section will investigate the effects of the scan 
strategies, the build orientation and the use of multi-lasers on the microstructure. It 
should be noted that the number of lasers, the surface area being melted, the layout 
of the stripe segments, the 67° interlayer rotation and the fraction area of loose 
powder or solidified material underneath each layer being melted, changes from 
layer to layer, meaning that heat dissipation varies significantly within the layer and 
the specimen. Indeed, heat flux has been shown to greatly influence the LPBF 
microstructure on a layer-level [228]. This results in heterogeneity within the layer 
itself and within the specimen. Hence, the grain size, precipitate density and even 
porosity obtained, may not be representative of the whole specimen, as only the 
middle of the specimen was analysed, not the entire structure. The discussion will 
be presented with this in mind. 

 

4.4.1 Effect of scan strategies 

The difference between the Stripe and Meander strategies may be explained by the 
lesser quantity of laser overlapping zones in the latter. The laser overlapping areas 
undergo some re-melting that results in larger grains parallel to the build direction, 
due to the slower cooling rate caused by the 2nd heat input. This 2nd heat input causes 
the columnar grains to rotate [229], resulting in equiaxed grains normal to the build 
direction. This equiaxed overlapping laser region was observed here (Figure 4.6b’) 
and by Ahmad et al. [123]. Choi et al. [43] also states that the laser overlapping area 
is subject to complex heat flows which changes the orientation of the grains and 
results in equiaxed microstructure at the melt-pool boundaries. The columnar grains 
were stated to grow from the boundary towards the centre of the melt-pool while 
equiaxed grains were formed by supercooling at the boundaries [140]. Parimi et al. 
[65] also observed inter-layer equiaxed grain structure. These equiaxed areas can be 
observed in the planes normal to the build direction (Figure 4.6a’,b’) and a schematic 
representation is shown in Figure 4.12. The higher quantity of equiaxed grains in the 
Stripe specimens could also be responsible for the higher density of δ-particles (Table 
4.4). Indeed, smaller grains mean that there is a higher density of grain boundaries 
and hence, a higher density of δ-precipitates in Stripe specimens. 
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Figure 4.12: Meltpool and grain formation schematic, showing the columnar and equiaxed 

grains. With the build direction and Hatch Distance (HD) indicated. 

 

The Stripe and Meander specimens also had a 20% difference in grain size. The 
difference in grain size between the strategies is caused by the different thermal 
gradients and cooling rates present in the specimen, where the higher energy density 
in the Stripe specimen produced larger grains. Indeed, Arisoy et al. [230] found that 
increasing the energy density resulted in larger grains  and Wan et al. [231] stated 
that this was due to the different maximum temperature gradients and cooling rates. 
Therefore, as the Stripe strategy receives more heat input in the overlapping laser 
areas, this could have resulted in the larger grains observed parallel to the build 
direction. The higher texture in the Meander specimen is also probably due to the 
presumably faster cooling rates present during the process. 

 

Scan strategies are important factors which contribute to porosity content within 
AM [232]. But the difference in porosity in this work was negligible between the 
Meander and Stripe strategies and hence, it seems that the scan strategy does not 
affect the porosity. However, other studies have shown that a higher heat input 
results in more porosity and defects [233]. The laser overlapping area (Figure 4.12) is 
prone to getting higher heat input and hence, more defects may be present in the 0° 
specimen which had a larger Stripe offset. 

 

4.4.2 Effect of build orientation 

One of the main microstructural differences observed in the different build 
orientations was the orientation and size of the grains. Figure 4.13 schematically 
shows the grain growth mechanisms in the different build orientations. For 90° and 
0° specimens, primary heat loss occurs through the build towards the build plate, as 
well as a secondary heat loss through the powder on either side of the layers (Figure 
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4.13a,c). In the 45° specimens, there is heat loss both in the build and powders as well 
as in the support structures, resulting in different thermodynamic effects which 
favoured grain growth (Figure 4.13b). Du et al. [234] also suggested that the rate of 
thermal energy input increases and the heat  dissipation decreases in the 45° 
specimen, compared to the 90° one. Hence, this input in thermal energy may also be 
contributing to the larger grains observed in the 45° specimens. Furthermore, the 
specimens were heat treated while still being attached to the build plate, which may 
have acted as a heat source during the cooling down. Indeed, the 45° specimens were 
built with numerous supports along its length whilst the 90° specimens had the least 
contact with the build plate and no supports. Having a large contact with this heat 
source may have slowed the cooling rate and allowed more time for grain growth in 
the 45° single-laser Stripe HT specimens.  

 

 
Figure 4.13: Schematic representation of the effect of build orientation on the microstructure 
of LPBF alloy 718. a) 90° specimens. b) 45° specimens. c) 0° specimens. The dominant grain 

growth direction is dependent on the direction of heat loss, which varies for the different 
build orientations. 

 

Another difference between specimens built with different orientations was the 
amount and orientation of precipitates. Du et al. [234] found that specimens built at 
90° orientation had less Laves phase than ones built at 45° and that the Laves phase 
morphology changed from discrete islands to continuous networks for 90° and 45°, 
respectively. This phenomenon is explained by the decrease in thermal gradient 
during solidification of the alloy in the melt pool which increases the concentration 
of Laves phase for the 45° specimen [234]. Furthermore, Section 4.2.2 showed that 
the 90° Stripe and Meander HT specimens had a 43% difference in precipitate 
density, whilst the 45° single-laser Stripe HT and 0° single-laser Stripe HT specimens 
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had a similar amount. Hence, it is possible that the scan strategy is largely 
responsible for the difference in precipitate density. 

 

Overall, the various thermal effects associated with each build orientation, with the 
differences in heat inputs and heat losses, impact grain and precipitate size and 
orientation.  

 

4.4.3 Effect of multi-laser scan strategies 

Multi-laser scan strategies affect the grain size in the specimens (Table 4.6). This is 
likely due to a difference in thermodynamic effects caused by the higher heat input 
from the use of multiple lasers. However, the mechanisms by which grains grow do 
not change compared to single-laser LPBF (Figure 4.13).Table 4.6 shows that multi-
laser scan strategies resulted in bigger grains for 90° specimens and smaller grains 
for 45° specimens, compared to their single-laser counterparts. Similarly, Shi et al. 
[235] found that laser shaping strategies affected the subsequent grain morphology 
and size. The 90° and 0° multi-laser specimens had larger grains than their single-
laser counterparts as the cross section being melted on each layer was identical and 
had a 100% fraction area of solidified layer underneath, making the conditions 
relatively constant. By comparison, when multiple lasers melted the surface, there 
was a higher heat input which may have promoted grain growth. Arisoy et al. [230] 
also found that increasing the energy density resulted in larger grains sizes in Inconel 
625. The 21 μm2 disparity in grain size for the 90° multi-laser Stripe HT specimen 
could be due to the interlayer rotation, which means that the smaller stripe segment 
had a solidification rate dependent on its placement relative to the layer underneath. 
For the 45° specimens, the conditions were not consistent layer-to-layer. Indeed, the 
ellipse shape needed to move across the bed to form a cylindrical specimen at a 45° 
angle. That meant that the amount of powder on the layer underneath and the 
amount of solidified material varied each time. Furthermore, the grain data was 
obtained from one surface of that specimen and so may not be representative of the 
whole specimen. This may explain the high deviation in the 45° specimens’ grain size 
of 35 μm2, which means that there was a wide disparity in grain size within the 
specimen. However, the smaller grains in the 45° multi-laser specimen could be due 
to thermodynamic effects caused by the higher heat input on the surface which may 
have caused a faster cooling rate to occur and hence, resulted in smaller grains than 
its single-laser equivalent.  Furthermore, the lasers sometimes fired the supports first 
and then the core. This means that the supports were melted first and became a heat 
sink for the core. Indeed, support structures have been shown to remove heat away 
from the process zone and affect part quality [236]. However, Song et al. [237], who 
investigated the effect of different types of support structures on single-laser scan 
strategies, stated that the effect of supports on the local microstructure and hardness 
was marginal. Since this study did not investigate the effects of support structures 
on different scan strategies, the above hypothesis still stands. Hence, it can be 
deduced that the higher heat input produced by multi-laser scan strategies has the 
potential to control grain size, with suitable control. Indeed, a US Patent has been 
filed which claimed that using multiple laser beams from selected fibres of a diode 
laser could control the melt-pool cooling rate to form a single crystal microstructure 
[238]. 
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Additionally, down streaming, which causes spatter, sometimes happened during 
the builds. This may have affected the porosity and, more importantly, the number 
of irregular pores in the specimens. Increasing the energy input, up to a certain 
threshold, has been shown to reduce the amount of pores, while an excessive heat 
input has also been shown to induce porosity [239]. The lower porosity in the 90° 
and 45° multi-laser specimens could be caused by the higher heat input, and hence 
better melting of the layer. While the reason the 0° multi-laser specimens seemed to 
have more porosity than their single-laser counterparts, may be explained by the 
larger stripe offset, compared to 90° and 45° specimens, and the fact that all 4 lasers 
were operating on the same layer at one time, resulting in excessive heat input.  
Hence, the bigger overlap region, already receiving more heat input than the 90° and 
45° single-laser parts, would have received further energy input when multiple lasers 
were melting the surface, resulting in the increased number of pores. But despite the 
different stripe offset in the 0° specimens, the porosity was not significantly 
influenced. However, different scan strategies have been shown to result in different 
levels of porosity due to excessive heat inputs in the laser overlap region [233]. Hence, 
although no difference in porosity was observed in this case, the laser overlap region 
in 0° specimens could affect the mechanical performance and other microstructural 
aspects. 

 

As shown in Table 4.6, multi-laser scan strategies affect the number of precipitates 
present in specimens. A possible explanation for this was given in a paper by Xiao et 
al. [240] who found that by using a quasi-continuous wave (QWC) laser at different 
frequencies, they could control the morphology, distribution and amount of Nb-rich 
precipitates, namely δ and γ’’,  in alloy 718. They explained that by controlling the 
cooling rate of the melt-pool, elemental diffusion could be controlled. They observed 
that a faster cooling rate gave insufficient time for element diffusion, resulting in Nb 
trapped in the γ matrix, whereas a slower cooling rate resulted in more Nb 
segregation. After a solution and ageing treatment, δ phases precipitated in the inter-
dendritic zones and around the partly-dissolved Laves particles. Hence, the 50 Hz 
QWC laser, which resulted in a slower cooling rate, showed more δ precipitation 
than the 10 Hz QWC laser, which had a faster cooling rate. However, the 10 Hz QWC 
showed a higher presence of γ’’ precipitates which are the main strengthening 
precipitates for alloy 718 and have been shown to be beneficial to creep performance 
[241]. It was stated previously that multi-laser scan strategies result in a different 
thermodynamic effect than their single-laser counterpart, depending on the build 
orientation. Hence, by controlling the build process, optimising the number of lasers, 
the surface area and the scan strategy, the cooling rate could be controlled which 
would result in the desired precipitate precipitation after heat treatment. 

 

Geiger et al. [219] found that the texture in LPBF alloy 738LC was controlled by the 
thermal gradient during the build. Therefore, the differences in texture strength 
between the single and multi-laser 90° and 0° specimens can be explained by the 
higher heat input and thermal gradients present in the layer during melting. The 
reason why the 45° single and multi-laser specimens were similar may be due to the 
varying layer cross-section and supports which may have acted as heat sinks. 
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Overall, multi-laser strategies affect the thermodynamic effects during the build 
which result in differences in grain size, texture and precipitate density. 

 

4.5 Summary of findings 

This section showed that there were clear microstructural differences between 
wrought and LPBF alloy 718. Some of the key findings include: 

• Wrought material had an equiaxed isotropic microstructure with large 
precipitates, while LPBF was characterised by its anisotropy and sub-optimal 
precipitates. All LPBF specimens displayed elongated columnar grains 
parallel to the build direction and more equiaxed grains normal to the build 
direction.  

• Heat treatment of LPBF specimens reduced anisotropy and resulted in more 
defined grain boundaries, precipitation of strengthening phases and reduced 
crystallographic texture. However, the heat treatment employed was 
designed for wrought alloys and hence, resulted in sub-optimal results in 
terms of recrystallisation, dissolution of detrimental phases and precipitation 
of strengthening phases.  

• The LPBF process parameters also affected the specimens’ microstructures. 
The scan strategy influenced the amount of small equiaxed grains 
perpendicular to the build direction as well as the number of δ-precipitates.  

• The build orientation mainly influenced the grain size and orientation of the 
different specimens. 

• The use of multiple lasers affected the grain size and precipitate density.  

 

In general, LPBF has a complex process-microstructure relationships which still need 
to be better understood. The findings from this section will enable a better 
understanding of why and how wrought and LPBF alloy 718 fail from creep. In the 
following section, the different creep behaviours of these materials are described and 
discussed. 
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5 Creep behaviour 

Presented here are the creep curves for various LPBF specimens, from varying build 
conditions (as-built/heat treated, stripe/meander scan strategies and single/multi-
laser scan strategies) as well as subsequent fractography in order to understand 
corresponding failure mechanisms. Comparison is also made to the equivalent 
performance of wrought alloy 718. Thereafter, discussion on the effects of the LPBF 
microstructure, heat treatment and the various LPBF process parameters on creep 
behaviour will be presented. 

 

5.1 Wrought alloy 718 

Figure 5.1 shows the creep curves obtained for all LPBF test cases and wrought 
material. The wrought alloy 718 specimens had an average creep life of 409h. From 
Figure 5.1, it is clear that the wrought material has a much higher elongation at 
fracture than the LPBF specimens. The wrought specimens’ elongation at fracture of 
29.3% is in line with literature [183] and about 4 times higher than the most ductile 
LPBF specimens (90° single-laser Meander HT). The minimum creep rate for the 
wrought specimen was 2.47 x 10-1 h-1 and was lower than most LPBF minimum creep 
rates, except for 90° single-laser Meander HT and 90° multi-laser Stripe HT, which 
had similar minimum creep rates and longer creep lives than the wrought specimens.  

 

 
Figure 5.1: Creep curves for all test cases, showing the higher elongation at fracture of 

wrought material, and some LPBF specimens having longer creep lives. 

 

Figure 5.2 shows the fracture surface and fracture cross section of the wrought 
specimen. The fracture surface had a fibrous appearance (Figure 5.2f) with numerous 
dimples and a shear lip (Figure 5.2e) at the specimen edge as well as a reduction in 
area (Figure 5.2d), which are all signs of totally ductile failure, typical for creep failure 
of nickel-based superalloys [242, 243].  
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Figure 5.2: Fracture after creep of wrought alloy 718. a) The fracture cross-section showing 

the damage incurred during creep. b) Crack initiation at Carbides and Laves phase. c) 
Microvoid initiation on the grain boundaries in δ phase gaps. d) The fracture surface 

showing clear signs of necking and reduction in area. e), f) Clear indicators of ductile failure 
with dimples, fibrous appearance and shear lips. All indicators indicate a fully ductile 

fracture in the wrought specimen. 

 

There are clear signs of necking and reduction in area with a cone and cup shape at 
the top of the fracture surface (Figure 5.2a), which is typical for creep failure of this 
material [183]. The biggest defects seemed to be formed around carbides (Figure 5.2b) 
whereas at higher magnifications, some small microvoids can be observed adjacent 
to δ-precipitates (Figure 5.2c), which is a typical dislocation creep mechanism [58] 
and was observed in earlier studies [244]. 
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Table 5.1 quantifies the damage seen in the wrought material. Several metrics are 
used to compare the damage sustained during the creep tests. The crack density 
represents the total area of cracks, as a percentage of the total area of the specimen. 
This is a representation of the total amount of damage incurred in a specimen. The 
maximum crack length metric indicates the degree of microvoids coalescence. This 
could be an indicator of a localised weakness in the material. Lastly, the height of the 
fracture surface represents the height difference between the highest and the lowest 
point on the fracture surface and can be used to understand how many layers the 
LPBF specimens failed over. The data shown for the wrought material will be used 
for comparison to the LPBF specimens at a later stage.  

 
Table 5.1: Quantification of damage in wrought alloy 718. 

Specimen Crack 
density  

(± 
0.15 %Area) 

Maximum crack 
length  

(± 0.5 μm)  

Height difference in fracture 
surface 

(mm with ISO 4287 [245] 
error) 

Wrought  0.138 59  1.93 

 

Overall, the wrought alloy 718 outperformed most LPBF specimens in terms of both 
minimum creep rate and creep life. The elongation at fracture of wrought alloy 718 
was considerably higher than the LPBF specimens and the fracture surface showed 
clear signs of a fully ductile fracture. The creep behaviour of the wrought alloy 718 
will serve as a benchmark against the creep properties and behaviour of the LPBF 
specimens, presented next. 

 

5.2 Laser powder bed fused alloy 718 

Figure 5.3 presents the creep curves without the wrought material, which enables a 
better visualisation of the difference in creep curves for the LPBF specimens. The 90° 
HT specimens had full creep curves whereas the remaining of the specimens failed 
at the onset of tertiary creep. 

 

Figure 5.4 shows the differences in minimum creep rate, creep life and elongation at 
fracture for all the test cases. Table 5.2 presents the values corresponding to this plot 
and will be used to assess the creep performance. The 90° single-laser Meander HT 
specimens had the longest creep life, 24% longer than wrought alloy 718, and a 
similar minimum creep rate to the 90° multi-laser Stripe HT (8% difference) and 
wrought specimens (0.4% difference). This is in a contrast to a previous study which 
found that wrought specimens outperformed LPBF specimens by 33% [64]. However, 
in compression creep testing, Pröbstle et al. [157] showed that the minimum creep 
rate for heat treated LPBF specimens was lower than the wrought material. The 
repeats of the specimens had similar creep curves and creep lives. The individual 90° 
multi-laser Stripe HT specimens had the largest disparity, with 73h difference (17%) 
in creep life between specimens, while the remaining specimens had even less 
disparities. Hence, despite the uniqueness of each layer and of each specimen, similar 
characteristics were obtained during mechanical testing. This brings confidence to 
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the results and allows some generalisation of properties and microstructures for the 
different specimens. 

 

 
Figure 5.3: Creep curves for the LPBF specimens only, where the different shapes of the 

creep curves, most notably in terms of tertiary creep, are visible. 

 
Table 5.2: Quantification of the creep performance for all test cases. (Ordered from longest 

creep life to shortest). 

Specimen Creep 
Life  

(h) 

Minimum 
creep rate  

(10-1 h-1) 

Elongation at 
fracture  

(%) 

90° single-laser Meander 
HT 

507 ± 13 2.46 ± 0.1 7.5 ± 0.5 

90° multi-laser Stripe HT 416 ± 19 2.68 ± 0.2 7.0 ± 0.4 

Wrought 409 ± 8 2.47 ± 0.2 29.3 ± 0.1 

90° single-laser Stripe HT 320 ± 4 3.95 ± 0.1 6.9 ± 0.3 

45° multi-laser Stripe HT 189 ± 8 3.05 ± 0.04 1.9 ± 0.03 

45° single-laser Stripe HT 188 ± 5 3.36 ± 0.2 1.8 ± 0.1 

0° single-laser Stripe HT 131 ± 16 4.86 ± 0.8 1.4 ± 0.1 

0° multi-laser Stripe HT 122 ± 6 5.45 ± 0.2 1.8 ± 0.6 

90° single-laser Meander 
AB 

107 ± 17 12.4 ± 1.1 2.6 ± 0.3 

 

The differences in creep behaviour for the various types of specimens are compared 
below, starting by differences between the as-built/heat treated, the meander/stripe 
scan strategies, the different build orientations and the single/multi-laser scan 
strategies.  
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Figure 5.4: Minimum creep rate (black bars in top graph), creep life (black bars in bottom 
graph) and elongation at fracture (white square scatter points in bottom graph) for all the 

specimens. This shows that the 90° single and multi-laser specimens had similar minimum 
creep rates and lives as the wrought material. The 90° AB specimen performed the worst 

both in terms of creep rate and life. The elongation at fracture of the wrought material is the 
highest, followed by the 90° specimens. 
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5.2.1 As-built and heat treated 

Figure 5.5 shows that the 90° single-laser Meander AB specimens had an inferior 
creep life, compared to their heat treated counterparts, by a factor of 5, which is in 
line with other studies [64]. The minimum creep rate for 90° single-laser Meander 
HT was also 80% lower than its AB equivalent. This shows the beneficial effect of 
heat treatment and confirms the choice to heat treat the remaining specimens. 
Furthermore, Figure 5.5 shows that while 90° single-laser Meander HT had a full 
creep curve, the 90° single-laser Meander AB specimen failed at the onset of tertiary 
creep. The 90° single-laser Meander AB specimens also had a lower elongation at 
fracture by a factor of 2.9 than their heat treated counterpart (Table 5.3). The 
difference in ductility is also evident in the fracture surface. 

 

 
Figure 5.5: Creep curves for 90° single-laser Meander AB and 90° single-laser Meander HT, 

clearly displaying the differences in minimum creep rate, creep life and elongation at fracture 
between as-built and heat treated specimens. 

 
Table 5.3: Quantification of the creep performance for the AB and HT 90° single-laser 

Meander specimens. 

Specimen Creep Life  

(h) 

Minimum 
creep rate  

(10-1 h-1) 

Elongation at fracture  

(%) 

90° single-laser Meander HT 507 ± 13 2.46 ± 0.1 7.5 ± 0.5 

90° single-laser Meander AB 107 ± 17 12.4 ± 1.1 2.6 ± 0.3 

 

The fracture surface and the cross-section of the fracture surface for 90° single-laser 
Meander AB and 90° single-laser Meander HT, are shown in Figure 5.6. The fracture 
surface of the AB specimen had ductile aspects, such as dimples (Figure 5.6d), but 
also more brittle indicators, like cleavage steps (Figure 5.6e). This shows that 
although ductile mechanisms were present during failure, the LPBF specimens tested 
in the present work showed much more brittle behaviour than wrought alloy 718. 
This was also observed by Vielle et al. [246] on the fracture behaviour of AM alloy 
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Meander HT

90 single-laser 
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718. Additionally, the 90° single-laser Meander HT specimen presented scan lines 
from the Meander scanning strategy (Figure 5.6h,i). A similar appearance was 
noticed after tensile testing at 650℃ for the AB 90° single-laser Stripe specimens by 
Hilaire et al. [124].  

 
Table 5.4: Quantification of damage for LPBF 90° single-laser Meander AB and HT 

specimens. 

Specimen Crack density 

(± 0.15 %Area) 

Maximum crack 
length  

(± 0.5 μm)  

Height difference in 
fracture surface 

(mm with ISO 4287 
[245] error) 

90° single-laser 
Meander AB 

0.37 236 1.68 

90° single-laser 
Meander HT 

0.77 183 2.31 

 

From a microstructural perspective, both the 90° single-laser Meander AB and HT 
specimens had visible cracks at low magnification and coalesced microvoids at the 
grain boundaries (Figure 5.6b,g). Table 5.4 quantifies the damage present after failure 
of the specimens and shows that creep damage occurred in both specimens, but in 
different quantities. The HT specimen had twice as many cracks present at fracture 
than its AB equivalent. This is due to the more brittle behaviour of the AB specimens, 
which fractured even though there were only a few microvoids present (Figure 5.6b), 
compared to the HT specimen which had many coalesced microvoids (Figure 5.6b,g). 
The brittle behaviour of the AB specimens is further confirmed with the maximum 
crack length, which is about 29% bigger than the HT specimens. The HT specimen 
on the other hand had a multitude of smaller cracks, highlighting the less brittle 
behaviour where cracks, even close to each other, did not necessarily propagate to 
form a bigger crack. The fracture height was also smaller for the AB specimen, which 
means that the specimen failed over a small number of layers, which hints to the flat 
fracture surfaces observed in brittle failures.   

 

Overall, heat treatment greatly improved the creep life, minimum creep rate and 
elongation at fracture of the LPBF specimens. Section 4.4 showed how LPBF process 
parameters affected the microstructure of LPBF specimens. It is also clear from 
Figure 5.3 and Figure 5.4 that the build orientation, the scan strategy and the number 
of lasers affect the minimum creep rate, the creep life and the failure modes of the 
different LPBF specimens. The effects of these process parameters on the creep 
behaviour are presented in the following sections. 
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Figure 5.6: Fracture images of the AB and HT 90° single-laser Meander specimens. a), b) 
Fracture cross-section of the AB specimen, with very little creep damage, although 

microvoid coalescence is still occurring. c)-e) Fracture surface of the AB specimen with 
signs of quasi-cleavage failure. f), g) Fracture cross-section of the HT specimen, with creep 

damage and microvoid coalescence visible on the short side of the grains. h)-j) Fracture 
surface of the HT specimen with scan tracks visible on the fracture surface and indicators of 

quasi-cleavage failure. 

 

5.2.2 Meander and stripe scan strategies 

Figure 5.7 shows that 90° single-laser Stripe and Meander HT specimens had a full 
creep life with primary, secondary and tertiary creep phases (Figure 5.7). The shapes 
of the creep curves and the elongation at fracture are similar (9% difference). The 
90° single-laser Meander HT and 90° single-laser Stripe HT specimens have a 58 % 
difference in creep rupture time and a 38% difference in minimum creep rate (Table 
5.5) whereas only the scan strategy is different. 

 

 
Figure 5.7: Creep curves for 90° single-laser Meander HT and 90° single-laser Stripe HT. Both 

specimens had full creep curves and the Stripe specimen had a shorter creep life than its 
Meander counterpart. 

 
Table 5.5: Quantification of the creep performance for the Stripe and Meander 90° single-

laser HT specimens. 

Specimen Crack density 

(± 0.15 %Area) 

Maximum crack 
length  

(± 0.5 μm)  

Height difference in 
fracture surface 

(mm with ISO 4287 
[245] error) 

90° single-laser 
Meander HT 

507 ± 13 2.46 ± 0.1 7.5 ± 0.5 

90° single-laser 
Stripe HT 

320 ± 4 3.95 ± 0.1 6.9 ± 0.3 
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Figure 5.8 shows the cross-section of the fracture for both 90° single-laser Stripe and 
Meander HT specimens. For both specimens, microvoids initiated on grain 
boundaries where small δ phase precipitates were present (Figure 5.8b). The 
microvoids then coalesced and formed cracks on the “short side” of the columnar 
grains (Figure 5.8d). This is to be expected as material separation usually occurs on 
the plane perpendicular to the loading direction [247]. The top of the fracture surface 
(Figure 5.8a,c) does not have the typical indicators of either ductile (cup and cone) 
or brittle (flat) fracture surfaces, indicating that quasi-cleavage or mixed mode 
fracture occurred.  

 

 
Figure 5.8: SEM images of the Fracture cross-section for the 90° single-laser HT specimens 
with different scan strategies. a), b) Meander strategy. c), d) Stripe strategy. Both types of 

specimens showed signs of creep damage with microvoid coalescence on the short side of 
the grains. 

 

Table 5.6 indicates that the 90° single-laser Stripe HT specimens had a slightly 
greater number of cracks and amount of creep damage, 6% more than the 90° single-
laser Meander HT and 89% more than wrought alloy 718, which had the lowest 
amount of cracks due to the very small number of microvoids present, as described 
in Section 5.1. The damage in the Meander and Stripe specimens were also 
distributed throughout the section, with no obvious localised damage.  
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Table 5.6: Quantification of damage for the 90° single-laser Stripe and Meander HT 
specimens. 

Specimen Crack density 

(± 0.15 %Area) 

Maximum crack 
length  

(± 0.5 μm)  

Height difference in 
fracture surface 

(mm with ISO 4287 
[245] error) 

90° single-laser 
Stripe HT 

0.82 709 2.96 

90° single-laser 
Meander HT 

0.77 183 2.31 

 

Although the fracture height of the Meander specimen was about 22% smaller than 
its Stripe counterpart, both specimens seemed to have failed in a similar fashion. 
Figure 5.9 shows the fracture surface of both specimens. Both ductile and brittle 
fracture indicators, such as dimples (Figure 5.9b,e) and cleavage steps (Figure 5.9f), 
respectively, are present on the fracture surface. This indicates that the specimens 
failed by quasi-cleavage. Both specimens showed signs of the scan strategy employed 
on the fracture surface and the different laser scan paths of the Meander and Stripe 
strategies are also visible (Figure 5.9a,b and d,e).  

 

 
Figure 5.9: Fracture surface for the 90° single-laser HT specimens built with different scan 
strategies. a)-c) Meander strategy. d)-f) Stripe strategy. Both specimens present scan lines 
on the fracture surface as well as dimples and cleavage steps, indicating a failure by quasi-

cleavage. 
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5.2.3 Build orientations 

Figure 5.10 presents the creep curves for the different build orientations and Table 
5.7 quantifies the creep life, minimum creep rate and elongation at fracture for the 
different specimens. The 90° single-laser Stripe HT specimens had a longer creep life 
than specimens built at 0° and 45° by 144% and 70%, respectively, which is in line 
with findings from the literature [33]. However, this is the opposite of the trend 
observed in other mechanical tests, such as tensile tests, where the 0° specimens 
performed better than the 90° ones [124]. Figure 5.10 also reveals that the creep curves 
for the various build orientations were different in terms of secondary creep, tertiary 
creep and elongation at fracture. The 90° single-laser Stripe HT specimens had a full 
creep life with primary, secondary, and tertiary creep phases, whereas 0° and 45° 
specimens failed at the onset of tertiary creep (Figure 5.10), resulting in an 
incomplete creep curve and shorter creep life. The 0° single-laser Stripe HT 
specimens also had the lowest LPBF elongation at fracture of 1.4%, out of all the LPBF 
specimens in this work. These elongations are all considerably smaller than for the 
wrought material. This lack of ductility in the LPBF specimens is also observed in the 
fracture surfaces of the specimens. 

 

 
Figure 5.10: Creep Curves for the different test cases, showing the clear differences in creep 
performance with regards to orientation, heat treatment and scan strategy. This also shows 

the differences in tertiary creep for the different specimens.  

 

Table 5.7: Quantification of the creep performance for single-laser Stripe HT specimens built 
at 0°, 45° and 90°. 

Specimen Creep Life  

(h) 

Minimum 
creep rate  

(10-1 h-1) 

Elongation at fracture  

(%) 

90° single-laser Stripe HT 320 ± 4 3.95 ± 0.1 6.9 ± 0.3 

45° single-laser Stripe HT 188 ± 5 3.36 ± 0.2 1.8 ± 0.1 

0° single-laser Stripe HT 131 ± 16 4.86 ± 0.8 1.4 ± 0.1 

90 single-laser 

Stripe HT

0 single-laser 

Stripe HT

45 single-laser 

Stripe HT
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Figure 5.11 shows the fracture surfaces for the different build orientations. The 
fracture surfaces of the 90° and 0° single-laser Stripe HT specimens exhibited clear 
intergranular ductile failure signs, such as dimples and tear ridges (Figure 5.11b,h), 
however cleavage steps (Figure 5.11c,i)  were also present indicating that the 
specimen actually failed by quasi-cleavage. This has been observed in other creep 
studies [64]. There were also some signs of trans-dendritic failure (Figure 5.13a), 
which was observed as well in a high temperature tensile test by Hilaire et al. [124] 
with AB 0° stripe specimens where the specimens fractured by shearing. This more 
brittle type of failure is in line with the low elongation at fracture observed in the 
specimens. The 90° specimen also had signs of the Stripe scan strategy on its fracture 
surface, as mentioned in the previous section. This was also noted in different studies 
at 90° and 0° build orientations [124]. However, within this work, 0° specimens did 
not show traces of scan strategies. The 45° specimens’ fracture surface was at a 30-
45° angle (Figure 5.12c) and had similar aspects to the 0° specimen surface with few 
dimples and a rock-candy appearance (Figure 5.11e,f), which are intergranular failure 
signs. As this specimen failed at 45° from the loading direction, it may suggest failure 
by mixed mode mechanisms.  

 

 
Figure 5.11: Fracture surface for the different build orientations. a)-c) 90° single-laser Stripe 

HT specimen. d)-f) 45° single-laser Stripe HT specimen. g)-i) 0° single-laser Stripe HT 
specimen. 90° and 0° spciemens failed by quasi-cleavage, as indicated by the mixture of 

dimples anc cleavage steps in their fracture surface. The 45° specimen failed by mixed mode 
failure. 

 

200 µm

f

BD

Dimple

e)

50 µm

Dimples

BD

f)

4
5
 

s
in

g
le

-l
a

s
e

r 
S

tr
ip

e

d)

200 µm

Dimples

BDi

h)

20 µm

Cleavage Step

BD

i)

0
 

s
in

g
le

-l
a

s
e

r 
S

tr
ip

e

g)

9
0
 

s
in

g
le

-l
a

s
e

r 
S

tr
ip

e

200 µm

Dimples

Scan lines

Tear ridges

BD

b)

50 µm

Cleavage Step
BD

c)

c

a)

3 mm
2.0 mm1.0 2.50.0 3.0 4.01.50.5 3.5 4.5 m

m
0.
0

0.
5

1.
0

1.
5

2.
0

2.
5

3.
0

3.
5

4.
0

4.
5

LD



  Creep behaviour 

128  Salomé Sanchez 
 

The microstructural mechanisms of fracture can distinctly be seen in Figure 5.12 and 
the creep damage, including crack /void density, is quantified in Table 5.8. The 90° 
single-laser Stripe HT specimens had the greatest number of coalesced microvoids, 
as qualitatively observed from Figure 5.12a and quantitively from the crack density in  
Table 5.8, compared to the other build orientations (Figure 5.12a,c,e), 486% and 215% 
more than 0° and 45° single-laser Stripe HT specimens, respectively. The short side 
of the grains, perpendicular to the loading direction, contained most of the 
microvoids in the 90° single-laser Stripe HT, resulting in V-shaped cracks (Figure 
5.12b). The 0° single-laser Stripe HT and 45° single-laser Stripe HT specimens were 
similar, with grain boundary cavities and δ-precipitates on the long side of the grains 
(perpendicular to loading direction and parallel to build direction), but in much 
lower quantity (Figure 5.12d,f).  

 

 
Figure 5.12: Fracture cross-section for the different build orientations. a),b) 90° single-laser 
Stripe HT specimen. c),d) 45° single-laser Stripe HT specimen. e),f) 0° single-laser Stripe HT 

specimen. Cracks on the grain boundaries are clearly visible with material separation 
perpendicular to the loading direction. 

 
Table 5.8: Quantification of damage in the different build orientations. 

Specimen Crack density 

(± 0.15 %Area) 

Maximum crack 
length  

(± 0.5 μm)  

Height difference in 
fracture surface 

(mm with ISO 4287 [245] 
error) 

90° single-laser 
Stripe HT 

0.82 709 2.96 

45° single-laser 
Stripe HT 

0.26 317 2.69 

0° single-laser 
Stripe HT 

0.14 28 1.69 
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The 0° single-laser Stripe HT specimens had a small number of cracks (Table 5.8), 
which were all located close to the fracture surface (Figure 5.12e). This indicates a 
local weakness in 0° specimens, instead of failure of the material as a whole from 
creep damage. 0° specimens also had some transgranular cracks present (Figure 
5.13b). Hilaire et al. [124] also observed transgranular cracks in tensile testing at 650℃ 
for AB 0° and 90° specimens. This was the case only for heat treated 0° single-laser 
Stripe HT specimens here and along with cleavage steps, this highlights the brittle 
failure mechanisms of the 0° specimens. 

 

 
Figure 5.13: Fracture indicators in 0° single-laser Stripe HT specimens. a) Trans-dendritic 
failure surface indicator. b) Transgranular crack. All images oriented with respect to the 

loading direction, with the build direction indicated. 

 

Table 5.8 presents the height difference in the fracture surface. The 45° single-laser 
Stripe HT specimen failed over a height of 2.69 mm. However, this is partly due to 
the specimen failing at an angle of around 30° (Figure 5.12c). By taking this into 
account, the 45°single-laser Stripe HT specimens actually failed in a small number of 
layers (~ 20 layers). This is illustrated in Figure 5.14. The 90° single-laser Stripe HT 
specimen clearly failed over multiple layers (~ 50 layers) and 0° single-laser Stripe 
HT specimens failed across all its layers due to its build orientation and plane of 
failure combination.  

 

 
Figure 5.14: Schematic of failure across layers for the different specimens, with respect to 
the loading direction and showing the build direction. a) 90° single-laser Stripe HT. b) 45° 

single-laser Stripe HT. c) 0° single-laser Stripe HT. This shows the number of layers failure 
occurred on. 
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Overall, the build orientation of the specimens had clear effects on the specimens’ 
creep behaviour and particularly their failure modes.  

 

5.2.4 Multi-laser scan strategies 

Figure 5.15 presents the creep curves of the LPBF specimens. While the 90° specimens 
had full creep curves, the 45° and 0° specimens failed at the onset of tertiary creep, 
regardless of the number of lasers. The 90° multi-laser Stripe HT specimens 
outperformed their single-laser counterpart while single and multi-laser specimens 
had an equal performance for 0° and 45° orientations (Figure 5.15).  

 

 
Figure 5.15: Creep curves of the single and multi-laser LPBF specimens. This is showing 

similar performances for 0° and 45° single and multi-laser specimens and the longer creep 
life of the 90° multi-laser specimen, compared to its single laser counterpart. 

 
Table 5.9: Quantification of the creep performance for Stripe HT single and multi-laser 

specimens at multiple build orientations. 

Specimen Creep Life  

(h) 

Minimum 
creep rate  

(10-1 h-1) 

Elongation at fracture  

(%) 

90° multi-laser Stripe HT 416 ± 19 2.68 ± 0.2 7.0 ± 0.4 

90° single-laser Stripe HT 320 ± 4 3.95 ± 0.1 6.9 ± 0.3 

45° multi-laser Stripe HT 189 ± 8 3.05 ± 0.04 1.9 ± 0.03 

45° single-laser Stripe HT 188 ± 5 3.36 ± 0.2 1.8 ± 0.1 

0° single-laser Stripe HT 131 ± 16 4.86 ± 0.8 1.4 ± 0.1 

0° multi-laser Stripe HT 122 ± 6 5.45 ± 0.2 1.8 ± 0.6 

 

Table 5.9 shows that the 90° multi-laser Stripe HT specimens had a similar creep 
lifetime to the wrought alloy (1% difference), however, the minimum creep rate for 
the wrought alloy was 8% lower. The 90° single-laser specimens showed poorer creep 
properties, with a shorter creep life and higher minimum creep rate than the 90° 
multi-laser specimens. The 45° multi and single-laser specimens had similar creep 
rupture times, but the multi-laser specimens had a 9% lower minimum creep rate. 
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The 0° specimens had the worst creep properties of all the specimens, in this case the 
multi-laser specimens had similar but slightly poorer minimum creep rates and life 
than their single-laser counterparts by 10% and 7%, respectively.  

 

Figure 5.16 shows the cross-sections of the fracture surface for the various single and 
multi-laser specimens. All the specimens had microvoid formation on the grain 
boundaries, perpendicular to the loading direction. Figure 5.16b,d and Table 5.10 
show that the crack density in the 90° single-laser specimens was 35% higher than 
their multi-laser counterparts. It is safe to say that more creep damage has occurred 
in the single-laser specimen. The maximum crack length was also higher in the 90° 
single-laser specimen (Figure 5.16b) than in the equivalent multi-laser specimen. A 
similar comparison between the single and multi-laser specimens can be observed 
for the 45° specimens, which had the longest crack length. The 0° specimens had the 
lowest crack density and length and the differences between single and multi-laser 
specimens were negligible.  

 
Table 5.10: Quantification of damage in failed single and multi-laser specimens for different 

build orientations.  

Specimen Crack density 

(± 0.15 %Area) 

Maximum crack 
length  

(± 0.5 μm)  

Height difference in 
fracture surface 

(mm with ISO 4287 [245] 
error) 

90° single-laser 
Stripe HT 

0.82 709 2.96 

90° multi-laser 
Stripe HT 

0.53 74 2.52 

45° single-laser 
Stripe HT 

0.26 317 2.69 

45° multi-laser 
Stripe HT 

0.30 721 4.8 

0° single-laser 
Stripe HT 

0.14 28 1.69 

0° multi-laser 
Stripe HT 

0.15 33 1.43 
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Figure 5.16: Cross sectional view of the fracture surface for the different single and multi-
laser specimens in different build orientations. a),b) 90° single-laser. c),d) 90° multi-laser. e),f) 
45° single-laser. g),h) 45° multi-laser. i),j) 0° single-laser. k),l) 0° multi-laser.  Showing similar 

microstructures at failure for each build orientation, regardless of the number of lasers. 

 

The fracture surfaces of all the specimens are shown in Figure 5.17. Although the 
fracture surfaces look different for the different build orientations, as previously 
established, the single and multi-laser specimens, for a given build orientation, seem 
identical, with similar characteristics such as scan tracks, dimples, cleavage steps and 
planes of failure. Both single and multi-laser 90° specimens showed scan tracks 
(Figure 5.17a,d) on their fracture surfaces and failed by quasi-cleavage. Similarly, the 
single and multi-laser 0° specimens both failed by quasi-cleavage as well and by 
mixed mode failure for the 45° single and multi-laser specimens.  

 

Overall, the use of multi-laser scan strategies did not detriment the creep properties. 
Indeed, the single and multi-laser specimens performed similarly at 0° and 45° build 
orientation and the multi-laser 90° specimen even outperformed its single-laser 
counterpart by 30% and had a similar life to wrought alloy 718 by 1% in creep life. 
The multi-laser scan strategy also did not affect the mode of failure of the 
components. 

 

 

The results showed that the creep behaviour was different for wrought and LPBF 
specimens as well for the different process parameters employed. The following 
sections provide an explanation of the different creep and failure behaviours of the 
various specimens. The effect of the LPBF microstructure will first be discussed, 
followed by the effects of heat treatment and LPBF process parameters. 
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Figure 5.17: Fracture surfaces of the different single and multi-laser scan strategies for the 
various build orientations. a)-c) 90° single-laser. d)-f) 90° multi-laser. g)-i) 45° single-laser. j)-l) 

45° multi-laser. m)-o) 0° single-laser. p)-r) 0° multi-laser. All specimens aligned with the 
loading direction, with the build direction clearly marked. This shows the similar fracture 

indicators in the single and multi-laser specimens for a given build orientation. 

 

5.3 Effect of laser powder bed fusion microstructure 

The differences in creep behaviour between the various LPBF specimens and 
wrought alloy 718 are in part due to the specific LPBF microstructure. Section 0 
demonstrated that LPBF resulted in a different microstructure from wrought 
material, regarding porosity, precipitate density, grain size and morphology, and 
texture, which affected the creep performance of alloy 718. 

 

5.3.1 Effect of porosity 

One of the key differences between LPBF and wrought specimens is the higher 
porosity in the former. The pores come from the LPBF process. Spherical pores come 
from gas entrapment and irregular pores form from process parameters such as scan 
strategy [233] and laser energy density [248]. Porosity has always been a determining 
factor for creep performance, as it contributes to higher minimum creep rates and 
cause premature failure in the material [249]. Indeed, typical LPBF porosities can act 
as stress initiation points and lead to failure [250]. When creep occurs, voids form on 
the grain boundaries or in high stress concentration areas such as irregular pores, 
Laves phase or carbides [251]. Xu et al. [190] looked at the defect evolution of LPBF 
alloy 718 porosity during creep and found that the number and size of pores and 
defects increased with time as the material is creeping. This means that the low 
minimum creep rate of the 45° specimens could be due to the higher density, and 
hence lower porosity present compared to other specimens (Table 4.5). In another 
study, machine learning was used to predict minimum creep rate of LPBF alloy 718 
by using porosity data and process parameters as inputs to the model [252]. This 
study found that rather than process parameters, the main factor affecting minimum 
creep rates was porosity [252]. Porosity data was also shown to successfully predict 
the fatigue life of LPBF alloy 718 [232]. This clearly shows the strong link between 
porosity and creep performance and the detrimental effect of the former. However, 
one paper by Babamiri et al. [253] argues that rather than porosity, the morphology 
and distribution of precipitates has a bigger effect on mechanical properties.  

 

5.3.2 Effect of precipitates 

The main precipitates observed in both wrought and LPBF alloy 718 were δ phase, 
carbides and Laves phase. Although γ’’ was present and is the main strengthening 
phase of alloy 718, this discussion will focus on the δ and Laves phases. The γ’’ phase 
has the same composition as the δ phase and the latter forms by depleting the γ 
matrix of Nb and hence this results in less γ’’. 
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Although, δ-precipitates were stated to serve as void initiation points [247] this 
present work argues that the size and number of those particles was an impediment 
to microvoid formation and coalescence. Indeed, the size of the δ-precipitates on the 
grain boundaries in the wrought specimen meant that there was little space for 
microvoids to form and link (Figure 5.2c), hence impeding microvoid coalescence 
and slowing down the minimum creep rate. A study by Rafiei et al. [254] also 
observed that δ-processed alloy 718 (obtained by an over-aging heat treatment,) 
showed lower minimum creep rates and longer creep lifetimes than conventional 
alloy 718. Yeh et al. [255] found that the precipitation of δ-precipitates during the 
heat treatment of wrought alloy 718 also influenced the morphology of grain 
boundaries, which in turn resulted in an extended creep life. Pröbstle et al. [157] also 
argued that δ-precipitates pin the grain boundaries in wrought material during 
compression creep of LPBF alloy 718. 

 

A study by Chen et al. [247] investigated a number of precipitate-enhancing heat 
treatments in order to optimise precipitate density in wrought alloy 718 and 
suggested that for wrought alloy 718 low densities of δ-precipitates would isolate 
creep voids, resulting in fracture mainly due to wedge cracks at triple point grain 
boundaries, whereas a high density of precipitates would mean that the fracture 
would be controlled by cavity growth and grain boundary sliding. The lower number 
of δ-precipitates in the 90° single-laser Stripe HT specimen (Table 4.6) may explain 
why it resulted in poorer minimum creep rate and life than its multi-laser 
counterpart (Table 5.2). Figure 5.18 shows the relationship between the density of δ-
precipitates and the creep life (Figure 5.18a), minimum creep rate (Figure 5.18b) and 
elongation at fracture (Figure 5.18c). From this figure, it seems that no trend can be 
discerned between the precipitate density and creep life (despite some significant 
variriation in life between some specimens), minimum creep rate and elongation at 
fracture of the test cases. This is probably due to the similar amounts of precipitates 
present in the LPBF specimens whereas their minimum creep rate and life varied 
significantly. Chen et al. [247] observed that with a δ density between 0% and 45% 
of the wrought material, there was a decrease in creep lifetime and elongation at 
fracture whereas for a δ density of more than 45%, rupture time and elongation at 
fracture increased. Trosch et al. [256] also observed that the elongation at fracture of 
LPBF alloy 718 reduced greatly at high temperatures, compared to wrought, due to 
the distribution of δ-precipitates. Although this type of trend is not visible here, this 
confirms the hypothesis that δ-precipitates can be both detrimental and beneficial 
to creep properties depending on their amount and size. However, despite having 
significantly more δ-precipitates, wrought specimens still had a lower creep life and 
a similar minimum creep rate to the 90° single-laser Meander HT specimens. This 
means that other factors, such as the orientation of the δ phase must also affect the 
creep behaviour.  
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The orientation of the δ-precipitates (see Section 4.2.3) can either benefit or damage 
the material’s mechanical properties and could explain the differences in creep 
performances observed between the different build orientations (Figure 5.3). Indeed, 
in 90° specimens the δ phase was in line with the loading direction (Figure 4.8c) and 
hence, the higher number of δ-precipitates in the 90° multi-laser Stripe HT 
specimens is a potential reason for the lower minimum creep rate observed, 
compared to the 90° single-laser Stripe HT. However, in the 0° specimens, the δ-
precipitates were perpendicular to the loading direction (Figure 4.8i) which has been 
shown to reduce the ductility of the specimen when compared to a 90° specimens 
[257], hence the higher δ phase content in the multi-laser scan strategy may have 
been detrimental for the 0° specimens. For the 45° specimens, the δ phase was 
oriented halfway between a beneficial 90° and a detrimental 0° (with respect to the 
loading direction, as seen in Figure 4.8f) and hence the amount of δ phase may have 
had less of an impact on the minimum creep rate, which may explain why the creep 
performance of the 45° specimens is similar, regardless of the number of lasers. 

 

Detrimental phases, such as Laves phase, also influenced the creep behaviour of 
materials. As most detrimental phases get dissolved during heat treatment, this was 
mainly an issue for the 90° single-laser Meander AB specimens. The presence of Laves 
phase may have contributed to the lack of ductility observed, as shown by Schirra et 
al. [226]. This phase was detrimental to creep performance as, in line with other 
studies, the Laves phase has been found to serve as crack initiation points  [258]. 
Hence, even though not all Laves phases were dissolved in heat treated specimens, 
the lesser quantity proved beneficial to creep performance. However, a study by Sui 
et al. [158] demonstrated that by controlling the LPBF parameters and heat 
treatments, the size, morphology and distribution of Laves phases could be 
controlled. For example, Sui et al. [158] managed to dissolve the sharp corners and 
grooves of the Laves phase through heat treatments, causing it to change from a long-
striped to a granular shape. They then found that the granular Laves phases were 
more beneficial to the plastic deformation of LPBF alloy 718 than long-striped Laves 
phases and that a certain amount of Laves phase was the best combination for 
strength and ductility of the specimen [159]. Similarly, Xiao et al. [160] found that 
fine discrete Laves phase improved the tensile properties and elongation of LPBF 
alloy 718, outperforming wrought alloy 718, whereas long-chain-like Laves phase had 
a more brittle nature and suboptimal properties.  
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Figure 5.18: Effect of precipitate density on the minimum creep rate, creep life and 

elongation at fracture for all the specimens tested. a) Creep life VS precipitate density. b) 
Minimum creep rate VS precipitates density. c) Elongation at fracture VS precipitate density. 

 

Thus, it is evident that precipitates play a key role in the creep performance of 
materials. The effect of the different types of precipitates were mentioned in the 
previous paragraphs, however, these precipitates all interact with each other and so 
have relative effects on the creep behaviour. In the wrought alloy 718, the δ phase 
precipitates both initiated microvoids and impeded their coalescence while their 
carbides and Laves phase were detrimental to the creep properties. In the LPBF 
specimens, all of the precipitates present on the grain boundaries (δ phase, Laves 
phase and carbides) were detrimental, serving as void initiation points and aiding 
decohesion. The δ phase seems to have been the most influential precipitate in the 
creep performance of the LPBF specimens, due to the fact that this phase precipitates 
at the expense of γ’’ and that it is the most common precipitate found in these 
specimens. Laves and carbides are present in much smaller quantities in the LPBF 
specimen and so, although they have a detrimental effect on creep, they are less 
influential on the creep performance of LPBF alloy 718 than the δ phase.  The effect 
of these grain boundary precipitates is caused by their morphology which was not 
optimal and hence were not beneficial to the creep performance. Consequently, 
there is potential to improve the creep performance of both wrought and LPBF alloy 
718 by controlling the amount, size and morphology of precipitates through LPBF 
process parameters and heat treatment optimisation.   

 

5.3.3 Effect of grain size and morphology 

Another main microstructural difference between LPBF alloy 718 and its wrought 
counterpart is the size and morphology of their grains. It is well established that 
larger grains are beneficial for creep performance [60], as a low grain boundary 
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density is favourable for high creep resistance. This is because less grain boundaries 
means less sites for microvoid initiation and propagation. The wrought specimens 
had significantly smaller grains, by at least 57% (and up to 205%), than any of the 
LPBF specimens while its creep life and minimum creep rate outperformed the 
majority of LPBF specimens. However, previous studies on the creep of wrought alloy 
718 found that an increasing  grain size reduced the total creep rupture time [247]. 
Similarly, Figure 5.19 shows the effect of grain size on the creep life (Figure 5.19a), 
the minimum creep rate (Figure 5.19b) and the elongation at fracture (Figure 5.19c) 
of the different test cases and showed that an increasing grain size was detrimental 
to both creep life and creep strain rate. This trend may have been affected by the 
wrought specimens, which had significantly smaller grains than any of the LPBF 
specimens while its creep life and minimum creep rate outperformed the majority of 
LPBF specimens.  

 

There are various creep models which can explain the effect of grain size on the 
minimum creep rate. Garofalo’s model states that grain boundaries are both a source 
and a barrier to  dislocation motion [259] and Berger et al. [260] found that a 
modified Garofalo equation was able to model the creep behaviour of Waspaloy. In 
the current work, the grain size of LPBF specimens may also obey Garofalo’s model, 
as despite a 57% larger grain size, the 90° single-laser Meander HT specimen had a 
lower minimum creep rate and longer life than the wrought material, but a lower 
elongation at fracture (Table 5.2). Therefore, the differences observed may not be 
due to grain size alone, but also due to the grain morphology. 

 

 
Figure 5.19: Effect of grain size on the minimum creep rate, creep life and elongation at 

fracture for all the specimens tested. a) Creep life VS grain size. b) Minimum creep rate VS 
grain size. c) Elongation at fracture VS grain size. The data points corresponding to the 

wrought material can be identified due to their small (almost absent) error bar. 
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The morphology and aspect ratio of the grains affect creep. The columnar aspect of 
LPBF grains affected the creep response of the material. Xu et al. [69] observed that 
large columnar grain structures make it difficult for the grains to pivot during creep 
deformation, which means that local stress concentrations were not alleviated, 
which led to poor creep life and elongation at fracture. Whereas for the wrought 
specimen, the small equiaxed grains were able to rotate during deformation, which 
released accumulated local stress concentrations and led to better minimum creep 
rates and elongations at fracture. Hence, the equiaxed nature of the wrought grains 
were beneficial to creep performance despite their small size, particularly in terms of 
elongation at fracture.  

 

The orientation of the columnar grains also affects the ductility of the part, with 
higher ductility observed when the columnar grains are parallel to the loading 
direction [261]. This may be one of the reasons that the 90° specimens had a higher 
elongation at fracture than their 0° and 45° counterparts. Furthermore, having 
columnar grains parallel to the loading direction is the basis of directionally 
solidified alloys, which are often used in turbine blades for their high creep resistance 
[61]. This feature may further explain why the present LPBF specimen (90° Meander 
single laser HT) outperformed its wrought equivalent. 

As well as grain boundaries, twins and twin boundaries can also provide strong 
obstacles to dislocation motion [69]. Annealing twins are formed by growth 
accidents during recrystallisation [262] and have been shown to enhance yield 
strength and creep resistance as their boundaries impede stacking fault motion and 
dislocations cannot penetrate them [263]. Additionally, well defined and 
recrystallised grains and the formation of annealing twins have been shown to 
enhance strengthening mechanisms and improve ductility in quasi-static and 
dynamic tests of LPBF alloy 718 [253]. Hence, annealing twins can contribute to 
strengthening as they can impede dislocation motion [264]. The lack of annealing 
twins in LPBF specimens could explain the better elongation at fracture of wrought 
material and the low minimum creep rate. 

 

The grain size, morphology and the presence of annealing twins impacted the creep 
properties of the materials. The crystallographic orientation of the grains also 
contributed to the differences in creep properties. 

 

5.3.4 Effect of crystallographic orientation  

Compared to wrought material, LPBF specimens all had a <001> texture parallel to 
their build orientation (Figure 4.9). This crystallographic orientation played a role in 
the creep performance. For example, the 90° single-laser Meander AB specimens had 
the strongest texture out of the LPBF specimens and the poorest creep properties, 
whereas its heat treated counterpart had less texture and the best creep properties, 
compared to all test cases. This suggests that texture influenced the creep 
performance. In fact, Yu et al. [265] found that the preferred orientations during 
creep were <001> and <111>. For alloy 718, Bean et al. [222] found that the grain texture 
alignment with the tensile axis reduced yield strength but enhanced ductility. The 



  Creep behaviour 

141  Salomé Sanchez 
 

texture of the 90° specimens was in line with the tensile axis (loading direction) 
during creep (Figure 4.9a), which could be the reason for the higher elongation at 
fracture than other build orientations. This could also explain why 0° single-laser 
Stripe HT specimen performed more poorly in terms of elongation at fracture. 
Another study also suggested that a strong crystallographic texture can trigger a 
texture-related strengthening mechanisms [266].   

 

This section has discussed how the differences in microstructure between wrought 
and LPBF alloy 718 affected the creep performance. The discussion will now proceed 
to analysing the effects of heat treatment and LPBF process parameters on the creep 
properties. 

 

5.4 Effect of heat treatment 

Heat treated specimens had a vastly superior performance from their as-built 
counterpart in terms of creep life and elongation at fracture (see Section 5.2.1). This 
difference in performance between the AB and HT specimens may be explained by 
the microstructural anisotropy and the role of grain size and strengthening 
precipitates γ’’ and δ that appear during heat treatment, as described in Section 4.2.1. 

 

The differences in grain size between the AB and HT specimens showed that, for the 
90° single-laser Stripe AB an increasing grain size and the ill-defined grain 
boundaries were detrimental to both creep rupture time and creep strain rate. 
Despite having better hardness than the heat treated specimens, the ductility was 
reduced in the AB specimen [132]. Hence, the low ductility of the AB specimens in 
this thesis explains the low elongation at fracture and brittle failure at the onset of 
tertiary creep. 

 

Section 5.3 showed that anisotropy and texture can influence the mechanical 
properties, including creep. Hence, the AB specimens’ anisotropic microstructure 
and crystallographic orientation played a role in the poor creep performance. The 
strong texture in the <001> direction present in AB specimens and absent in its heat 
treated counterpart, shows that heat treatment reduces some of the in-built LPBF 
anisotropy and is therefore beneficial to the subsequent creep performance.  

 

The 90° single-laser Meander HT specimens which had the lowest density of δ-
precipitates of all the LPBF specimens. As stated in Section 5.3, δ-precipitates are 
assumed to be able to impede dislocation motion during creep. It is evident from 
Figure 5.6g that due to the smaller size of δ-precipitates in the 90° single-laser Stripe 
HT specimens, these precipitates serve as microvoid initiation and do not impede 
coalescence. There is potential for improvement in creep performance by modifying 
the number of δ-precipitates through heat treatment and LPBF parameters.  
However, despite having significantly more δ-precipitates, wrought specimens still 
had a lower creep life and a similar minimum creep rate to the 90° single-laser 
Meander HT specimens. This means that other factors, such as the presence of Laves 
phase must also affect the creep behaviour.  
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As well as precipitating strengthening phases, heat treatment is also used to dissolve 
detrimental phases such as the Laves phase. Since AB was not heat treated, Laves 
phase was present and may have contributed to the lack of ductility observed, as 
shown by Schirra et al. [226]. However, their size was much smaller than the Laves 
phase present in the wrought specimens. This phase was detrimental to the creep 
performance as discussed in Section 5.3. Thus, even though not all Laves phases were 
dissolved in heat treated specimens (Figure 4.3), the lesser quantity proved beneficial 
to creep performance.  

 

Overall, although heat treatment significantly improved creep performance (e.g. 
creep life increased by a factor of 5), the sub-optimal precipitation and dissolution of 
secondary phases, and the texture in the build direction show that it is still not 
optimal. This is clearly illustrated by the scan tracks visible on the fracture surface 
(Figure 5.9), which show that despite heat treatment, an AM-specific failure still 
occurred. Future work should focus on improving heat treatments to further 
enhance creep performance. 

 

5.5 Effect of laser powder bed fusion process 

parameters 

As observed in Section 4.4, the LPBF process affects the microstructure, which in 
turn affects the creep properties. This section will investigate how the LPBF process 
parameters affect the creep behaviour and failure mode of the material. First, the 
effect of scan strategies will be determined, followed by the effect of build orientation 
and finally the effect of multi-laser scan strategies. 

 

5.5.1 Effect of scan strategies 

The visible scan tracks on the 90° specimens (Figure 5.9) were caused by the laser 
overlapping region which results in small equiaxed grains and more δ-precipitates 
perpendicular to the loading direction, as discussed in Section 4.4.1. These small 
equiaxed grains provided more grain boundaries, which may have been detrimental 
to the creep properties. Indeed, since cavities form on grain boundaries and that laser 
overlapping areas result in more grain boundaries, this may have been the cause of 
the faster minimum creep rate and shorter creep life of 90° single-laser Stripe HT 
specimens as compared to Meander specimens. It was shown in Section 4.4.1 that the 
overlap region could result in more porosity and defects which could have also 
affected creep behaviour as these defects could be acting as crack initiation points 
and favour crack propagation in this region. This can be confirmed from where the 
number of cracks and the longest cracks were observed in the Stripe specimen (Table 
5.6). This difference in crack length reveals that there are more crack-prone areas in 
the Stripe specimen, i.e. the laser overlapping areas. Hence, this overlapping area is 
weaker than the centre of the melt-pool and this means that creep damage appeared 
mostly in these regions and when material separation occurred, this resulted in the 
scan tracks being visible. Indeed, the laser overlapping areas could have provided an 
“easier” crack propagation area than the rest of the meltpool and grain boundaries. 
This means that crack tended to preferentially propagate around the grain 
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boundaries and meltpools until reaching a laser overlap zone (as shown in Figure 
5.21a). Hence, when material separation occurred, the crack path followed the 
scanning strategy employed. A schematic representation of possible crack 
propagation in the Stripe and Meander specimens is shown in Figure 5.21.  

 

Overall, the reason why the Meander strategy resulted in a better creep rate and 
creep life than the Stripe strategy can mainly be attributed to the difference in 
microstructure between these two strategies. The number of laser overlap zones 
influenced the crack propagation in the material and resulted in visible scan tracks 
on the fracture surface. However, the mode of failure for both strategies was similar 
and so it can be concluded that the scan strategy does not influence the failure mode, 
as opposed to the build orientation, which will be discussed in the following section. 

 

5.5.2 Effect of build orientation 

As seen in Section 5.2.3, there was no clear difference in failure surface and 
mechanism between the 90° single-laser Stripe HT and 90° single-laser Meander HT 
specimens (except for the different scan tracks), which shows that the failure 
mechanism is dominated by specimen orientation and by extrapolation, the grain 
orientation. The 45° and 0° specimens both failed at the onset of tertiary creep, which 
indicates that they may have failed due to material weakness rather than creep 
damage. For the 45° single-laser Stripe HT specimens, because of the orientation of 
the grain boundaries (30-45° from the loading direction), it seems that the failure 
was due to mixed mode loading I and II, from the tension from the creep test and 
the shear stress acting perpendicular to the build direction due to the specimen’s 
grain orientation. Indeed, although a fracture on a plane at a 45° angle is usually a 
sign of ductile failure, the orientation of the grains with respect to the loading 
direction provided an opportunity for grain boundaries sliding which induced a 
premature mixed mode fracture. Hovig et al. [267] observed a similar phenomenon 
with the fracture  of a 45° single-laser Stripe HT tensile specimen where the grain 
boundaries aligned with the slip line and caused decohesion. They also noticed that 
when grains were parallel to the loading direction, this limited the possibility of a 
pure Mode I failure [267]. Although it is possible that creep damage is present in a 
different plane with respect to the loading direction, the implication is that the 45° 
single-laser Stripe HT specimens did not fail because of creep damage but due to 
their oriented LPBF microstructure and stress state. 

 

The differences in performance and failure for the different build orientations were 
also related to the stress state of the specimens. The 45° single-laser Stripe HT 
specimens failed approximately, at a 45° angle with respect to the loading direction, 
which is a plane of maximum shear stress and the expected plane for ductile failure. 
The 90° and 0° specimens failed on a plane perpendicular to the loading direction 
(Figure 5.12a,e and Figure 5.20a,c), which corresponds to the plane of maximum 
tensile stress. Furthermore, 90° and 45° single-laser Stripe HT specimens failed on a 
plane perpendicular to their build direction while the 0° single-laser Stripe HT 
specimens failed on a plane parallel to their build direction (Figure 5.20). This shows 
that where a plane of maximum tensile or shear stress is perpendicular to the build 
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direction, this will be the preferred plane of fracture, as is the case for 90° and 45° 
specimens. In the case of the 0° specimen, where the plane of maximum tensile stress 
is parallel to the build direction, the specimen will still fail on the plane of maximum 
tensile stress. This shows that the stress state of the specimen may have an impact 
on the failure mode of the specimen in interaction with the build orientation of that 
specimen.   

 

 
Figure 5.20: Schematic representation of the failure planes of the different test cases, with 

respect to specimens' layers and build direction and with the loading direction shown. a) 90° 
specimens. b) 45° specimens. c) 0° specimens. This shows the effect of the stress state on 

the failure mode of the specimens.  

 

Other than the effects of grain and texture orientation, the orientation of δ-
precipitates could also affect the creep rupture life. As seen in Section 4.2.3, the LPBF 
specimens had elongated grains and δ-precipitates in the build direction. Hence, for 
the 90° specimens, the precipitates were aligned with the loading direction while 
they were normal to the loading direction for 0° single-laser Stripe HT specimens. 
Indeed, the orientation of the δ-precipitates, normal to the loading direction for the 
0° single-laser Stripe HT specimens is likely the reason for the reduced creep life, as 
also shown by Kuo et al. [33],  by causing decohesion and fracture (Figure 5.12b,d,f) 
[257] and may explain the lack of observed tertiary creep. Although δ-precipitates 
have a relatively small lattice mismatch, there is still a difference and hence, it could 
be a point of weakness in the specimen that causes an early fast fracture instead of a 
creep fracture. This mismatch could also be a contributing factor in the grain sliding 
seen in the 45° single-laser Stripe HT specimen. This shows that the spatial 
orientation of defects and dendrites are important features in the damage evolution 
process [124].  

 

Figure 5.21 shows the schematic crack paths for the different specimens due to their 
grain orientation, precipitate orientation and stress state. The 90° and the 45° 
specimens failed preferentially between layers while the 0° specimens failed between 
melt pools. This is probably due to the stresses acting on the specimens, which causes 
the 90° and the 0° specimen to fail on the plane of maximum tensile stress. It would 
be beneficial to test more building angles to determine the cause and the point at 
which specimens fail preferentially on a layer or on a plane of maximum tensile/shear 
stress. 
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Figure 5.21: Schematic representation of the crack paths for the different build orientations. 
a) 90° specimens, where intergranular cracking occurred with some cleavage steps. b) 45° 

single-laser Stripe HT specimens where the intergranular cracking caused grain boundaries 
decohesion and sliding. and c) 0° single-laser Stripe HT specimens where Quasi-Cleavage 

occurred. 

 

Overall, the build orientation appears to be the main factor controlling the failure 
mode of the specimens. This was apparently mainly caused by the grain orientation 
and morphology, precipitate orientation, and the stress state of the specimen.  

 

5.5.3 Effect of multi-laser scan strategies 

The 90° single-laser specimens showed poorer creep properties (Table 5.9), with a 
shorter creep and higher minimum creep rate than the 90° multi-laser specimens. 
This can be partly attributed to the larger grain size of the specimens fabricated with 
the multi-laser scan strategy, the increased number of δ-precipitates, as well as the 
decreased number of irregular pores, as described in Section 4.2.4.  

 

As stated in Section 5.3, δ-precipitates have been shown to impede dislocation 
motion and microvoid coalescence [133]. This may explain why the higher amount of 
δ-precipitates in the 90° single-laser specimens (Table 4.6) resulted in more creep 
damage and voids than its multi-laser counterpart (Table 5.10). Furthermore, as was 
mentioned in Section 5.2.3 the orientation of the δ-precipitates can either benefit or 
detriment the material’s mechanical properties. In the case of the 90° specimens, the 
multi-laser scan strategy resulted in less precipitates, but for the 0° specimens, there 
was a higher number of precipitates which could have reduced the ductility of the 
specimens. For the 45° specimens, the orientation of the δ phase has less of an impact 
on the minimum creep rate and ductility (see Section 5.2.3), which may explain why 
the creep performance of the 45° specimens is similar, regardless of the number of 
lasers.   

 

Thus section showed that multi-laser scan strategies and the resulting differences in 
grain size, texture and precipitate density, do not negatively impact the creep life, 
the minimum creep rate or the failure mode of LPBF alloy 718. 
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5.6 Summary of findings 

This section on the creep properties of alloy 718 showed that the creep behaviour, 
particularly the failure mode, of LPBF specimens is different than that of wrought 
alloy 718. The microstructural differences between LPBF and wrought material – 
porosity, precipitate density, texture and grain size and morphology – affected the 
creep behaviour. Some of the key findings were: 

• The creep mechanism in the wrought and LPBF alloy 718 is microvoid 
coalescence.  

• The role of δ-precipitates, thought to initiate cracks, was argued to be 
beneficial in stopping microvoid coalescence and hence, slowing down the 
minimum creep rate, whereas Laves phases served as crack initiation points.  

• The small grain size of the wrought alloy 718 was not detrimental to the creep 
performance thanks to their equiaxed morphology.  

• It was further highlighted that heat treatment is still necessary to obtain 
adequate creep properties as the anisotropy and lack of strengthening 
precipitates present in AB specimens result in poorer creep properties.  

• The build orientation has a significant effect on the creep properties with 
specimens built at 90° performing the best in terms of minimum creep rate 
and creep life, followed by 45° and 0° specimens. This was mainly caused by 
the orientation of the grains, orientation of the precipitates and due to the 
stress state of the specimen. This resulted in build orientation controlling the 
failure mode, elongation at fracture and creep properties of the component.  

• The scan strategy affected the crack propagation path which tends to follow 
“weaker” material areas such as the laser overlap zones. The higher number 
of laser overlap zones in the Stripe specimens resulted in a lower minimum 
creep rate and life as well as visible scan tracks on the fracture surface.  

• The multi-laser scan strategies did not have any detrimental effects on the 
creep properties or the failure mode of the material.  

 

Overall, this chapter showed that LPBF specimens have the potential to outperform 
conventionally built specimens and hence, demonstrates the applicability of LPBF 
for high temperature applications. Preliminary process-structure-property 
relationships have been investigated. The following section will further investigate 
the evolution of the microstructure of the best performing LPBF specimen: 90° 
single-laser Meander HT. This will provide more information on the differences with 
wrought material and inform a potential heat treatment to improve creep 
performance. 
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6 Microstructural evolution 

The 90° single-laser Meander HT specimen had the best minimum creep rate and 
creep life from all the specimens tested and the highest elongation at fracture for the 
LPBF specimens. This specimen was chosen to be observed during creep and thermal 
exposure to understand the evolution of its microstructure, compared to that of 
wrought alloy 718. The secondary and tertiary creep breakpoints - where the 
interrupted creep tests and the thermal exposure tests will be stopped - were 
identified from the creep curves presented previously for the 90° single-laser 
Meander HT and wrought alloy 718 and are presented in Table 6.1. Although each 
specimen was different, the low scatter of creep results for 90° single-laser Meander 
HT specimen (Figure 5.3), gives confidence that the different specimens evolve 
similarly during creep testing. 

 
Table 6.1: Breakpoints for the Interrupted creep tests. 

Specimen Mid-
secondary 

Mid-
tertiary 

Fracture Thermal 
exposure test 

90° single-laser 
Meander HT 

121 h 430 h 507 h Yes 

Wrought 123 h 331 h 409 h No 

 

The evolution of the microstructure during creep for wrought and LPBF alloy 718 will 
be presented followed by the evolution of the LPBF alloy during thermal exposure. 
Then, the evolution of the microstructural features will be discussed and finally, an 
ideal creep microstructure as well as a potential heat treatment to improve creep 
performance will be recommended. 

 

6.1 Microstructure during creep 

The texture evolution of the different types of specimens is shown in Figure 6.1 and 
will be referred to in the following sub-sections. Table 6.2 quantifies and summarises 
the material descriptors, such as density, grain size and precipitate density present 
at different stages of time for the specimens and will be referred to in the following 
sub-sections as well. 
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Figure 6.1: EBSD maps and Inverse pole figures showing the evolution of texture with time 
for the different specimens. a)-d) Wrought alloy 718 during creep showing an increase in 

texture along the loading direction as creep progresses. e)-h) 90° single-laser Meander HT 
during creep where the texture increases in the loading direction (Z) as creep progresses 
before disappearing at fracture. i)-l) 90° single-laser Meander HT during thermal exposure 

showing an increase then decrease in texture, highlighting the instability of the 
microstructure. The Z direction corresponds to the loading direction for all specimens and to 

the build direction as well for the LPBF specimens. 

 

Table 6.2: Quantification of the evolution of damage during for wrought and 90° single-laser 
Meander HT specimen during creep and for the thermally exposed 90° single-laser Meander 

HT specimen. The average densities have an error of ±0.15 %Area. 

Specimen Average 
density 

(%Area) 

Average precipitate 
(δ, Laves and 
carbides) density 

(%Area) 

Grain 
size 

(μm2) 

Aspect 
ratio 

Wrought Pre-creep 100 2.97 82 ± 2 2.53 ± 
0.03 

Wrought Mid-Secondary 99.9 2.79 103 ± 
3 

2.26 ± 
0.03 

Wrought Mid-Tertiary 99.9 3.22 70 ± 2 2.49 ± 
0.03 

Wrought Fracture 99.8 4.12 48 ± 1 2.26 ± 
0.02 

90° single-laser Meander 
HT Pre-creep 

99.9 0.22 129 ± 
13 

3.08 ± 

0.08 

90° single-laser Meander 
HT  

Mid-Secondary 

95.0 0.48 179 ± 
16 

3.36 ± 
0.07 

90° single-laser Meander 
HT  

Mid-Tertiary 

88.5 0.59 222 ± 
24 

3.86 ± 
0.11 

90° single-laser Meander 
HT Fracture 

86.0 0.61 346 ± 
35 

3.58 ± 
0.10 

90° single-laser Meander 
HT thermal exposure of 0h 

99.9 0.22 129 ± 
13 

3.08 ± 
0.08 

90° single-laser Meander 
HT 

thermal exposure of 121h 

99.88 0.82 360 ± 
63 

4.19 ± 
0.16 

90° single-laser Meander 
HT  

thermal exposure of 430h 

99.83 1.27 246 ± 
45 

3.36 ± 
0.08 

90° single-laser Meander 
HT  

thermal exposure of 505h 

98.37 1.47 362 ± 
61 

3.98 ± 
0.12 



  Microstructural evolution 

150  Salomé Sanchez 
 

6.1.1 Wrought alloy 718 

Figure 6.2 shows the microstructure evolution for the wrought alloy 718 during creep. 
Before creep, the grains were small and equiaxed (Figure 6.2a) and as creep time 
increases, the grains of wrought alloy 718 have a 41.5 % reduction in area (Table 6.2 
and Figure 6.1d) and their morphology seems to change from equiaxed to elongated 
in the loading direction (Figure 6.1c), although the average aspect ratio of is relatively 
unchanging, with a 12% difference between the pre-creep and fracture 
microstructures (Table 6.2).  The elongation of the grains in the loading direction is 
expected as the material deforms under creep and necks. This elongation is also 
accompanied by an increase in <111> texture in the loading direction increased as 
creep progressed with a maximum texture at the time of fracture (Figure 6.1a-d). 

 

The wrought alloy 718 had δ-precipitates visible on the grain boundaries as thin 
needle-shaped precipitates throughout the creep test (Figure 6.2b,d,f,h). However, 
this chapter will focus on the carbides present in the material as large globular 
precipitates on the grain boundaries (Figure 6.2b,d,f). These were identified (Table 
4.2) from their Nb-rich content compared to the matrix [268] and their preferred 
precipitation on the grain boundaries [269], which are typical for alloy 718 [270]. As 
time progresses during the creep test, the number of carbides seems to increase 
(Figure 6.2c,e), which is consistent with the data presented in Table 6.2 that shows 
an augmentation of precipitate density as creep progresses. The voids initiated by 
the carbides are also responsible for the decreasing density of the material, as 
described in Table 6.2. These carbides crack probably serve as fracture initiation 
points (Figure 6.2d,f). The small microvoids initiated by δ-precipitates on the grain 
boundaries (Figure 6.2h) also contribute to the accumulated creep damage and 
decreasing density. These observations will be used as reference and comparison 
with the 90° single-laser Meander HT specimen. 
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Figure 6.2: SEM images of the microstructural evolution of wrought alloy 718 during creep. 
a),b) Pre-creep microstructure. c),d) Microstructure in the secondary region, after 123h of 

creep. e),f) Microstructure in the tertiary region, after 331h of creep test. g),h) Microstructure 
after fracture. This shows the increase in the number of carbides and carbide cracking. 

 

6.1.2 90° single-laser Meander HT specimen  

Figure 6.3 shows the microstructure of the 90° Meander HT specimen at the different 
stages during testing. There were pores and defects present both in the grains and at 
grain boundaries, as shown in the SEM images (Figure 6.3a). As the creep test 
progresses, microvoids initiate (Figure 6.3d) and coalesce (Figure 6.3f) until cracks 
form (Figure 6.3g,h). As shown in Figure 6.3, most of the microvoids are smaller than 
2 μm in diameter. As previously described in Section 5, most microvoids initiate on 
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the grain boundaries near δ-precipitates, which have previously been shown to cause 
crack initiation [69, 247]. As well as δ-precipitates, the 90° Meander HT specimen 
also had small and globular carbides (Figure 6.3b).  

The grain size of the 90° Meander HT specimen increased by a factor of 2.7 during 
creep (Table 6.2 and Figure 6.1e,h). The grains also became more elongated during 
creep due to the loading, which could have increased their area (Figure 6.3a,e), 
although this is not clearly visible in SEM and EBSD images. The aspect ratio has a 
16% increase from pre-creep to fracture, which confirms the elongation of the grains 
during creep (Table 6.2). The texture of the 90° Meander HT specimen also varied 
during creep, as shown in Figure 6.1e-h. Before creep, there is a <001> texture parallel 
to the build direction, thereafter, the texture increases as creep progresses, in a 
similar fashion to wrought alloy 718, but intriguingly, the texture disappears after 
fracture (Figure 6.1h). This phenomenon will be explained in Section 6.2.2.  
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Figure 6.3: SEM images of the microstructural evolution of 90° Meander HT specimen during 
creep. a),b) Pre-creep microstructure. c),d) Microstructure in the secondary region, after 121h 

of creep. e),f) Microstructure in the tertiary region, after 430h of creep test. g),h) 
Microstructure after fracture (505h). This shows microvoid initiation at δ-phase on the grain 

boundaries and their coalescence as creep progresses. 

 

The changes in microstructure observed in the 90° Meander HT specimens are due 
to the load and temperature applied during the creep test. To differentiate the effects 
of load and temperature, the microstructure evolution of the thermally loaded 
specimens without mechanical load was observed.  
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6.1.3 90° single-laser Meander HT specimen during thermal 

exposure 

Figure 6.4 shows the microstructure evolution of the thermally exposed 90° Meander 
HT specimens (for the pre-creep microstructure, the reader is directed to Figure 
6.3a,b). After 121h, the microstructure of the thermally exposed specimen seems 
similar to that of pre-creep (Figure 6.4a), with elongated columnar grains parallel to 
the build direction and δ-precipitates, carbides and Laves phase on the grain 
boundaries (Figure 6.4b). The main difference observed is the more important 
presence of large pores (Figure 6.4c). These pores seem to thermally expand with 
time, becoming larger (Figure 6.4f,g). This is particularly noticeable in Figure 6.4i. 
This increase in pore size is the main reason for the decreasing density observed in 
Table 6.2. Both spherical and irregular pores expanded. 

 

From Table 6.2, the grain size of the thermally exposed specimen increased by a 
factor of 2.8 from pre-exposure to 505h, which is similar to the creep tested specimen. 
However, the grains first observe a strong increase after 121h before the grain size 
lowers at 430h and increases again before 505h. This unsteady variation clearly shows 
the instability of the microstructure and will be discussed later. The morphology of 
the grains remains elongated and columnar but also seemed to be more defined 
(Figure 6.4a,g). The aspect ratio of the grains increases by 29% with time (Table 6.2), 
confirming the columnar aspect of the grains after 505h.  The number of precipitates 
increases with time during the thermal exposure, by a factor of 6.7 (Table 6.2), 
although this is not clearly visible in the SEM images (Figure 6.4b,e,h).  

 

The thermally exposed specimen had a <001> texture parallel to the build direction 
before the test and the texture increased until 121h. Then, it decreased after 430h 
before becoming weak at the time of fracture (Figure 6.1i-l). The variation in 
crystallographic orientation of the thermally exposed specimen indicates that the 
heat treatment used for the LPBF specimens is not adequate and results in an 
unstable microstructure. 

 

 

The results show the differences in microstructural behaviour during creep of the 
90° Meander HT specimens and wrought alloy 718. These highlighted the unstable 
nature of the LPBF microstructure, further indicating the need for an appropriate 
heat treatment to improve creep performance. The separate effects of the creep 
loading conditions and thermal exposure of the LPBF alloy 718 were also observed 
and will be discussed in the next section.  

 

 



  Microstructural evolution 

155  Salomé Sanchez 
 

 
Figure 6.4: SEM images of the microstructural evolution of 90° Meander HT specimen during 
creep. a)-c) Microstructure after 121h of thermal exposure. d)-f) Microstructure after 430h of 

thermal exposure. g)-i) Microstructure after 505h of thermal exposure. This shows the 
expansion of pores in the specimen and the increase in grain size. 

 

6.2 Evolution of microstructural features 

This discussion will analyse the changes in porosity, texture, precipitates, grain size 
and morphology.  

 

6.2.1 Evolution of porosity 

Figure 6.5 shows the evolution in part density with time for the creep tested and 
thermally exposed 90° Meander HT specimens. The density steadily decreases in the 
creep tested 90° Meander HT specimen, at a faster rate than the thermally exposed 
equivalent. The reduction in density in the thermally exposed LPBF specimen 
corresponds to the pore expansion. For the creep tested 90° Meander HT specimen, 
the slightly larger reduction in density corresponds to creep damage, in the form of 
microvoids and cracks, which ultimately gave rise to fracture. Pore expansion likely 
occurs as well in the creep tested specimen but to a lesser degree. The expansion of 
pores here is due to the thermal exposure and to the opening of the pores caused by 
the creep load. 
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Figure 6.5: Evolution of part density for the 90° Meander HT specimens during creep testing 
and thermal exposure. This figure was based on the data available in Table 6.2. This shows 
the increase in porosity in both specimens due to pore enlargement (thermal exposure) and 

creep damage (creep tested specimen). 

 

Section 5.3.1 highlighted the negative impact of porosity on minimum creep rate and 
life and another interrupted creep study also found that the main crack initiation 
points were pores [271], more specifically irregular pores [250]. Therefore, it is evident 
that porosity in LPBF specimens must be reduced to improve the creep performance. 

 

6.2.2 Evolution of texture 

Figure 6.1a-d showed the evolution of texture in the wrought alloy 718 during creep. 
It was observed that the texture increases throughout the creep life, being the 
strongest at the time of fracture. This increase in texture was also observed by 
another study before and after creep for forged alloy 718 [69]. That study proposes 
that the increase in texture may be due to grain rotation which occurs due to stress 
accommodation in the build material [69]. It is proposed that the strain of the 
equiaxed grains in the loading direction (which can be qualitatively observed from 
Figure 6.1a,a’’’) is the reason for the increase in texture.  

 

Similarly to wrought alloy 718, the 90° Meander HT creep tested specimens had an 
increasing texture with life as an effect of the creep load (Figure 6.1e-g). This is 
different from what was observed in another study where there was almost no texture 
difference between before and after creep in the 90° Meander HT specimen [69].  

 

In comparison, the thermally exposed only specimens had an increase of texture 
until at least 121h before the texture started to reduce and almost disappear around 
the time of fracture (Figure 6.1i-l). Hence, it can be inferred that the point at which 
the texture starts to reduce happens between 121h and 430h when exposed at 650℃. 
Since the texture has not fully disappeared by 505h (Figure 6.1l), it can be assumed 
that more time is needed at 650℃ to fully remove the texture. Huang et al. [54] also 
found that a minimum amount of time is required at a given solution temperature 
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to result in similar microstructures and mechanical properties than longer hold 
times and inversely, that for a fixed amount of time, a higher solution temperature 
would result in similar microstructures.  

 

Compared to the creep tested 90° Meander HT specimen, there is more texture at 
the time of fracture in the thermally exposed specimen (Figure 6.1h,l), whereas it was 
expected that the strongest texture would be present at the time of fracture in the 
creep tested LPBF specimen. This was caused by a prolonged exposure at 650℃ for 
35h in the furnace after the creep test, which was conducted to confirm the effects of 
thermal exposure on the texture of this alloy. This explains the lack of texture due to 
the creep load at fracture and shows that, in this work, for the 90° Meander HT 
specimen, texture disappears at some point between 505h and 540h when thermally 
exposed at 650℃.  

 

Additionally, the variation in texture observed in the thermally exposed LPBF 
specimen shows the instability of the LPBF microstructure and hence, demonstrates 
that the conventional heat treatment used is not suitable for the microstructure of 
the 90° Meander HT specimen. This is to be expected since the heat treatment used 
was design for wrought alloy 718, which has a different condition of supply 
microstructure when compared to the 90° Meander HT specimen.   

 

From Figure 6.1, the <001> texture observed in the creep tested specimen was parallel 
to the build direction which also coincided with the loading direction. In the 
thermally exposed specimens, the texture was also mostly present in the build 
direction, even after 430 h. Hence, both the build direction and the loading direction, 
influence the direction of texture in LPBF material. The build direction dictates the 
original orientation of texture, while the loading direction influences the orientation 
of texture which develops during creep. The texture in the build direction is 
explained by the preferential grain growth in <001> which is promoted by the 
elongated columnar structure of the LPBF grains.  This in turn is caused by the 
dominant direction of heat flux on cooling which drives solidification and 
crystallization [272]. The loading direction impacts where the texture develops 
during creep due to elongating the grains, as shown by the increasing aspect ratio in 
the LPBF specimen (Table 6.2). However, because the loading direction and build 
direction of the LPBF specimens are coincident in this work, it is difficult to evaluate 
how the different effects of the build and loading directions on the texture evolution 
would interact with other build orientations and would be worthy of future work. It 
is hypothesised that when the texture of the specimen is off-axis with the load, the 
texture would be reduced through creep. 

 

Section 5.3.4 presented the potentially beneficial and detrimental effects of texture. 
Due to the possibilities to build at different build orientations, it would be 
recommended to either remove texture or to engineer it such that it is optimised for 
creep life within in the blank geometry of service components.  
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6.2.3 Evolution of grain size and morphology 

Figure 6.6 shows the evolution of grain size with time for the wrought and 90° 
Meander HT specimens. The grain size of wrought alloy 718 is observed to decrease 
with creep time (Figure 6.6). This is probably caused by dynamic recrystallisation, 
which is the nucleation and growth of new grains during deformation processes, as 
opposed to heat treatments. In dynamic recrystallisation, new grains form with strain 
by consuming atoms from pre-existing grains. Rettberg et al. [273] observed localised 
dynamic recrystallisation during creep of two nickel-based superalloys, primarily 
near voids and clusters of carbides. The small variation in grain size (Figure 6.6) is 
an indicator of the stability of the wrought microstructure as well as its very low 
standard variation (which cannot be observed in the error bars of Figure 6.6 due to 
its small size). 

 

 
Figure 6.6: Evolution of the grain size for the wrought alloy 718 during creep and the 90° 

Meander HT specimens during creep and thermal exposure. This figure was based off the 
data available in Table 6.2. This shows the dynamic recrystallisation of grains in the wrought 

alloy 718 during creep and the instability of the grains and their growth in both LPBF 
specimens. 

 

In contrast, the evolution of the 90° Meander HT specimen grain size shows the 
instability of the LPBF microstructure and the lack of appropriate heat treatment. 
For the LPBF specimen, the thermal exposure resulted in a large increase in grain 
size, probably caused by recovery, before recrystallisation and grain growth occurred 
(Figure 6.6). Thermodynamic effects [274] and residual stresses [275] are thought to 
drive grain growth and recrystallisation at high temperatures. The texture may have 
driven the rapid grain growth until 121h (Figure 6.1k) and when the texture started to 
reduce (Figure 6.1k), recrystallisation may have started to take place. The creep 
tested LPBF specimen’s grain growth occurred at a slower rate due to the load effect 
during creep which may have caused it to grow in a more controlled manner (similar 
to wrought alloy 718).  
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A study found that a longer solution time led to an increase in grain size in forged 
alloy 718, which was attributed to the dissolution of δ-phase [276]. Here, the final 
grain size (354 ± 48 μm on average) may be the stabilised size for LPBF alloy 718 since 
it was achieved after similar periods of time, regardless of loads applied, by both 90° 
Meander HT specimens during creep or thermal exposure only. 

 

Grain size is not the only determinant factor for the superior creep strength of LPBF 
alloy 718 [277]. One of these other factors is grain morphology and aspect ratio. The 
grain morphology of the different specimens also changes during creep. The 
thermally exposed 90° Meander HT specimens retained and emphasised their 
columnar morphology, as was observed from the 29% increase in their aspect ratio 
(Table 6.2). A study found that the columnar grain structure was retained and that 
there was no increase in grain size during solution treating at 980℃ [278], which was 
the solution temperature used in the present work. The creep tested LPBF specimen 
also retained a mainly columnar morphology as creep progressed, achieving its 
highest aspect ratio at the time of mid-tertiary creep (Table 6.2 and Figure 6.1k). 
Although the aspect ratio was slightly less at the time of fracture (Table 6.2) and the 
grains looked slightly less columnar (Figure 6.1), compared to the time in tertiary. 
This could be explained by the prolonged thermal exposure after fracture which 
started to make the grains more equiaxed, reducing their directionality and hence, 
reducing the texture. This indicates that an appropriate heat treatment could make 
the grains more equiaxed and reduce texture in LPBF specimens.  

 

From Section 5.3.3, it was found that large grains are beneficial to creep, as well as 
either equiaxed grains or columnar grains in line with the loading direction.  
However, microstructural design in this case must be undertaken with the upmost 
regard for the loading case in question which may not be uniaxial as reported here.  

 

6.2.4 Evolution of precipitates 

Figure 6.7 shows the evolution of precipitate density with time for the different 
specimens. This shows that in all specimens the number of precipitates particles 
increased with time, but to different degrees. The loss of mechanical performance 
can be attributed to the coarsening or decrease of strengthening precipitates [244]. 
More specifically, creep life is said to be attributed to the type, amount and 
distribution of γ’, γ’’ and δ phase [206]. The precipitates observed here include δ 
phase, carbides and Laves. The γ’’ were too small to be observed and are not included 
in the average precipitate density but should be present, nonetheless. This discussion 
will focus on the evolution of carbides, δ phase and γ’’. 
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Figure 6.7: Evolution of the average precipitate density in the wrought alloy 718 during creep 

and the 90° Meander HT specimens during creep and thermal exposure. This figure was 
based off the data obtained from SEM image analysis and is available in Table 6.2. This 
shows the increase in precipitate density in the wrought alloy, caused by an increasing 

number of carbides. It also shows the smaller increase in precipitate density between the 
creep tested and thermally exposed 90° Meander HT specimens.  

 

The precipitates in the wrought material increased by 39% between the beginning of 
the creep test and the time of fracture (Figure 6.7). This is probably due to the 
formation and growth of carbides. M23C6 carbides form at lower temperatures on the 
grain boundaries and have a block or granular appearance, as reported elsewhere 
[60]. A study which performed interrupted creep tests at 950℃ and 210 MPa on a 
nickel-based superalloy found that carbides parallel to the loading direction cracked 
at regular intervals after 100h [271]. Cracked carbides were also visible in the present 
work after 123h (Figure 6.2d). This cracking can serve as crack initiation and 
propagation points during creep and accelerate damage in tertiary creep [271]. This 
may explain why, despite having a similar minimum creep rate to the LPBF alloy 718, 
the wrought material had a shorter creep life, mainly caused by having a rapid and 
short tertiary creep (Figure 6.1a,d).  

 

Despite these negative effects, other studies have found that small, coherent, closely 
packed needle-shaped M23C6 on the grain boundaries can improve rupture life [271]. 
These types of carbides could be present in the 90° Meander HT specimen (Figure 
6.3b) as they were not as large and globular as the ones found in their wrought 
equivalent. These smaller carbides may contribute to pinning the grain boundaries, 
acting as a strengthener [279].  

 

Some studies observed that heat treatments (ageing at 650℃ for 168h [270], solution 
treating at 980℃ for 1h  [280]) and HIP treatments [135] did not affect the formation 
or growth of carbides, probably because the temperatures were too low. Indeed, high 
homogenization temperatures were shown to result in larger carbide size [281], 
which is said to be stable up to 1200℃ [282]. Earlier literature demonstrated that 
after 200h at 1200℃, the carbide size did not change, indicating an equilibrium had 
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been reached [283]. Therefore, it is unlikely that the increase in precipitate density 
in the wrought alloy 718 was from an increase in carbide size. Elemental composition 
and solidification rates control carbide morphology. For example, by increasing the 
cooling rates, more discrete, blocky-type MC carbides are formed [284]. Slower 
cooling rates were shown to result in larger carbides [135], which could explain the 
size of the carbides in the wrought specimen since it was furnace cooled at the 
different breakpoints during the interrupted creep testing. The increase in 
precipitate density in the wrought material is more likely to be an increase in carbide 
number. A qualitative inspection of Figure 6.2a,c,e clearly shows the increase in the 
number of large globular precipitates, identified as carbides, which correlates to the 
increase in precipitates observed in Figure 6.7. In the 90° Meander HT specimens, 
although some carbides were present, most of the precipitates on the grain 
boundaries appeared to be δ phase. 

 

Both creep and thermally exposed 90° Meander HT specimens had small needle 
shaped δ phase on the grain boundaries with the occasional small blocky/globular 
carbides (Figure 6.3 and Figure 6.4). The formation temperature of the δ phase is 
between 650℃ and 980℃ [285] and precipitation strengthening of the γ’/γ” phases 
occurs around 600℃  to 750°C [266]. The heat treatment employed in this work 
(980℃/1h/Gas quench, 720℃/8h/Furnace cooling to 620℃/8h/Gas quench) means 
that both δ phase and γ’/γ’’ would have been precipitated, although γ’’ precipitates 
are not visible here. The creep deformation rate is controlled by the rate of γ’’ 
coarsening [183] and creep damage increases as the amount of γ’’ decreases [69]. In 
forged material, γ’’ size and shape remain stable during creep whereas in LPBF 
material, γ’’ size increases and transforms into δ phase [69, 286]. Hence, the amount 
of γ’’ precipitates decreases when the amount of δ-precipitates increases, as they both 
require Nb [206]. Thus, in theory, the fewer the number of δ-precipitates, the higher 
the number of γ’’ precipitates which results in better creep performance. Indeed, 
certain studies found that without δ-precipitates, creep life is doubled and 
elongation at fracture quintupled [70]. Another study found that when the amount 
of δ phase was reduced to a minimum, larger grain sizes were obtained, which are 
beneficial to creep performance [276].  Conversely, too little δ phase resulted in crack 
initiation, just enough δ phase could stabilise the microstructure, improve strength 
and prevent grain growth, while too much δ phase decreased the strength and 
plasticity of the material [69, 287].  

 

From Figure 6.7, the thermally exposed specimens exhibited a higher increase in 
precipitate density than their creep tested counterpart. This may be another sign of 
the instability of the microstructure. Xu et al. [69] found that there was an unstable 
transformation of  γ’’ to δ phase during creep of LPBF alloy 718 potentially driven by 
residual stresses.  In a study on alloy 718, δ-precipitates were mainly stable but 
slightly coarsened when exposed for 10,000 h at 650℃ and γ’’ showed very little 
coarsening [282]. This shows that with the adequate temperature and hold time, the 
precipitates can be stabilised.  
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The difference in precipitate density between the thermally exposed and creep tested 
specimen (Figure 6.7) also indicates that the load applied during creep affects the 
precipitate density. A study observed that the total amount of δ phase increased with 
strain [288], which affects the precipitation kinetics [289]. This was observed 
previously for wrought alloy 718 [290]. However, despite the overall increase in δ-
precipitates, the number of needle shaped δ-precipitates decreased while blocky 
ones increased [288]. In this thesis, neither the increase in precipitate density nor 
morphology were observed in the 90° Meander HT creep specimens (Figure 6.3 and 
Figure 6.4). This may be because δ-precipitates form on grain boundaries and that in 
the 90° Meander HT specimens, grain size increases, which results in less grain 
boundaries and hence, less opportunities for δ-phase to nucleate. Therefore, the 
lower increase in precipitate density (corresponding to δ phase, carbides or Laves) 
observed in Figure 6.7 for the 90° Meander HT creep tested material could be one of 
the reasons for the longer creep life observed in the 90° Meander HT specimen 
compared to the wrought specimen as this would allow more precipitation of γ’’ and 
less sites for crack initiation. 

 

Overall, from Section 5.3.2 and the above discussion, the relationship between the δ 
phase and the strengthening γ’’ phase, which is the most important for creep 
performance, was discussed along with the dissolution of the detrimental phases. 
Small discrete carbides also seem to be useful for improving creep performance while 
large globular ones need to be avoided. This can be achieved though heat treatment. 

 

6.3  Strategies for improved creep performance 

From the previous observations and discussion, it is possible to understand the 
microstructural evolution during creep of both wrought and LPBF alloy 718, which is 
schematically represented in Figure 6.8, drawn to relative scale. In the wrought alloy 
718, the grains become smaller and more elongated during creep and rotate to 
accommodate stresses, while the grains in the LPBF material become larger, more 
elongated and columnar and do not rotate. The texture increases in the loading 
direction during creep for both specimens, but the LPBF specimen starts with a much 
stronger texture. In the wrought alloy 718, the number of carbides increases, and 
carbide cracking occurs perpendicular to the loading direction. The carbides, the 
carbide cracks and the δ-precipitates serve as microvoid initiation points which 
result in accelerated creep damage in the tertiary creep region, compared to LPBF 
alloy 718, which explains their shorter creep life. In the LPBF material, microvoids 
initiate at the δ phase and small carbides on the grain boundaries and pores expand. 
The microvoids then coalesce and form cracks on the grain boundaries perpendicular 
to the loading direction, leading to fracture. 
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Figure 6.8: Schematic representation of the microstructural evolution of wrought and 90° 

Meander HT specimen during creep. The microstructures are drawn in relative scales, 
highlighting the bigger grain size of 90° Meander HT specimen, compared to its wrought 
equivalent. The colour in the figure symbolises the texture in the specimen, with warmer 
colours representing stronger textures. The time stamps given are approximately ± 50h. 

 

The Standard Specification for Additive Manufacturing Nickel Alloy (UNS N07718) 
with Powder Bed Fusion [136] provides recommendations for thermal processing of 
LPBF nickel-based superalloys. For heat treatments, the UNS N07718 points the 
practitioners to the AMS2774 standard for heat treatment of wrought nickel alloy 
and cobalt alloy parts [137]. This standard provides different heat treatment options 
based on the geometry and type of nickel-based superalloy. However, these heat 
treatments were designed for conventionally manufactured materials and not for 
LPBF ones, which have a very different starting microstructure than their wrought, 
cast or forged equivalents. Therefore, the current heat treatments in use are 
potentially suboptimal, resulting in an unstable microstructure with a lack of 
strengthening phase precipitation, partial dissolution of detrimental phases and 
semi-recrystallized grains, as was observed throughout this work. This clearly 
indicates the need to develop LPBF specific heat treatments, to obtain superior 
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mechanical properties. From Section 5 and the above discussion, useful features for 
high creep performance were identified as: 

• Low porosity 

• Large equiaxed grains 

• No texture 

• Precipitation of γ’’ and small discrete carbides on the grain boundaries 

• Dissolution of Laves and δ phases 

 

To reduce the porosity, HIP treatments could be used as they have been shown to 
cause densification [291] and close cracks [148]. HIP has also been shown to reduce 
anisotropy [123] and improve fatigue resistance [292] and other mechanical 
properties [146]. However, a reduction in porosity can also be achieved through LPBF 
process parameter optimisation. For example, the scan strategy [233] and the 
volumetric energy density [248] have been shown to affect porosity. By controlling 
porosity through the process instead of using thermal treatments, this saves 
researchers time and resources and further increases the appeal of using LPBF as a 
suitable manufacturing method for critical engineering components. 

 

While recent studies have found that the distribution, size and morphology of Laves 
phase can be advantageous to mechanical properties [158-160], the general consensus 
is still that Laves phase is detrimental to creep properties and should be dissolved. A 
study found that a solution treatment at 1100℃ for 7h of LPBF alloy 718 resulted in 
the dissolution of Laves and δ phase [152]. Controlling the amount of δ phase is key 
to tailoring the mechanical properties of LPBF materials [157]. However, dissolving 
the δ phase and Laves phase is best for maximizing strength as it allows more γ’’ 
precipitation [293]. The δ phase has a solvus temperature of 1010℃ and can 
precipitate between 650℃ and 980℃ [285] preferentially at grain boundaries, and 
less preferentially near MC carbides [294]. The amount of δ phase is proportional to 
the ageing time [70] and the size of the δ-precipitates increases consistently with 
decreasing cooling rate [294]. 

 

The high number of large globular carbides were identified as one of the key factors 
for why wrought alloy 718 had a shorter creep life than some LPBF specimens, as they 
accelerate damage in tertiary creep. However, closely packed needle-shaped M23C6 

on the grain boundaries were shown to improve rupture life [284] and intergranular 
fracture was achieved with a near continuous carbide layer on grain boundaries 
[270]. By increasing the cooling rates, more discrete, blocky-type MC carbides can be 
formed [284] and could be beneficial to LPBF, by increasing their elongation at 
fracture.  

 

Although some studies argue that phase precipitation is not necessary to strengthen 
AM materials if dislocation cells are retained [295], promoting strengthening 
precipitates, such as γ’’ should increase creep strength. Indeed, higher compressive 
creep strength after solution HT at 1000℃ attributed to higher precipitation of  γ’’ 
since there is less Nb depletion from δ and Laves phases [157]. Precipitation 
strengthening of the γ’/γ” phases occurs around 600 to 750°C [266]. In LPBF alloy 
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718, γ’’ precipitation occurred during double ageing typically performed at 720℃ and 
620℃ [291, 296]. Although double ageing is the norm for γ’’ precipitation, the 
temperatures at which these are typically performed result in δ phase precipitation 
as well, which should be avoided for creep performance. This is because in solution 
and ageing treatment, Nb segregation only partially dissolves and this results in δ-
precipitates at the grain boundaries and in inter-dendritic regions [206]. Therefore, 
double ageing may not be recommended for creep performance.  

 

While the columnar grain morphology and strong texture parallel to the loading 
direction present in LPBF materials strengthen the specimen, this is dependent on 
the build direction. Indeed, other build orientations (e.g. 0° and 45°) have performed 
less well in terms of minimum creep rate and life, which is partly due to their grain 
orientation and texture at an angle from the loading direction. To eliminate texture, 
a more equiaxed microstructure is key [47]. Therefore, eliminating the columnar 
aspect of the grains would allow parts manufactured at different build orientations 
to have similar mechanical performances. Tucho et al. [152] found that a solution 
treatment at 1100℃ for 7h of LPBF alloy 718 resulted in grain coarsening which 
suggests the completion of recrystallisation. 

 

Taking the above requirements into account, a recrystallisation heat treatment 
developed by Kouraytem et al. [297], consisting of a 625°C/h ramp up rate, a 1 h dwell 
time at 1250°C, and a 625°C/h ramp down rate, should produce the desired features. 
Indeed, the heat treatment resulted in a 3-fold increase in grain size, a change in 
grain morphology from columnar to equiaxed, a reduction in the <001> texture, the 
dissolution of Laves phase and of the majority of the δ phase (only 1 in 30 grains had 
small intergranular δ-precipitates), as well as the precipitation of nano γ’ and γ’’ 
precipitates [297]. This heat treatment appears to satisfy the requirements to obtain 
the suggested microstructure required for improved creep performance, however, 
this was not verified here. If larger grains are required, the dwell time could be 
increased. For an increase in γ’’ precipitation the ramp down rate could be reduced 
to 300℃/h maximum, or a single aging step at 620℃ could be undertaken, which 
should not trigger the precipitation of δ phase. 

 

Finally, although heat treatments can contribute to microstructure engineering 
[298], research should also focus on obtaining the desired microstructure through 
the LPBF process alone. This would greatly improve the appeal of AM technologies 
and allow more microstructural engineering design freedoms. Furthermore, there is 
also a need to creep test LPBF specimens at different stresses and temperatures in 
order to obtain a more comprehensive understanding of the creep behaviour of LPBF 
specimens and to inform models which will then be able to extrapolate the creep 
properties over other ranges of stresses and temperatures. 
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6.4 Summary of findings 

The aim of this chapter was to explore the evolution of LPBF alloy 718 during creep 
to provide suggestion on how to improve creep performance. The interrupted creep 
tests were designed and wrought and LPBF alloy 718 were analysed at breakpoints in 
secondary and tertiary creep regions. Thermal exposure of some LPBF specimens at 
the same breakpoints were also performed to understand the effects of load and 
temperature on the creep performance. Some of the key findings are summarised 
below: 

• The increase in grain size and precipitate density in the LPBF alloy 718 is an 

indication of unstable microstructure caused by an unsuitable heat treatment 

designed for wrought alloy 718. 

• The load applied during creep causes grains to elongate in wrought and LPBF 

alloy 718, resulting in an increase in crystallographic texture with time. 

Thermal exposure at 650℃ for over 540h was shown to eliminate texture in 

LPBF alloy 718. 

• Dynamic recrystallisation is responsible for the decrease in grain size in 

wrought alloy 718 during creep. The large variation in grain size for the 

thermally exposed specimen is a clear indicator of the inadequacy of the heat 

treatment employed. A stabilised grain size of 354 ± 48 μm was obtained after 

around 505h to 540h at 650℃, regardless of load applied. 

• An increase in the number of carbides in the wrought alloy 718 during creep 

caused damage to accelerate in tertiary creep which results in a reduced creep 

life compared to LPBF alloy 718, despite having similar minimum creep rates. 

• The increase in precipitate density (δ phase, carbides or Laves phase) during 

creep is detrimental to the creep performance as it does not allow as much γ’’ 

precipitation, which is the main strengthening mechanism for creep, and 

provides void initiation sites. 

• During thermal exposure, pores expand and result in an increase in porosity. 

However, this amount is still less than the porosity caused by microvoids and 

damage during creep. 

• The recommended microstructure for creep performance includes large 

equiaxed grains, elimination of texture, dissolution of Laves and δ phase and 

the precipitation of small carbides and γ’’ precipitates. It is surmised that this 

microstructure could be obtained by following Kouraytem et al.’s [297] 

recrystallisation heat treatment (625°C/h ramp up rate, a 1 h dwell time at 

1250°C, and a 625°C/h ramp down rate) and improve creep properties. This 

was not demonstrated in this work. 
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Conclusion 

To conclude, this thesis investigated the effects of HT, build orientation, scanning 
strategy and multi-lasers on the creep performance of LPBF alloy 718 and provided 
an insight into microstructural evolution during creep. The results showed that the 
best creep performance was obtained for 90° specimens with a Meander scanning 
strategy which obtained a creep life 24% longer than the wrought alloy 718 specimen, 
with a similar minimum creep rate. The use of multi-laser LPBF were also shown to 
result in positive effects as build time can be significantly reduced whilst having no 
detrimental effect on the mechanical performance. The evolution of the 
microstructure during creep also showed the instability of LPBF due to inadequate 
heat treatments and a new heat treatment was proposed. The key findings can be 
summarised as: 

• The creep response of the different LPBF specimens was anisotropic, clearly 

affected by the build direction and scan strategy employed. 

• Heat treatment reduces anisotropy and improves creep life by partial 
recrystallisation of the grains, dissolution of Laves phase, precipitation of δ 
phase and by reducing the crystallographic texture. 

• The density, size and orientation of δ-precipitates are key for creep 
performance as they impede void coalescence and hence slow the minimum 
creep rate.  

• The multi-laser scan strategy has the potential to control Nb-rich precipitates 
as the segregation of elements is controlled by the cooling rate during the 
melting of layers. 

• An increase in the number of carbides in the wrought alloy 718 during creep 

caused damage to accelerate in tertiary creep which results in a reduced creep 

life compared to LPBF alloy 718, despite having similar minimum creep rates. 

• LPBF components all had similar porosity (0.04% difference). 

• The build orientation and stress state of the specimens are responsible for 
the different failure modes, which all had ductile indicators with some 
cleavage steps. The various test cases presented different degrees of creep 
damage (microvoid coalescence).  

• The scanning strategy is responsible for the quantity of laser overlapping 
regions which have poorer creep resistance due to the presence of small 
equiaxed grains and a higher density of δ-precipitates. Perpendicular to the 
loading direction, these particles can increase the brittleness of the specimen 
and result in a lower creep resistance. 

• The multi-laser scan strategy was found to affect grain size. Larger grain sizes 
were seen in the 90° and 0° multi-laser Stripe Specimens (due to higher heat 
input and slower cooling rate during LPBF) and smaller grains in the 45° 
multi-laser stripe specimen (due to the higher cooling rate caused by 
supports structures acting as a heat sink during the build). 

• The increase in grain size and precipitate density in the 90° single-laser 

Meander HT specimen during creep and thermal exposure indicates an 

unstable microstructure caused by an unsuitable heat treatment designed for 

wrought alloy 718. 
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• By controlling the LPBF process parameters (such as laser shape, type and 

power), the size, distribution and amount of γ’’ and δ phase can be controlled. 

This work showed that heat treatment of wrought alloy 718 resulted in 

beneficial δ phase and hence, controlling these key precipitates can lead to 

an enhanced creep performance. 

 

The recommended microstructure for creep performance includes large equiaxed 

grains, elimination of texture, dissolution of Laves and δ phase and the precipitation 

of small carbides and γ’’ precipitates. It is surmised that this microstructure could be 

obtained by following Kouraytem et al.’s [297] recrystallisation heat treatment (625 

°C/h ramp up rate, a 1 h dwell time at 1250 °C, and a 625 °C/h ramp down rate) and 

improve creep properties. This was not proven in this work. 

 

Further research is recommended to focus on the following topics: 

• Testing additional build orientations and their effect on the failure mode and 
texture evolution. 

• Modelling creep using different models, including stress-based models which 
have the potential to take into account the residual stresses present in LPBF 
materials. 

• Modelling creep using a continuum damage model (e.g. Kachanov model) to 
take into account creep micro-mechanisms in LPBF. A model similar to 
Murchú et al. [179] could also be used to include the effect of precipitate 
evolution during creep in the material. 

• Undertaking more creep testing with different parameters (load, 
temperature) to allow a better understanding of the creep behaviour of LPBF 
alloys and to inform creep models to permit the extrapolation of data. 

• Attempting Kouraytem et al.’s [297] heat treatment to determine whether or 
not the desired microstructure and creep performance can be obtained.  

• Developing more process-structure-property relationships by testing 
different build orientations, scan strategies and laser types to engineer the 
microstructure to obtain desired properties. 

 

Overall, this thesis showed that LPBF components could perform better than 
wrought and conventional equivalents by developing an appropriate heat treatment 
and provides an insight into process-structure-property relationships for the creep 
properties of LPBF alloy 718. The results shown are promising, despite future work 
being required, and this work demonstrates the applicability of using LPBF for 
critical high temperature applications.  
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